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Effective mobility of BCC dislocations in two-dimensional discrete 
dislocation plasticity 
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A B S T R A C T   

Two-dimensional discrete dislocation plasticity (2D-DDP) has shown to be a powerful tool for studying micro- 
plasticity problems such as size effects in single crystals, fracture of bimaterial interfaces, delamination of thin 
films, fatigue crack growth etc. The power of 2D-DDP lies in the application of edge dislocation dipoles as the 
vehicle for plastic slip: the loss of accuracy in the description of dislocation structures is counter-balanced by its 
simplicity and the possibility to reach larger plastic strains. The constitutive rules for dislocation evolution in 2D- 
DDP used so far are tuned to FCC crystals and need to be modified to be used for BCC materials. One of the key 
challenges in extending the method to BCC materials is that, contrary to FCC, the mobilities of edge and screw 
dislocations in BCC crystals differ vastly from each other, so that the screw mobility will be rate limiting the 
plastic slip. Thus, a method is required to map the edge and screw mobilities of dislocation loops into an effective 
mobility to be used in 2D. To do so, we here propose a 3D-to-2D procedure that is based on the notion of 
conservation of in-plane plastic strain rate. The consequence of this approach is that the effective 2D mobility for 
FCC crystals is not simply equal to the uniform mobility of a dislocation loop, as has been assumed by all 2D 
models to date, but also on the size of edge dipoles. In order to assess the consequences of this departure from the 
current literature, we considered a few key problems involving plasticity size effects and crack growth, and 
compared the predictions assuming constant mobility versus the proposed effective mobility. After observing 
that, overall, the predictions do not deviate substantially, we proceed with application of the 3D-to-2D procedure 
to compute the effective 2D mobility for BCC materials based on their edge and screw mobilities. The validation 
of the approach is done by comparison of the predicted rate sensitivity of polycrystalline iron with the experi-
mental rate sensitivity at room temperature, which are found to be in fairly good agreement.   

1. Introduction 

Dislocations are the fundamental carriers of plastic flow in ductile 
crystals. The discreteness of dislocations plays an important role at the 
micron/sub-micron scale where several features of deformation are 
directly affected by the motion and interaction of individual disloca-
tions. While the dislocations are averaged in a continuum sense in 
traditional continuum plasticity models, atomistic models cannot 
address large numbers of dislocations. This has led to the emergence of 
the discrete dislocation plasticity (DDP) methodology which, in terms of 
length and time scales, sits between continuum and atomistics plasticity; 
that is, it adopts a continuum description of the crystal lattice while 
retaining dislocations as discrete entities (see Po et al. [1] and El-Awady 
et al. [2] for comprehensive reviews). Fully three-dimensional disloca-
tion dynamics simulations have been extensively used to investigate 

microplasticity and the associated dislocation microstructure but 
despite recent accelerations [3] they suffer from the high computational 
burden associated with the complicated geometry of dislocation loops 
and their complex interactions in 3D [4]. Simplification of the loop 
shape, as proposed very recently in [5], indeed drastically reduces 
computing times, but the implications of the assumptions made have not 
been fully assessed. Therefore, the use of two-dimensional plane strain 
DDP models (2D-DDP) has been popular during the past two decades, 
especially after the inception of a versatile superposition method for 
solving complex boundary value problems by Van der Giessen and 
Needleman [6]. Even though it cannot capture detailed aspects of 3D 
dislocation microstructures, 2D-DDP has shown to be a powerful tool in 
understanding many aspects of dislocation physics. It has been suc-
cessfully applied to study some key micro-plasticity problems such as 
size effects in single crystals [7,8] and polycrystals [9], bending [10], 

* Corresponding author. 
E-mail address: E.van.der.Giessen@rug.nl (E. Van der Giessen).  

Contents lists available at ScienceDirect 

Computational Materials Science 

journal homepage: www.elsevier.com/locate/commatsci 

https://doi.org/10.1016/j.commatsci.2020.110129 
Received 6 March 2020; Received in revised form 2 October 2020; Accepted 4 October 2020   

mailto:E.van.der.Giessen@rug.nl
www.sciencedirect.com/science/journal/09270256
https://www.elsevier.com/locate/commatsci
https://doi.org/10.1016/j.commatsci.2020.110129
https://doi.org/10.1016/j.commatsci.2020.110129
https://doi.org/10.1016/j.commatsci.2020.110129
http://crossmark.crossref.org/dialog/?doi=10.1016/j.commatsci.2020.110129&domain=pdf
http://creativecommons.org/licenses/by/4.0/


Computational Materials Science 187 (2021) 110129

2

fatigue crack growth [11], fracture of bimaterial interfaces [12] and 
plastic deformation in thin films [13,14]. 

Though widely applied, the existing 2D-DDP framework is limited to 
face-centered cubic (FCC) crystals. In order to study microplasticity in 
body-centered cubic (BCC) crystals, the framework needs to account for 
important aspects of plasticity in BCC crystals that are distinctly 
different from FCC crystals. One of these key differences, apart from the 
different slip systems, is that screw and edge dislocations in BCC crystals 
have vastly different mobilities: the screw segments are much less mo-
bile than non-screw segments owing to a high lattice friction experi-
enced during their motion. This is due to the non-planar cores of the 
screws which makes it difficult for them to move, especially at low to 
moderate stress levels and temperatures (see [15,16]). As a conse-
quence, during plastic deformation, the loops become elongated due to 
the fast-moving edge segments, resulting in a high density of slow 
moving screw dislocations. Therefore, screw dislocations are established 
to be the dominant defects governing the plastic deformation in BCC 
crystals with their mobility controlling the rate of the deformation. 
However, in 2D-DDP only edge dislocations exist. To simply assign these 
edge dislocations either the mobility of pure edge or pure screw seg-
ments would be an inaccurate representation of the BCC dislocations in 
two-dimensions. 

The objective of the present work is to devise and establish a meth-
odology to incorporate the widely different edge and screw mobilities 
into an effective mobility Meff that can represent BCC dislocations in 2D- 
DDP. To this aim, and after a recap of the objectives and limitations of 
2D-DDP, we propose a 3D-to-2D procedure in Section 3 which projects 
the expansion of a 3D dislocation loop to 2D dipoles based on the con-
servation of in-plane plastic shear rate. The resulting effective mobility 
of 2D dislocations in FCC crystals is found not to be constant, as assumed 
till date in 2D-DDP computations, but to be a function of loop size. To 
asses the influence of this discrepancy on past results obtained by simply 
assuming a constant effective mobility, a number of key 2D-DDP pre-
dictions published in the literature are re-explored in Section 4. After 
observing that, overall, the predictions do not deviate substantially, we 
proceed in Section 5 by applying the 3D-to-2D procedure to compute the 
effective 2D mobility for BCC crystals based on their edge and screw 
mobilities. In order to validate the obtained effective mobility, 2D-DDP 
predictions of the rate sensitivity of the yield strength in α-iron at room 
temperature are compared against experimental data available in the 
literature. Section 6 describes the employed 2D-DDP framework for the 
prediction of the rate sensitivity and the validation approach. The rate- 
sensitivity calculations are then presented in Section 7 and the findings 
are discussed in Section 8. Finally, the important conclusions and im-
plications of the study are shortly summarized in Section 9. 

2. Two-dimensional DDP 

The field of discrete dislocation plasticity was initiated by a long-
standing interest in dislocation pattern formation. Ghoniem et al. and 

Kubin et al. pioneered with simulating the dynamics of systems of par-
allel edge dislocations under the influence of long-range interactions 
between dislocations, e.g. [17–19]. In a second stage, it was realized that 
moving edge dislocations can be used to describe mesoscopic plasticity, 
as a phenomenon emerging from the continuously evolving slipped 
distance. By construction, the evolution of parallel edge dislocations 
generates plane strain plastic deformation. Rice [20] showed that this 
can be reconciled with the 12 slip systems of type {111}〈110〉 of FCC 
crystals by considering edge dislocations to glide on three effective slip 
systems, as illustrated in Fig. 1; for example, by assuming equal activity 
in the [110] and [011] directions on the (111) plane yields a slip plane for 
2D-DDP in the [121] direction. A similar construction leads to three 
effective slip planes for 2D-DDP of BBC crystals having 12 slip systems. 

Plastic deformation can be either computed explicitly as the average 
plastic strain rate over small samples of volumes (see, e.g., [21]) and 
passed-on to a crystal plasticity model or determined implicitly by 
keeping track of the motion of individual dislocations while solving a 
boundary-value problem [6]. In either approach, and following [18,6], 
the long-range interactions between dislocations are incorporated 
directly through the continuum elastic fields, while short-range in-
teractions are formulated as distinct constitutive rules. These constitu-
tive rules for edge dislocations are designed to be simple, yet without 
compromising the essential physics. For this reason, in 2D we use 
dislocation dipoles, where the sign of the Burgers vector magnitude 
reflects the line direction (into or out of the plane of consideration). Such 
a dipole can be regarded as a sideview or a projection of a dislocation 
loop in a direction parallel to the loop, as illustrated in Fig. 2. In this 
way, the displacement discontinuity is contained on the line between the 
two edge dislocations, just like the displacement discontinuity in the 3D 
view is bounded by the dislocation contour. 

This projection from 3D loops to 2D dipoles has been used explicitly 
to define the Frank-Read source in 2D-DDP. In 3D, a Frank-Read source 

Fig. 1. Effective slip systems in FCC and BCC crystals allowing for plane strain plastic deformation in the respective x1–x2 planes according to Rice [20]. 3D slip 
systems are shown dashed, while effective 2D slip planes are indicated with thick lines. 

Fig. 2. (a) Top view of dislocation loop on slip plane and (b) side view of edge 
dipole with the same Burgers vector as a 2D projection. 
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is a pinned dislocation segment that bows out in the direction of its 
Burgers vector under the influence of an applied shear stress; when the 
stress is sufficiently high, the bowed-out configuration becomes unsta-
ble, the loop bows around the pinning points until segments with 
opposite line direction meet, annihilate and leave a free dislocation loop 
and a copy of itself. In 2D, the Frank-Read segment is projected onto a 
point, which generates a dislocation dipole when the shear stress has 
maintained the critical value τnuc (representing the stress for which the 
bowed-out segment becomes unstable) for a sufficiently long time (to 
represent the time between the unstable configuration at τnuc and the 
complete loop) [6,22]. Frank-Read sources emerge naturally during 3D 
dislocation dynamics simulations, but in most 2D simulations they are 
assumed to be present from the start of the simulation and interpreted as 
remainders from previous plastic deformation. The strength of a 
Frank–Read source is determined by the length of the generating 
segment [22], but in 2D the latter information is not available. The 
majority of 2D-DDP studies therefore simply assumed a Gaussian dis-
tribution of source strengths. Some years ago, however, Shishvan and 
Van der Giessen [14] returned to the relation between Frank–Read 
length and the critical stress τnuc and proposed a log-normal distribution 
of Frank-Read lengths that is restricted by the size of the grain. The 
resulting distribution of source strengths is nearly log-normal too; the 
lowest strength is determined by the largest grain and the strength is 
bounded at high values by the theoretical shear strength of the material. 
In order to account for the fact that bowing-out of sources may be 
constrained by various obstacles, the log-normal source strength in the 
model of Shishvan and Van der Giessen [14], τLN

nuc , is taken to be 
moderated according to 

τnuc = τLN
nuc + τ0

nuc, (1)  

with a material dependent parameter τ0
nuc that is determined by fitting 

the yield stress to experimental data. After having done so for free- 
standing copper micrometer thin films comprising columnar grains of 
a particular size and film thickness, Shishvan and Van der Giessen [14] 
were able to predict the size dependent response of films with other 
dimensions at remarkable quantitative precision. 

In materials that have not been produced by vapor deposition like 
thin films, but whose manufacturing has involved forming and heat 
treatments, there is a variety of obstacles such as inclusions, precipitates, 
forest dislocations on intersecting slip planes etc., that can hinder the 
glide of dislocations. These are explicitly modeled in 2D-DDP as point 
obstacles that are randomly distributed over the slip planes with a 
density ρobs. A dislocation arriving at such an obstacle gets pinned, 
possibly leading to the development of a dislocation pile-up. When the 

stress acting on the leading dislocation in a pile-up exceeds the obstacle 
strength τobs, it is released to move past the obstacle. 

2D-DDP, obviously, cannot account for the detailed short-range in-
teractions between dislocation loops leading to, for instance, locks 
which may subsequently act as obstacles or evolve into Frank-Read 
sources. The objective of DDP with straight edge dislocations is to pro-
vide a platform to describe plastic deformation taking into account the 
effects of long-range dislocation interactions and source-limited plas-
ticity. Despite its simplicity, DDP studies of FCC single crystals and 
polycrystals in 2D have shown to be able to capture size effects in, for 
example, tension [8], bending[10] and indentation [23]; to predict the 
Hall–Petch effect [9] and to provide insight in the dual role of disloca-
tions in crack propagation [24]. While these studies aimed primarily at 
qualitative results, it has also been possible to quantitatively predict size 
effects in thin films [13,14] and micro cantilevers [25] using dedicated 
models with appropriate fitting to a single set of experimental results. 
The dimensions of the regions analyzed in these cited works and the 
strain levels achieved are feasible thanks to the simplicity of the 2D 
model; similar studies in 3D would require dramatically more compu-
tational resources and more refined initial conditions. As a compromise, 
Benzerga et al. [26] proposed an extension of the set of constitutive rules 
summarized above which incorporate some short-range 3D effects. 

In this paper, we will stay with the standard 2D formulation and 
make a first step towards a DDP formulation for BCC crystals. 

3. Projection of dislocation mobility to 2D 

In FCC crystals, the mobility is uniform along a dislocation loop and, 
therefore, its value has been simply adopted in 2D discrete dislocation 
plasticity. However, in BCC crystals, the mobility along a loop depends 
on the nature of the dislocation segment—i.e., edge versus screw—with 
the screw segments generally being much slower. It is not obvious what 
mobility to use for dislocations in 2D-DDP for BCC crystals, but it is 
intuitive that the mobility of edge dislocations in 2D (or 2D dislocations) 
needs to reflect the slow-moving screw segments in terms of an effective 
mobility Meff . This idea is illustrated in Fig. 3. To achieve a functional 
form of Meff in terms of the mobility of a loop in 3D, we propose a 
projection method that is rooted in equating the plastic strain rate of a 
dislocation loop in 3D to that of a 2D dipole. Before computing the 
plastic strain rate of a loop, we first recapitulate some basic notions of 
plastic deformation produced by an expanding dislocation loop. 

An elliptical dislocation loop is considered to be representative of 
dislocations in both FCC and BCC metals at room temperature. Pio-
neering theoretical work by DeWit and Koehler [27] on the critical 
equilibrium shapes of dislocations in anisotropic crystals and subsequent 

Fig. 3. (a) Elliptical dislocation loop on x-z plane with Burgers vector b and major and minor axes, 2p and 2q, respectively. t and n are the unit line vector and unit 
normal vector of a dislocation segment, respectively. N is the unit normal to the x-z plane. Ms and Me are the mobilities of pure screw and edge segments, 
respectively. (b) Edge dislocation–dipole on the x-z plane, denoted by ‘T’ symbols with the as yet unknown effective mobility Meff . 
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refinements by Kovacs [28], Foreman [29] and Fitzgerald [30] predict 
the shape of dislocations to be elliptical with the major axis aligned with 
the Burgers vector due to the lower energy of pure screws compared to 
edges. Even though these studies did incorporate the crystallographic 
anisotropy, the conclusion relies on the assumption of isotropic 
mobility. With a strong anisotropy in mobilities of edges and screws in 
BCC crystals, the dislocation loops can become more elongated along the 
major axis. In-situ observations of dislocation kinetics in pure iron at 
room temperature by Caillard [31,32] indeed report the shapes to be 
approximately elliptical. There are studies such as [33,34] that predict 
the emergence of sharp corners in the equilibrium shapes; however, this 
occurs at very high temperature (̃1180 K) and hence, are ignored in our 
analysis. It is noted that by assuming an elliptical shape, factors like line 
tension and self energy that help to determine this shape are incorpo-
rated implicitly. 

In order to determine the plastic strain rate caused by the expansion 
of an elliptical loop, we consider the x-z plane to be the glide plane of a 
dislocation loop with Burgers vector b (magnitude b) along the x-axis, as 
shown in Fig. 3(a). The semi-major and semi-minor axes of the loop are 
denoted by p and q, respectively. Since the glide mobility of the loop M 
depends on the nature of a dislocation segment locally, it is taken to be a 
function of the angle θ between b and the line direction t i.e., M ≡ M(θ). 
This mobility determines the glide velocity vLP of a segment according to 

vLP = M
(
θ
)
Fn, (2)  

where Fn is the magnitude of the Peach-Koehler force resolved in the 
glide plane and normal to the segment. Under an applied shear stress σxy,

Fn is given by Fn = σxyb.The plastic strain rate tensor ε̇ induced by the 
expanding loop in a certain volume V is given by 

ε̇ =
1

2V

∮

vLP dl(N ⊗ b + b ⊗ N), (3)  

where the integral is the rate of change of the area swept by the loop and 
N is the unit normal to the slip plane. For the N and b as described by the 
loop in Fig. 3(a) and with the aid of Eq. (2), the only non-zero compo-
nent of ε̇ is given by 

ε̇LP
xy =

b
2V

∮

vLP dl =
b2

2V
σxy

∮

M
(

θ
)

dl. (4)  

(where the superscript LP is used to indicate quantities for a loop). The 
corresponding quantity for an edge dislocation dipole lying on the x-z 
plane, Fig. 3(b), with out-of-plane length L is given by 

ε̇DP
xy =

bvDP( 2L
)

2V
=

Lb2Meffσxy

V
, (5)  

where vDP is the glide speed of each of the dislocations (though in 
opposite directions) determined by vDP = Meffbσxy in terms of their 
effective mobility Meff . 

As mentioned previously, the projection of the mobility of a loop in 
an FCC crystal to a 2D description is facilitated by the fact that the 
mobility is uniform. Thus, an initially circular loop will remain circular, 
with major and minor axes equal to the diameter of the loop, D. In that 
case, with M(θ) ≡ M, Eq. (4) yields 

ε̇LP
xy =

πb2D
2V

Mσxy. (6)  

The requirement that the plastic strain rate ε̇DP
xy produced by the 

extending edge dipole in 2D be equal to the strain rate corresponding to 
the expanding loop, ε̇LP

xy according to (6), leads to the expression 

Meff =
πD
2L

M.

The emergence of the out-of-plane length L of the edge segments in 2D 

may seem to be a pathological consequence of the approach but can 
readily be eliminated by the requirement that the slipped areas are the 
same in 3D and in 2D, consistent with the equality of the plastic strain 
rates. This means that πD2/4 = sL, where s denotes the distance between 
the two edge dislocations. Hence L is at any instant given by 

L =
πD2

4s
, (7)  

and therefore 

Meff =
2s
D

M. (8)  

The key observation to make here is that the effective mobility for edges 
in an FCC crystal is, in general, not equal to the mobility of the loop. This 
is something that has not been incorporated in any 2D-DDP study known 
to the authors. Granted the principle of equality of plastic strain, this 
observation thus raises the question how large the effect of the 
discrepancy is on the results obtained by simply assuming the effective 
mobility to be equal to M. We will first explore this for a number of key 
2D-DDP predictions published in the literature in the subsequent 
section. 

4. Effect of effective versus fixed mobility in FCC materials 

4.1. Background and introduction 

As summarized in Section 2, 2D-DDP has been used extensively in 
studying the size-dependent plastic behaviour under tension of FCC 
specimens with dimensions below tens of microns. These studies aimed 
at revealing what the key physical mechanisms are behind, for instance, 
the Hall–Petch effect in bulk polycrystals [9] and to either falsify or 
substantiate strain gradient plasticity theories, see e.g. [35]. In view of 
the relevance for the behaviour of thin films, a significant fraction of 
these studies were performed for thin films with columnar grains, e.g. 
[13,36,14], a configuration that was investigated under plane strain 
conditions in experiments carried out by Xiang and Vlassak [37]. 

A second group of studies has been concerned with the effect of 
limited plasticity on crack propagation, either under monotonic or cyclic 
loading [24,11,12]. A two-dimensional analysis of such problems is 
justified as plastic deformation near the crack tip is predominantly plane 
strain under mode-I loading. While the studies cited above assumed 
isotropic elasticity, Shishvan and Van der Giessen [38] took the cubic 
symmetries of single crystals into account. 

These two characteristic classes of problems are revisited in the 
subsequent subsections by considering the mobility of the edge dislo-
cations to be governed by the effective mobility according to Eq. (8). In 
order to compute this effective mobility at every step, we not only need 
to keep track of the size of every dipole through 

ṡ = 2vDP,

but also the corresponding loop diameter D in 3D. Following [6], the size 
s0 of a freshly generated dipole in 2D is determined by their mutual 
attractive force and the strength of source strength τnuc through 

s0 =
μb

2π(1 − ν)τnuc  

with μ the elastic shear modulus and ν Poisson’s ratio. In 3D, when 
assuming that the critical shape of a bowed-out Frank–Read segment is 
semi-circular, the classical line-tension argument [29] yields that the 
critical diameter D0 for the same source strength is given by [26,14]. 

D0 = βnuc
μb
τnuc

, with βnuc =
1

2π

(

ln
D0

b
+ 0.5

)

.

Assuming that the initial diameter D0 and the initial dipole size s0 are 
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governed by the same ratio (7), the loop diameter can be readily 
computed at every moment from the current dipole size s using 

D = D0
̅̅̅̅̅̅̅̅̅
s/s0

√
.

4.2. Size effects in single and polycrystals 

Fig. 4 depicts the problem under consideration: a unit cell of length w 
out of a free-standing thin film of thickness h, which is subjected to a 
prescribed tensile strain ε. The unit cell contains eight grains of width d, 
each having three effective slip systems (see Fig. 1) but with random 
orientation ϕ relative to the tensile direction. Just like in [13,14], the 
boundaries of the grains that coincide with the traction-free boundaries 
along the top and the bottom of the film are transparent to dislocations, 
while the grain boundaries inside the film are assumed to be impene-
trable for dislocations. Furthermore, it is assumed that the grains contain 
dislocation sources at a density of ρnuc = 30 μm− 2, which obey a log- 
normal distribution of strength as discussed in Section 2 with τ0

nuc =

47 MPa, but are free of obstacles. In order to allow for a clean com-
parison, all parameter values are taken to be the same as in [14]: 
magnitude of Burgers vector b = 0.25 nm, shear modulus μ = 41 GPa, 
Poisson ratio ν = 0.34; applied strain rate ε̇ = 2500 s− 1. With these 

parameter values, [14] obtained very good agreement with the depen-
dence of the response on grain size and film thickness in thin Cu films 
found experimentally. 

Fig. 5 recapitulates some typical results from [14] for constant 
mobility, M = 104 (Pa s)− 1, and confronts them with corresponding re-
sults obtained by assuming the effective mobility according to (8) 
instead of the constant mobility. Evidently, there is no significant in-
fluence of the mobility law on the predicted response. The mobility of 
individual dipoles will be different, but apparently the interplay be-
tween the collective motion of many dislocations in the various grains in 
the film and dislocation generation eventually yields an almost identical 
overall response. 

One might think that the influence of the mobility fades during the 
averaging over the grains in the film. To gain some insight in this, we 
also investigate the behavior of single crystals with the same aspect ratio 
d/h = 1.5 and the crystal orientation ϕ = 45◦ (cf. Fig. 4). For each grain 
size, at least 10 realizations of randomly positioned sources have been 
analyzed (20 realizations for the middle grain size) and the mean stress 
response is shown in Fig. 6. We obtain a qualitatively similar grain size 
dependence as in the polycrystalline film, which again is not affected 
significantly by using the variable, effective mobility instead of the 
underlying constant mobility of a dislocation loop. 

The observed size dependence, with smaller grains being harder, is 
qualitatively consistent with the Hall–Petch effect recovered in the study 

Fig. 4. Unit cell of a free-stranding thin film with thickness h comprising columnar grains having width d. The film is subject to an overall uniaxial strain ε under 
plane strain conditions perpendicular to the plane of observation. Grains are of FCC type and have the three effective slip systems; the orientation of each grain is 
specified by the acute angle ϕ of one of the slip planes with the direction of straining. 

Fig. 5. Predicted size dependence of the uniaxial stress–strain response of 
polycrystalline thin films from 2D DD simulations at constant dislocation 
mobility M and with the effective mobility Meff according to Eq. (8). There are 
eight randomly oriented grains in the unit cell, and grain sizes vary from small 
(d = 0.5 μm), through medium (d = 1.5 μm) to large (d = 3 μm) size. In all 
cases, the film thickness is h = d/1.5 so that the grain aspect ratio is constant. 
The response is averaged over multiple realizations and the error bars denote 
the standard deviation from the mean. 

Fig. 6. Predicted size dependence of the uniaxial stress–strain response of 
single crystals from 2D-DDP simulations at constant dislocation mobility M and 
with the effective mobility Meff according to Eq. (8). Grain sizes d vary as 
indicated, with the film thickness given by h = d/1.5. The response is averaged 
over multiple realizations and the error bars denote the standard deviation from 
the mean. 
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Fig. 7. Model formulation for crack propagation under small-scale yielding conditions in an FCC crystal under mode-I conditions. (a) The crack coincides with a 

(010) plane, has its front in the 
[
101

]
direction and grows in the [101] direction. The slip systems (i) through (iii) are oriented in agreement with the effective slip 

systems proposed by Rice [20], and discrete dislocations are constrained to move inside a process window. Reproduced from [38]. (b) The traction–separation law, 
given in Eq. (9), used ahead of the crack tip to describe propagation of the crack. 

Fig. 8. Normalized applied stress intensity as a function of crack extension Δa in a single FCC crystal with four different realizations of dislocation sources and 
obstacles, analyzed with a fixed dislocation mobility M as well as with effective mobility Meff according to Eq. (8). 
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of doubly periodic arrays of grains by Balint et al. [9]. It bears emphasis, 
however, that while the size effect in the latter study was attributed to 
the development of pile-ups against the impenetrable grain boundaries, 
here only the vertical grain boundaries are impenetrable, thereby 
diminishing the effect of pile-ups. At the same time, there is an addi-
tional inherent size dependence in the log-normal distribution of source 
strengths. It is the latter feature that is responsible for the agreement of 
the entire stress–strain curve with experiments in [14], while the size 
independent nucleation model of [6] used in [13] only yields agreement 
in terms of the yield strength. 

4.3. Crack growth in single crystals 

The overall stress–strain response of a single crystal still averages out 
over many discrete slip planes. By contrast, crack growth in a crystal 
with a small plastic zone is governed by the local stress field near the 
crack tip. This stress field is the superposition of the remote elastic field 
and the stress fields of the dislocations present in the crystal. A fraction 
of these dislocations have caused plastic relaxation and shield the crack 
tip, but also anti-shielding dislocations get generated. Indeed, Clever-
inga et al. [24] have concluded that discrete dislocation plasticity near 
crack tips has two opposite effects: energy dissipation associated with 
stress relaxation and the development of localized, high-stress regions 
by dislocation structures close to the crack tip. 

The problem studied first in [24] and more recently within the 
framework of anisotropic elasticity in [38] is sketched in Fig. 7(a). 
Small-scale yielding conditions around the tip of an infinitely long 
crystal are assumed, with the remote mode-I loading prescribed in terms 
of an incrementally increasing KI elastic field. Crack growth is described 
in terms of a cohesive law that is based on the universal binding law and 
characterized by the following relation between the opening traction Tn 

and the separation Δn: 

Tn

(

Δn

)

= σmax
Δn

δn
exp

(

−
Δn

δn
+ 1

)

. (9)  

As a consequence, crack propagation is governed by two parameters: the 
cohesive strength σmax and the critical opening δn, or the work of sepa-
ration ϕn = exp(1)σmaxδn. In the absence of dislocation activity, this 
cohesive law predicts unstable crack growth at an applied stress in-

tensity factor K0 =
̅̅̅̅̅̅̅̅̅̅̅̅̅̅
ϕn/CG

√
with CG = 1

2
(
1 − ν

)/
μ for isotropic elasticity 

(the expression for cubic elasticity can be found in [38]). 
In the presence of dislocation activity that tends to shield the crack 

tip, part of the energy released by crack growth is dissipated, thus 
requiring higher values of KI for continued crack growth. This is illus-
trated in Fig. 8 for four realizations of source and obstacle distributions 
at a density of ρnuc = 32 μm− 2 and ρobs = 32 μm− 2, respectively. In these 
computations, since the crystal is infinitely large, the original size- 
independent source model of [6] is adopted, characterized by a 
Gaussian distribution of strength with mean value of 50 MPa and a 
standard deviation of 10 MPa. The obstacles have a strength of τobs =

150 MPa and the loading is applied at a constant rate of K̇I =

100 GPa m1/2 s− 1. 
We observe that for each realization, there is a noticeable effect of 

using the effective dislocation mobility instead of the constant mobility, 
M = 104 (Pa s)− 1, as adopted in previous work [24,38]. However, the 
magnitude of the effect is smaller than the variability in the crack 
extension curves among different source and obstacle distributions, so 
that all previous discrete dislocation results on crack growth paper are 
essentially unchanged when taking the effect of dislocation loop size on 
mobility into account. 

5. Effective 2D mobility in BCC crystals 

The results from the previous section indicate that the effective 2D 

mobility can be safely used in the case of FCC crystals. Building on a 
similar notion, in this section, we develop the effective 2D mobility in 
BCC crystals based on the same principle of conserving the plastic strain. 

One difference with FCC crystals is that the dislocation mobility in 
BCC is not constant along a loop: the screw mobility Ms is often signif-
icantly lower than the mobility of edge segments, Me. To account for the 
variability of dislocation mobility with the character of the dislocation 
segment, the glide mobility of the loop is taken to follow the widely used 
BCC0 construction [39] where the mobility of any dislocation segment is 
given by 

M
(

θ
)
=

(
M2

esin2θ + M2
s cos2θ

)1/2
, (10)  

with θ the orientation of the dislocation line direction with respect to the 
Burgers vector, as indicated in Fig. 3. Following Section 3, we impose 
that the plastic strain rates in 3D and 2D be the same, by equating Eqs. 
(4) and (5) to give the following intermediate form of the effective 
mobility: 

Meff =
1/V

2L/V

∮
(
M2

esin2θ + M2
s cos2θ

)1/2 dl. (11)  

With small re-arrangements, this expression can be written as 

Meff =

∮
dl/V

2L/V

∮ (
M2

esin2θ+M2
s cos2θ

)1/2 dl
∮

dl
=

ρ3D

ρ2D

∮ (
M2

esin2θ+M2
s cos2θ

)1/2 dl
∮

dl
,

(12)  

in terms of the dislocation densities for the loop and edge dislocation 
dipole, ρ3D =

∮
dl/V and ρ2D = 2L/V, respectively. When these densities 

are taken to have the same value, Eq. (12) can be further evaluated to 
yield 

Meff = Ms E
[

1 −
M2

e

M2
s α2

]
/

E
[

1 −
1
α2

]

, (13)  

where α = p/q is the aspect ratio of the elliptical loop and E[⋅] denotes 

the complete elliptic integral, E[k] =
∫ π/2

0

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
1 − ksin2θ

√
dθ, which emerges 

as a consequence of integration along an elliptical arc. 
We further explore the dependence of Meff on α for values Me =

10000 Pa− 1s− 1 and Ms = 100 Pa− 1s− 1, which are representative for 

Fig. 9. Variation of effective mobility Meff corresponding to dislocation loops of 
increasing aspect ratio α = p/q in α-iron. The representative average value 〈
Meff〉 is indicated by the dashed line. 
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α-iron at room temperature. The same value of Me has been found in a 
molecular dynamics study of the 1/2〈111〉(110) edge dislocation in BCC 
Fe [40], but Queyreau et al. [41] reports a slightly lower value. 
Following Tang and Marian [42], we take the screw mobility to be two 
orders of magnitude smaller than Me for α-iron at room temperature. For 
these values of Ms and Me, the dependence of the effective mobility 
according to Eq. (13) on α = p/q is shown in Fig. 9. Assuming that loops 
are initially circular (α = 1), Meff(α) begins at a value that is signifi-
cantly lower than the pure edge mobility Me, and decrease with 
increasing α. This trend is easily understood by noting that the loop 
becomes more screw-like with increasing aspect ratio, and therefore the 
low screw mobility plays an increasingly important role. 

The maximum aspect ratio αmax a dislocation loop can achieve is 
limited by Me/Ms (= 100 in this case), as also reported by Kang et al. 
[43] for faceted dislocation loops in BCC. This can be readily appreci-
ated by considering an arbitrary dislocation loop with initial (at time t =

0) semi-major and -minor axes, p0 and q0, respectively. Since the major 
and minor axes at any time t > 0 are governed by the mobilities of pure 
edge and screw segments, respectively, the time-dependence of the 
aspect ratio is given by 

α =
p0 + Meτbt
q0 + Msτbt

. (14)  

In the limit of t→∞, this expression reduces to α→Me/Ms, implying that 
in real dislocation microstructures, loops can have any aspect ratio 

between the minimum of 1 and the maximum of αmax. If one would want 
to incorporate the associated variation in effective mobility seen in 
Fig. 9, one would need to keep track of the aspect ratio of every loop in 
3D that is represented in the 2D simulations. Not only would this require 
a major modification of existing codes, it would nearly defeat the 
simplification obtained in a 2D computation. As an alternative, and 
without a bias to any aspect ratio, we here propose to take the mean 
value of the effective mobility over the possible α-range as a represen-
tative value of the effective mobility; this evaluates to 〈Meff〉 =

475 Pa− 1s− 1 for α-iron. In the subsequent section, we describe the 
methodology to validate the obtained effective mobility, by comparison 
with the rate sensitivity of α-iron in 2D-DDP. 

6. Methodology 

The sensitivity of the plastic flow stress to the applied loading rate 
has been characterized extensively in the literature [44–47]. In general, 
the flow stress is observed to rise slowly at low strain rates and to in-
crease more rapidly at high strain rates (typically for ε̇ > 103 s− 1). The 
increase in flow stress is attributed to different mechanisms in the two 
strain rate regimes: plastic strain at low strain rates is governed by 
thermal activation while at high strain rates, the mobility of dislocations 
is the limiting mechanism [44,48]. In addition, the 2D-DDP simulations 
on FCC polycrystals by Agnihotri and Van der Giessen [49] suggested 
that the Frank-Read mechanism is rate-limiting in the lower end of this 
high strain-rate regime. Recently, Cui et al. [50] emphasized the motion 
of screw dislocations in controlling the strain-bursts in tungsten pillars at 
high strain rates. As the rate sensitivity of the flow stress at high strain 
rates is directly coupled to the mobility of dislocations [49], we will 
compare 2D-DDP predictions of the rate sensitivity of flow stress at high 
strain rates in iron (at room temperature) against experiments. The 
experimental data to be used is the flow stress of as-received iron over a 
wide range of strain rates reported by Weston [51]. Of the data repro-
duced in Fig. 10, only the three highest strain rates will be used, to 
ensure we are in the mobility-controlled regime. The three flow stress 
values at the highest strain rates reported in Fig. 10 are the peak stress 
values (of the yield point phenomenon) occurring at ̃10% total strain 
[51] which is too large to be reached in 2D-DDP. Instead of these peak 
stresses, we will use the yield stress (flow stress at 0.2% plastic strain) at 
the highest strain rates, as extracted from the stress–strain curves in 
Weston [51]. It should be noted that the rate sensitivity of flow stress is 
independent of the strain at which the flow stress is measured, as was 
also observed by Ostwaldt et al. [52]. 

To predict the rate sensitivity in iron, the polycrystalline 2D-DDP 
framework with elastic anisotropy of Shishvan et al. [53] is employed. 
Polycrystalline iron is modeled as a two-dimensional array of square 
grains sized d, as shown in Fig. 11(a). Each grain is endowed with three 
effective slip systems consistent with plain-strain deformation in BCC 

Fig. 10. Rate dependent flow stress of as-received Iron [51], shown with ‘▿’ 
symbols. The yield strength at the three highest strain rates has been super-
posed with ‘o’ symbols. 

Fig. 11. (a) BCC Polycrystal comprising of two-dimensional array of square and randomly oriented (illustrated with grey scale) grains of size d and subjected to 
uniaxial strain rate loading (b) the plane-strain state of a BCC crystal: three effective slip systems under plain-strain condition on [101]–[010] plane. These slip- 
systems are randomly oriented with respect to the global coordinate system x-y. 
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crystals [20], see Fig. 11(b). By geometry, the effective lengths of the 
Burgers vectors on the three slip systems (i), (ii) and (iii) are b/

̅̅̅
3

√
, b and 

b, respectively. The grains are randomly oriented such that there is no 
texture in the polycrystal. All grain boundaries are assumed to be 
impenetrable to dislocations and there is a distance of 200b between 
parallel slip planes in a slip system. The top and bottom surface of the 
bulk polycrystal are assumed to be traction free, while a tensile strain 
rate is imposed at the ends. The computational cell is taken to comprise a 
4 × 8 array of rectangular grains of size d = 10 μm. The choice of four 
layers is motivated by previous DDP studies that have shown that free- 
surface effects fade from three layers onwards [36] while eight grains 
per layer were enough to give a statistically meaningful average tensile 
response of copper [14]. The grain size in Weston [51]’s experiments is 
̃45 μm, but a grain size of 10 μm is used in the computations; the latter 
value was found to be sufficiently large to prevent grain size effects, yet 
small enough for the calculations to be computationally convenient (see 
Appendix A). Material parameters for single crystalline iron are b =

0.25 nm and C11 = 229 GPa, C12 = 134 GPa and C44 = 115 GPa. Due to 
the limited number of grains in the computational cell, the predicted 
overall Young’s modulus may deviate slightly from the experimental 
value; we adopt the correction proposed by Shishvan et al. [53] to 
ensure that the overall Young’s modulus corresponds to the experi-
mental value E = 210 GPa [54]. 

The grains are initially dislocation free and dislocation nucleation is 
incorporated through point sources randomly distributed over the slip 
planes with a source density ρnuc. These sources mimic the Frank-Read 
mechanism in two dimensions (see Section 2); that is, when the 
resolved shear stress at a source exceeds its strength τnuc, an edge- 
dislocation dipole is created, with its sign being determined by the di-
rection of the resolved shear stress. 

7. Results 

The DDP model contains four parameters that are, as of yet, un-
known: ρnuc, τnuc, ρobs and τobs. Together with the dislocation mobility, 
these parameters control plasticity properties such as strain hardening 
and yield stress. Inspired by the power of the approach demonstrated in 
[14] for free-standing copper thin films, we will fit these source and 
obstacle parameters to the uniaxial response of iron for a particular 
strain rate, and then predict the flow stress at other strain rates. Since the 
highest strain rates can be analyzed most quickly, parameter identifi-
cation is carried out for the highest strain rate reported in Fig. 10: ε̇ =

5200 s− 1. There is no unique way to fit the four source and obstacle 
parameters from a given stress–strain curve; we will adopt a similar 

procedure as the one used successfully by Shishvan and Van der Giessen 
[14] for obstacle-free copper thin films. 

The approach is as follows. First recall from Section 2 that the dis-
tribution of source strengths is assumed to follow-up a log-normal dis-
tribution that is governed by the grain size and by the theoretical 
strength. For the chosen grain size of 10 μm, this leads to a log-normal 
distribution with a mean source strength τLN

nuc = 207 MPa. The off-set 
value τ0

nuc in (1) is initially set to an arbitrary value of 237 MPa, and 
will eventually be tuned to fit the calculated yield stress to the experi-
mental value at the highest strain rate. Next, the source density is set so 
that there are enough dislocations sources to properly sample the log- 
normal distribution. Since in this study there are more, and larger, 
grains, we do not need as many sources as used by Shishvan and Van der 
Giessen [14]: a density of ρnuc = 20 μm− 2 ensures that the log-normal 
distribution of strengths is represented accurately (i.e., with a 
maximum error of 12.5% at a confidence level of 90%). This value can 
be used for all strain rates since Agnihotri and Van der Giessen [49] have 
shown that the rate sensitivity of an FCC polycrystal is independent of 
the source density. Thus, we are left with two unspecified material pa-
rameters, i.e. obstacle density ρobs and obstacle strength τobs, both of 
which were not considered in the thin-film studies of [14] as they con-
tained a very low initial dislocation density. Whereas hardening in those 
copper thin films, with columnar grain sizes around 1 μm, arises from 
dislocation pile-ups against the grain boundaries, hardening in poly-
crystalline bulk iron with grains of > 10 μm in 2D will have to arise from 
obstacles such as forest dislocations and small precipitates. Leaving the 
details to the subsequent subsection, the obstacle parameters will be 
determined by fitting the experimental strain hardening rate. 

7.1. Calibration of obstacle parameters 

Fig. 12(a) shows the predicted tensile stress–strain response of iron at 
ρobs = 3ρnuc for a wide range of obstacle strengths. Each of the predicted 
stress–strain curves presented here and in the sequel, is the mean 
response of the polycrystal averaged over ten realizations of crystal 
orientations and random distributions of sources and obstacles. The 
results in Fig. 12(a) reveal, in particular, significant strain softening after 
the yield point. This softening is to be attributed to the inefficiency of the 
obstacles to reduce the free-flight distance of dislocations; in the absence 
of any obstacles, the softening is even more pronounced (as demon-
strated in Appendix A). As expected, the softening reduces at higher 
obstacle strengths. However, even an obstacle strength as high as τobs =

21τnuc is not sufficient to produce realistic strain hardening as seen in 

Fig. 12. (a) Uniaxial tensile stress–strain curves at ε̇ = 5200 s− 1 with ρobs/ρnuc = 3. Contrary to the experimental results, the predictions for this obstacle density 
exhibit strain softening even at significantly high τobs/τnuc ratios (b) Uniaxial tensile stress–strain curves at ε̇ = 5200s− 1 and ρobs/ρnuc = 7. The stress response for the 
case τobs/τnuc = 7 (shown in orange solid color) satisfies the experimentally observed strain hardening rate. 
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experiments. This suggests there are insufficient obstacles in the simu-
lation cell. In previous 2D-DDP studies, the strain hardening slope has 
been observed to be much more sensitive to ρobs than to τobs. Therefore, 
we increased the obstacle density ρobs to 7ρnuc, closer to values used in 
[55,8]. A higher obstacle density not only leads to an increased proba-
bility of a dislocation getting pinned but also reduces the mean free path 
for dislocation glide, thus leading to a diminished plastic strain rate and 
increased strain hardening. 

For a similar range of obstacle strengths as considered before, Fig. 12 
(b) indeed shows that ρobs = 7ρnuc remedies the strain softening. Now, 
the value of τobs is chosen such that predicted strain hardening complies 
with the experimental strain hardening rate which at ε̇ = 5200s− 1 is 
estimated to be ∼ 10000 MPa from [51]. This leads to selecting τobs =

7τnuc (cf. Fig. 12 (b)). 
Lastly, we observe that the yield stress (at 0.2% plastic strain) pre-

dicted at the determined values of ρobs and τobs differs significantly from 
the experimental yield stress of ∼ 330 MPa. To fit the predicted yield 
stress to the experimental value, the fit parameter τ0

nuc is adjusted, so as 

to bring down the mean source strength τnuc from 444 MPa to 237 MPa. 
The change in τnuc, while maintaining the ratio τobs/τnuc, shifts the plastic 
branch of the stress–strain curves to the desired yield stress level without 
affecting the shape, as demonstrated in Fig. 13. 

7.2. Rate sensitivity prediction 

In the foregoing, the predicted yield stress at the highest strain rate 
has been fit to the experimental value. To test the rate sensitivity of the 
yield strength, the same material parameters are used for tensile simu-
lations at lower strain rates: ε̇ = 2000 and 200 s− 1. The resulting 
stress–strain curves at all strain rates are plotted in Fig. 14(a), while the 
extracted strain rate dependence of the yield strength is reported in 
Fig. 14(b). The predictions of rate sensitivity of yield stress by the 
effective mobility gives good agreement with the experimental values, 
with the prediction being slightly over-sensitive. 

8. Discussion 

To validate the effective-mobility approach, 2D-DDP simulations 
were employed to compare the prediction of the rate sensitivity of the 
yield stress at high strain rates in polycrystalline iron with experiments. 
Over the range of strain rates for which this comparison was possible, 
our predictions deviate from the experimental yield strength by less than 
8%. Based on this comparison, we conclude that the proposed projection 
method provides a good estimate of the effective mobility Meff of α-iron 
dislocations in 2D-DDP. 

Further, to assess the extent to which the effective mobility impacts 
the rate sensitivity prediction, we also calculated the rate sensitivity of 
iron by just using the screw mobility Ms as the mobility of the 2D dis-
locations and reported the result in Fig. 14(b) (see Appendix B for details 
of the fitting procedure). The rate sensitivity predicted for this mobility 
is observed to deviate substantially from the experimental data, with a 
deviation of at least 25% for the lowest strain rate considered here. The 
predicted σf vs ε̇ curve is steeper than that of the prediction by effective 
mobility, which is qualitatively consistent with the rate sensitivity of the 
yield stress in FCC crystals at high strain rates studied previously [49]. In 
fact, a slightly higher value of the effective mobility can even give a 
near-perfect agreement with the experimental rate-sensitivity, albeit at 
the cost of trial-and-error. 

The input parameters to the effective mobility computed from Eq. 
(13) are the mobilities of pure screw and edge segments (Ms and Me). In 
this work, the edge and screw mobilities were assumed to be constant in 

Fig. 13. Uniaxial tensile stress–strain curves corresponding to two different 
values of τnuc at ε̇ = 5200 s− 1. Reducing the τnuc from 444 MPa to 237 MPa 
uniformly shifts down the plastic response to the desired yield stress level, 
indicated by the dotted black lines. 

Fig. 14. (a) Uniaxial stress–strain curves of polycrystalline iron at various strain rates, obtained using the effective 2D mobility according to Section 5. (b) Predicted 
strain rate sensitivity of the yield stress in comparison with the experimental data from Weston [51]. The error bars represent the standard deviation of the yield 
stresses obtained from the 10 realizations of grain orientations and distributions of dislocation sources and obstacles. 
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stress such that the dislocation velocity follows a linear mobility law. 
While this typically holds true for edge segments, the screw segments 
move by thermally-assisted kink-pair nucleation and propagation at 
moderate to low temperatures. Their velocity follows an Arrhenius law 
which is nonlinear in stress. Several three-dimensional discrete dislo-
cation dynamics (3D-DDD) models, such as [56,57], have formulated 
phenomenological prescriptions of the nonlinear dependence of the 
screw velocity on stress and other variables, such as the length of the 
screw segments. While such details are important in 3D-DDD models, we 
have ignored them in the current analysis, primarily to demonstrate the 
viability of the notion of an effective mobility. Moreover, we note that 
the non-linearity decreases with increasing temperature and is essen-
tially absent at room temperature, i.e. the target temperature of this 
study. It also bears emphasis that the temperature dependence of the 

mobilities is directly incorporated into the effective mobility function 
through Ms and Me, as proposed by Po et al. [57]. 

One of the characteristic features of BCC metals is the existence of an 
athermal transition temperature Ta above which thermal activation of 
the slow moving screw segments is no longer rate limiting. Above Ta (for 
example, Ta = 340 K and 465 K, respectively for α-Fe and Ta [58]), the 
mobilities of screw and edge segments become comparable. The dislo-
cation dynamics and the resulting dislocation microstructures then are 
akin to that of FCC crystals [59]. The proposed 3D–2D conversion of 
dislocation mobility is consistent with this. When Me = Ms and α = 1, as 
is the case in FCC, Eq. (13) reduces to Meff = Me by virtue of the fact that 
E[0] = π/2. 

The projection method estimates the effective mobility of 2D dislo-
cations in iron to be ̃ 475 Pa− 1s− 1 by employing the values of Ms and Me 

at room temperature. For other BCC metals, for example, Tantalum and 
Molybdenum, the method estimates the effective mobility values at 
room temperature to be 323 and 97 Pa− 1s− 1, respectively, as shown in 
Fig. 15. Unfortunately, we are not aware of experimental rate-sensitivity 
data against which these values can be validated. 

A Peierls barrier for screw segments is not included in the formula-
tion here: the analysis begins with the assumption that the shear stress 
levels are high enough to set the dislocation loop into motion. If the 
Peierls stress is relevant, for instance in case of fracture studies [62], one 
may consider to explicitly incorporate it in 2D-DDP in the form of an 
effective Peierls stress τeff

p , defined in a similar way as we have defined 
the effective mobility Meff . This requires defining the Peierls stress along 
the elliptical dislocation loop by a smoothly varying function, such as, 

for example, τp(θ) = (τ2
e sin2θ + τ2

s cos2θ)1/2, with τe and τs the Peierls 
stress for pure edge and screw segments. A uniform effective τeff

p along 
the loop is then defined through 
∮

ellipse

τp

(

θ
)

dl =
∮

ellipse

τeff
p dl. (15)  

When τp(θ) is assumed to have a similar form as the mobility according 
to the BCC0 construction in (10), this procedure gives a similar 
expression for τeff

p as for Meff (Eq. 13) with Ms and Me replaced with τe 

and τs. The τeff
p at the initiation of the loop expansion can be estimated by 

substituting α = 1 in the equation. Just for illustration, using τe = 24.8 
MPa and τs = 248 MPa for Tantalum at room temperature [60], we find 
τeff

p ≈ 160 MPa. 

Fig. 15. The effective mobility Meff versus aspect ratio of dislocation loop α =

p/q for Iron, Tantalum and Molybdenum at room temperature. Ms =

100 Pa− 1s− 1 and Me = 2000 Pa− 1s− 1 for Ta [60] and Ms = 25 Pa− 1s− 1 and Me =

1000 Pa− 1s− 1 for Mo [61]. For each metal, the maximum aspect ratio αmax is 
given by the mobility ratio Me/Ms. 

Fig. A.1. (a) Uniaxial stress–strain curves for three different grain sizes at ε̇ = 2800 s− 1 (b) Corresponding dislocation microstructures at the end of simulations.  
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It bears emphasis that even after careful consideration of glide 
mobility and Peierls stress, 2D-DDP analyses are based on strong ide-
alizations and ignore a number of important 3D mechanisms, and hence, 
can only provide a qualitative description of plasticity. When carefully 
parameterized, however, it has been shown for FCC to possess quanti-
tative predictive abilities for the size-dependent yield strength in thin 
films [14]. The main goal of 2D-DDP is to capture the dislocation plas-
ticity rather than the dislocation microstructure. With this work, we 
have aimed to incorporate the slow-screw-dominated plastic deforma-
tion of BCC crystals in 2D in the form of an effective mobility. Other 
pertinent features of BCC crystal plasticity, such as non-Schmid 
behavior, need further attention and efforts to be addressed in 2D. 

9. Concluding remarks 

In summary, the key observations and conclusions from this study 
are:  

1. Dislocation dynamics methods for FCC crystals in the past have 
benefited from the fact that the mobility is uniform along the dislo-
cation loop. The screw segments of BCC dislocation loops, however, 
have a much lower mobility than edge segments. 2D discrete dislo-
cation plasticity for BCC crystals should therefore adopt an effective 
mobility that, somehow, incorporates this mobility difference.  

2. We have proposed a 3D-to-2D procedure to combine the screw and 
edge mobilities of BCC loops into an effective mobility for use in 2D, 
based on the equality of the plastic slip rate produced by dislocation 
loops in 3D and that by dislocation dipoles in 2D.  

3. The effective mobility of the BCC dislocations, strictly speaking, 
depends on the aspect ratio of the loop in 3D. For simplicity we 
propose to use the average value over all possible aspect ratios, so 
that the effective mobility can be directly computed from the edge 
and screw mobilities.  

4. The effective mobility thus obtained from the 3D-to-2D procedure is 
found to provide a good prediction of the rate sensitivity of yield of 
iron at room temperature. This gives some confidence that this 
method is useful for other BCC metals too. 
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Appendix A 

To select an appropriate grain size to model polycrystalline iron, the stress–strain response of iron single crystals with different grain size d is 
calculated at an applied strain rate of 2800 s− 1. Inspired by [14], the source density and the mean source strength are ρnuc = 30 μm− 2 and τnuc =

180 MPa, respectively, and the crystals are obstacle-free. The Burgers vector and the cubic elastic constants are taken to have the same values as 
adopted in the main text. 

As seen in Fig. A.1(a), the crystals with d = 10 μm and 25 μm exhibit a steady-state flow stress level preceded by an abrupt drop in the stress level. 
This dip is an artefact originating from the lack of initial dislocations and obstacles. The activation of a large number of weak sources at the beginning 
of plasticity leads to a burst in dislocation activity. In the case without obstacles considered in this Appendix, the nucleated dislocations freely traverse 
long distances across the slip planes before stopping at the boundary. Notably, the stress response of the crystal with d = 1 μm shows a strong size- 
effect, as also elucidated by the corresponding dislocation microstructure in Fig. A.1(b), revealing long pile-ups of dislocations against the crystal 
boundaries. The length of pile-ups is significantly shorter in the larger grain sizes. Crystals with the experimental grain size ̃45 μm [51] would also 
flow steadily at a constant stress level but would require excessive computational time due to huge number of dislocation sources. Therefore, the grain 
size of d = 10 μm is selected which is not only computationally less expensive but also prevent any significant size effects. The flow stress of the 25 μm 
sized grain is only slightly lower. In so far as this difference in flow stress between a grain of d = 10 μm and a bigger one is significant, it can be 
accounted for by varying the strength of sources τnuc as also discussed in the methodology section. 

Fig. B.1. Uniaxial stress-strain curves of polycrystalline iron at various strain 
rates, obtained using the screw mobility Ms.. 
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Appendix B 

In order to predict the rate sensitivity of iron using the screw mobility Ms, we follow the fitting procedure for the highest strain rate as described in 
the subSections 7.1 and 7.2. The mean source strength τnuc is initially set to an arbitrary value 444 MPa and a sufficiently high density of obstacles 
ρobs = 7ρnuc is chosen. The obstacle strength τobs is fit to the experimental strain hardening and is found to be 7τnuc. Lastly, to match the experimental 
yield stress, the source strength τnuc is adjusted to 208 MPa. With these parameters being fit to the highest strain rate, the stress response of the iron 
polycrystal at the lower strain rates is predicted and shown in Fig. B.1. The predicted values of 0.2% yield strength are included in Fig. 14(b). 
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