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Chapter 1

Introduction

The more original a discovery, the more obvious it seems

afterwards.

Arthur Koestler

This thesis presents three molecular dynamics studies of polymeric ensembles in

which the chain entanglement plays the major role in the internal dynamics of the

system. A coarse-grained model is used for representing the polymer chains as strings

of beads connected by finite-extensible springs. In a dense ensemble of such chains, the

strong bonds along the polymer backbone coupled with the repulsive Lennard-Jones

interaction between unconnected beads prevent the chains from crossing each other.

This results in an entangled system with motion restrictions for each chain imposed

by the intertwining with the neighboring ones. Studying the chain dynamics inside

entangled ensembles of identical chains is the main purpose of this thesis.

Due to the entanglement, the polymers are restricted to a reptation motion. The

chain movement is influenced significantly by chain length (N), temperature (T ) and

chain stiffness. In order to analyze the effect of these parameters, three systems were

investigated by computer simulation.

• The polymer melt: at relatively high temperatures, the ensemble of entangled

polymers behaves like a highly viscous fluid. Above the entanglement length

(N > Ne), in the reptation regime, the chain self-diffusion decreases with the

square of the chain length (N2). This is in contrast with a linear dependence on

N predicted by Einstein’s relations and applicable only to short chains in Rouse

regime.

• The polymer glass: as the temperature is lowered below the glass transition tem-

perature (T < Tg), the diffusion process ceases. The system enters the glassy state

characterized by structural arrest in which the local random bead motion is inef-

fective in inducing large scale chain diffusion.
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• The adhesion between two polymer bulks via connector chains: the adhesion

strength is measured in debonding simulations. As the two polymer bulks are

pulled apart the connector chains are forced to disentangle from the bulks fol-

lowing a reptation motion. Remarkably, the total work necessary to break the

adhesion is again proportional to the square of the connector length (N2). This

confirms that the entanglement of the connectors inside the polymer bulks is the

essential mechanism realizing the bondage.

The prominent contribution of this thesis is the systematic study of how these phe-

nomena are influenced by the chain stiffness, modeled by a bending potential and a

novel form of torsion potential acting on three, respectively four, successive beads along

the polymer backbone. By incorporating chain stiffness, our study shows that the effects

of chain entanglement become more evident: as chain stiffness is enhanced, the entan-

glement length (Ne) increases, the glass transition occurs at higher temperatures (Tg)

and the adhesion via connector chains becomes stronger.

The results reported in this thesis are based on a massive computational effort amount-

ing to about 10 CPU years.

1.1 Chain dynamics in entangled polymer ensembles

This thesis is concerned with the microscopic characterization of dense polymer chain

ensembles by coarse-grained molecular dynamics simulations. Two main research goals

are followed:

• the study of the conformation and motion of a polymer chain in entangled ensem-

bles depending on chain length, chain stiffness and architecture, or temperature;

• the establishment of general relationships between the microscopic properties and

the macroscopic behavior of the polymeric material such as the glass transition or

the mechanical behavior.

It is important to mention that the results reported in this thesis are relevant in allow-

ing a good understanding and prediction of the essential qualitative trends underlying

the statistical behavior of polymeric systems. Obtaining exact quantitative predictions

for a specific polymer with a given chemical structure remains a distant goal due to the

enormous complexity of the physical interactions, largely exceeding the concrete com-

putational power available. Nevertheless, the study performed in this thesis may be

the first step in the selection, improvement and design of better polymer products in an

industrial setting. This thesis will refer to one industrial application in particular: the

adhesion between two glassy polymers reinforced with connector chains.
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The beginning of the 20th century was marked by the invention of synthetic poly-

mers. This fact has led in short time to a growing industry with large applications ev-

erywhere in our life. Today, plastics frequently replace most traditional materials such

as wood, metal, glass, leather, paper and rubber because they can be more inexpensive,

lighter, stronger, corrosion resistant or durable. In fact, since the seventies, polymeric

materials used in the entire world quantitatively exceed any other material.

Polymeric materials are dense ensembles of large molecules formed by extremely

many atoms linked together by covalent bonds. The motion of the chains inside such

ensemble is ultimately revealed by the macroscopic properties of the material, which

motivates the great interest in understanding chain dynamics.

It is obvious that this is a very complex multi-body problem that has to account for

chain connectivity and for the interactions with the other chains that ultimately lead to

chain entanglement. Two of the most widely used theories for polymer melt dynamics

reduce the problem to a single chain moving in an effective medium: the Rouse model

for the simple case of unentangled chains (Rouse 1953) and the reptation model for entan-

gled chains (de Gennes 1979, Doi and Edwards 1989). In the Rouse model, a Gaussian

chain of beads connected by springs interacts with a stochastic medium that mimics the

presence of the other chains. As a consequence, the chain center of mass is subjected to

particle-like diffusion. In the reptation model, on the other hand, the polymer chain is

confined inside a “tube” formed by the constraints imposed by the entanglement with

other chains. The chain length at which these models overtake dominance is known as

the entanglement length Ne. This transition from the Rouse to the reptation regime has

been proved already by molecular dynamics simulations of polymeric ensembles using

coarse-grained models for polymer chains without chain stiffness enforcement (Kremer

and Grest 1990).

The reptation model was originally developed to describe the dynamics of a long

chain inside highly dense polymer melts. Nevertheless it is generally accepted that this

model might be applied, at least partially, also to the fracture behavior of amorphous

polymers (Evans 1987). Two facts sustain this assumption: (1) the configurational statis-

tics of amorphous polymers in the unstressed state, below their glass transition tem-

perature, are equivalent to those in the polymer melts (Kirste and Kruse 1975); (2) the

motion imposed to the polymer chains during the fracture process can be considered as

an accelerated reptation. In order to break the interface, polymer chains have to be ex-

tracted (and maybe broken) from an entangled ensemble of other chains. Their natural

diffusion process is accelerated in one direction, but the motion is restricted in the same

way: the polymer chain is pulled-out in a worm-like manner along an imaginary tube,

created by the neighboring chains (Prentice 1983, Prentice 1985).

Against this background, the present thesis is devoted to the study of the dynamics

of dense polymer chains ensembles in the melt and glassy state, and during the fracture
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of the interface between two polymer bulks reinforced with connector chains.

Following this challenging problem a number of fundamental research questions

have been investigated:

• What is the influence of the chain stiffness on the entanglement length at which

the motion of a polymer chain changes its style from Rouse to reptation behavior?

• Can the glass transition of a polymer ensemble be revealed by molecular dynamics

simulations using coarse-grained models? How is the glass transition temperature

affected by the stiffness of the polymeric chains?

• Is the motion of the polymer chain in melts similar with the motion of polymer

connector during the fracture of the interface between two polymer bulks rein-

forced with connector chains? How can the adhesion strength be controlled by

different connector architectures (chain length, chain stiffness, areal density of the

connectors at the interface, number of effective stitches at the interface)? And

what is the influence of the temperature or the separation rate in determining the

adhesion strength?

1.2 Bridging the gap between polymer physics and con-

tinuum mechanics

Bonding together existing polymers is a technical solution for creating new materials

with specific properties, at a relatively low cost. Unfortunately many useful polymers

are immiscible, thus having a very weak interfacial interaction. One way to reinforce

their junction is to add preformed copolymers at the interface as adhesion promoters

(Creton et al. 2001). These act like connectors between the polymer bulks and can effec-

tively ”sew” the junction and strengthen the interface adhesion. The obtained adhesive

bonding is required to resist a specific stress (a very high one in the construction or auto-

motive industry or a relatively low one for the packaging industry) at different loading

rates; to be adequate for different working environments and temperatures; and not the

least, to be an integral part of the new material by not changing its properties.

There are many ways in which the reinforcement may be acquired depending on

the areal density of the connector chains, their molecular weight and chain stiffness, the

effective way in which they weave back and forth across the interface thus creating one

or multiple stitches. In order to have a simple and inexpensive connector architecture

to lead to a specific adhesion strength intended for particular applications, experimen-

talists usually employ a trial-and-error process that works reasonably well but is very

expensive in cost and time. An attractive alternative for an effective selection is to use
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computer programs to simulate such multiple possibilities and to give guidelines for

synthesizing additives for specific effects wanted on the mechanical response and on

the interface strength. However, such achievement is not straightforward due to the

complexity of the adhesion process whose understanding involves multiple approaches

coming from chemistry, interfacial physics, and mechanics.

The only available method for the quantitative evaluation of adhesion strength is the

effective breakage of the interface. This justifies the traditional macroscopic approach of

studying polymer adhesion using continuum fracture mechanics. But since this was de-

veloped especially for steel and other metals some modifications have to be considered

to make it also applicable to polymeric materials (Williams 1984).

Fracture generally occurs because of the propagation of crack-like defects under the

influence of the surrounding stress field. At room temperature this usually takes place

in a rather brittle manner and, in a first approximation, the two bonded polymer bulks

may be treated as linear elastic solids (Fig. 1.1a). A crack will grow between them if

the energy-release rate reaches the value needed to create two dissimilar surfaces in the

same way a cohesive fracture has to create two similar surfaces (Griffith 1920). This

is indeed the case for brittle materials. However the polymeric materials are also well

capable of large deformations to quite large strains. As a result, their fracture energy is

many orders of magnitude greater than the surface energies. More than that the theo-

retical relation between fracture energy and surface energies is still unknown.

The generally accepted explanation for this difference is that the polymer–polymer

fracture is not a reversible process, but rather comprises many irreversible dissipative

processes, such as shear yielding and crazing. Furthermore, detailed investigation of

the fracture surfaces, using ion beam and X-ray scattering techniques (Kramer 1991,

Boucher et al. 1996), reveals that irregular material discontinuities appear at the crack

tip, so that the true surface area becomes greater than the planar geometrical area as-

sumed for the fracture initiation criterion.

The dissipative processes are intimately connected to the nature of the polymer ma-

terials that are formed by long and entangled chains. In order to fracture such materials,

polymer chains have to disentangle from the bulk region around the crack tip, individ-

ually or in fibrils of many chains that continue to deform plastically until complete

fracture.

During fracture it might happen that the size of the plastic deformation spans an

extended zone around the crack tip, comparable with the size of the sample (Fig. 1.1b).

One may describe this plastic deformation by means of a macroscopic continuum model.

An isotropic, strain-hardening model developed originally for metals, gives rise to sin-

gular stress–strain fields referred to as HRR fields (Rice and Rosengren 1968, Hutchinson

1984). To be more specific to the polymeric behavior a generalization of the HRR model

for non-linear viscoelastic materials can be used (Schapery 1984) or, instead, a phe-
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CH2

CH3

CH3

[ C ]
n

C O

O

plastic zone
ContinuumPolymer A

elastic solid

Polymer B
elastic solid

(e)

(a)

PMMA

Cohesive zone

Coarse−grained
polymer chains

(b)

(c)

(d)

Figure 1.1: A multi-scale model for polymer fracture: (a) the macroscopic scale at which the two

polymer bulks may be considered elastic solids, (b) the local plastic zone near the crack tip due

to shear yielding, (c) the small cohesive zone in which the molecular fracture mechanisms occur

(e.g. pullout of the connector chains) (d) the mesoscopic molecular scale in which the polymer

chains are treated as strings of beads connected by springs, (e) the atomistic scale that considers

the chemical detail of the polymer chain.

nomenological model based on micromechanical considerations of the strain softening

and re-hardening characteristics of glassy polymers (Wu and Van der Giessen 1995, Wu

and Van der Giessen 1996, Lai and Van der Giessen 1997).
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However, even though these are explicitly non-linear treatments, they do not take

into account the energy losses inside the confined zone in the proximity of the crack tip

as the crack propagates (Fig. 1.1c). This is a crucial zone since here the main fracture

mechanisms occur and compete with each other to give the final properties.

In the absence of knowledge of what really happens at this scale, the response of

this region is traditionally synthesized in a ”cohesive zone”, following the approaches

suggested by Dugdale (1960) and Barenblatt (1962). This zone could represent purely

brittle behavior in case of cleavage-like crack propagation or the behavior of a craze

formed by polymer fibrils being pulled-out from the bulk. Whatever the mechanism,

the properties of such a zone are collapsed into a cohesive law connecting traction on

the interface to the separation of the materials on either side.

Despite the importance of the molecular processes in adhesion strength, until the

present, the analysis of polymer fracture has mostly concentrated on macroscopic phe-

nomena. Nevertheless, some attempts have been made to incorporate the molecular

fracture mechanisms into continuum models by using phenomenological cohesive laws.

But, due to the lack of development of such laws for polymeric materials, these consti-

tutive relations were just borrowed from those developed for metals, in spite of the clear

distinction between the phenomenology of plastic deformation in amorphous polymers

compared to metals. For example, Rahul-Kumar et al. (1999, 2000), modeling fracture

during the peel test of viscoelastic polymers, has demonstrated the failure of metallic

cohesive law in describing polymer fracture. The major insufficiency of the cohesive

law used was its insensitivity to rate dependence specific for polymeric materials.

A long-term goal of the present work is to contribute to the development of reli-

able constitutive relations specific for the debonding of a polymer–polymer interface

reinforced with connector chains by performing molecular-dynamics simulations for

the polymeric material localized in front of the crack tip, see Fig. 1.1d. These novel

constitutive relations can be used as cohesive laws at the continuum level in a multi-

scale simulation. Such an implementation has been already done for simulating crack

growth in homopolymers: using a micromechanical model, a cohesive law for crazing

was derived and subsequently introduced in continuum fracture simulations (Tijssens

et al. 2000, Tijssens and Van der Giessen 2000).

The major contribution of the molecular dynamics outcome is that it naturally con-

tains the rate-dependent behavior of the system.

The model used at the molecular level, in our molecular dynamics simulation of

polymer-polymer adhesion, is a coarse-grained representation of polymer chain as con-

nected beads that replace one or more monomer units, see Fig. 1.1e. Such a simple

treatment was preferred for this study since it captures the nature of the polymer chain

ensembles (Kremer and Grest 1990) while allowing the simulation of sufficiently big

systems for relatively long time.
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1.3 Overview of the thesis

This thesis is structured in three main parts:

1. Basic concepts

2. Characterization of a dense ensemble of entangled polymer chains

3. Polymer-polymer adhesion reinforced with connector chains

The first part is written as a rather brief presentation of the theoretical concepts and

computer simulation technique further referred in the thesis.

First of all, in Chapter 2 a short introduction into polymer physics is given. It recapit-

ulates different polymer chain models and fundamental theories describing the polymer

chain motion in dense chain ensembles. Next, the macroscopic behavior is discussed as

it appears in more general applications: the glass transition, and the polymer adhesion.

The molecular dynamics technique used to simulate the polymeric materials is de-

scribed in Chapter 3. Without going in great detail, this chapter presents the backbone

of the molecular dynamics code developed during this PhD study. The emphasis is on

the description of the polymer chain stiffness as included in the coarse-grained model

used for polymer chain representation throughout this thesis.

Second part concerns the problem of how the chain stiffness and molecular weight

influence the chain motion in polymer chain ensembles at a specific temperature (Chap-

ter 4) and in a large temperature interval (Chapter 5).

The main objective of Chapter 4 is to see how the chain motion compares to the

classical theories (Rouse and reptation models) when the chain stiffness is enhanced.

Special importance is given to the chain stiffness influence on the entanglement length

Ne. This aim is acquired by diffusion coefficient calculations, Rouse mode analysis and

chain visualization.

Many polymer applications are found at temperatures below the glass transition

temperature, where the polymeric materials have special macroscopic properties in-

duced by, a still poorly understood behavior at the molecular scale. This motivated the

work from Chapter 5 to investigate the possibility of the model used here to capture the

glass transition in the simulated systems. Diffusion coefficient results combined with

the analysis of the autocorrelation functions for the torsion angle and for the end-to-end

distance are employed for the evaluation of the glass transition temperature in systems

with different chain stiffness.
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Chapter 6 presents a detailed investigation of polymer-polymer adhesion reinforced

with connector chains. This chapter builds on the knowledge gained in previous chap-

ters in order to understand the motion of the polymer chains induced by the fracture of

the interface. The ambition here is to provide valuable recipes of how to reinforce the

adhesion (areal density of the connectors, chain length and stiffness, number of stitches

at the interface) in order to obtain specific adhesion strength for different technical ap-

plications.

Finally, the conclusions and some further research directions envisaged for the future

are gathered in Chapter 7.





Chapter 2

Basic concepts of polymer physics

It doesn’t matter how beautiful your theory is, it doesn’t

matter how smart you are. If it doesn’t agree with experiment,

it’s wrong.

Richard Feynman

This chapter contains a short introduction into the polymer physics that is indispens-

able in understanding many polymer applications. It starts with the description of

the microscopic static and dynamic properties of polymer chains. To describe the poly-

mer conformations that are specific for polymer chains in dense polymeric systems,

isolated chain models are introduced. Then, the basic principles of polymer dynam-

ics are presented as they emerge from two fundamental theories: Rouse and reptation.

Since the microscopic properties and behavior strongly influence the macroscopic prop-

erties of polymeric materials, some general details of the glass transition of amorphous

polymers are illustrated. The chapter ends with a brief description of an application

where both microscopic and macroscopic properties are evidently revealed: polymer

adhesion.
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2.1 Polymer chain topology and characterization

Polymers are large molecules formed by extremely many atoms linked together by co-

valent bonds. They are synthesized by joining together, in a systematic way, groups of

relatively light and simple molecules generically named monomers. After such a linkage

process, called polymerization, the obtained polymers can have very different topolo-

gies: linear chains, rings, combs, or networks. It is due to the large diversity of constitu-

tive parts (mostly carbon, hydrogen, nitrogen grouped together in various monomers)

and to the countless topologies that very different polymers exist and exhibit a wide

range of properties.

This thesis is restricted to synthetic polymers such as poly(methyl methacrylate)–

PMMA (acrylic glass or Plexiglas) or polystyrene–PS which are linear polymers (with-

out branches) (Fig. 2.1).

CH3

OCH3

CH2 C H4 9 CHC

C O

H H CH2 H

n n
Poly(methyl mehtacrylate) Polystyrene

Figure 2.1: Poly(methyl methacrylate) (PMMA) and polystyrene (PS). n corresponds to the num-

ber of repeat units.

At first glance a linear polymer with N monomers connected by N − 1 bonds (in

Fig. 2.2) is a random coil with N steps.

To describe the configuration of a polymer we have to know the location in space

of each monomer: 3N Cartesian coordinates XY Z with respect to the laboratory fixed

frame. This description has the advantage of simple calculation of the inter-atomic dis-

tances and chain specific measures. Various simplified measures of a chain’s configura-

tion are in use. The simplest is the end-to-end vector R(N) connecting the first and the

last beads from the chain:

R(N) = r1 − rN (2.1)

A more precise characteristic that uses more than just the end beads, is the radius of

gyration defined as

R2
g(N) =

〈

(ri − rCM)2
〉

(2.2)

where ri is the position vector of bead number i in the chain and rCM is the position

vector of the center of mass of the polymer chain; the symbol 〈〉 represents the mean

over all N beads from the chain.
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CM

1 2

3

4

N

N - 1
N - 2

N - 3

R

Rg

5

6

7

8

9

Figure 2.2: The representation of a linear polymer chain with N monomer units, characterized

by its end-to-end distance R and its radius of gyration Rg. CM denotes the center of mass of the

chain.

The Cartesian description of the chain conformation is a very good tool for polymer

characterization and molecular dynamics. But the nature of the polymer itself offers a

more intuitive representation. The location of a monomer (i+1) along the chain is com-

pletely defined by three internal measures relative to the previous monomers i and i−1:

the bond length bi between monomer i an i+1, the bending angle θi made by bi with bi+1

and the dihedral angle φi made by the plane (bibi+1) with (bi−1bi), as illustrated in Fig. 2.3.

Depending on the specific polymer, these three internal measures are restricted to some

values from a limited set. By knowing all of them we have the entire information about

the chain conformation. The complete understanding of the shape of isolated polymer

chain is valuable in developing analytical theories that describe physical properties of

polymers.

2.2 Isolated polymer chain models

Polymers with very different chemical configurations may have similar properties or

may undergo similar phenomena. The reason is that only some specific characteristics
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Figure 2.3: Schematic representation of a polymer chain. Monomer indices are indicated in

parentheses. bi is the bond length, θi is the bending angle and φi is the dihedral angle. The local

(XiYiZi) coordinate system is such that Zi is aligned with bond bi−1; Xi lies in the plane defined

by bonds bi−1 and bi−2 and makes an acute angle with Xi−1; Yi completes a right-handed coor-

dinate system. P is the projection of bead i + 1 on the (XiYi) plane and allows for visualization

of the dihedral angle φi.

such as chain length, chain topology, etc., are responsible for the polymer behavior. This

suggests the use of very simple general models for polymer chains in which the very

fine chemical details are neglected.

The most popular simplified models of a polymer chain (Flory 1969) will be recapit-

ulated in the subsequent sections.

2.2.1 Freely jointed chain (FJC)

In this simple model a polymer chain is represented as a succession of monomer units

that interact only by covalent binding forces. As a result the bond length is fixed and

the internal rotations are completely free. Evidently, this characterization obeys random

flight model (Barber and Ninham 1970) and, implicitly, a long freely jointed chain will

obey Gaussian statistics: the probability to observe a certain end-to-end vector R is

given by the Gaussian distribution function with zero average (centered in the origin)

and mean squared value:
〈

R2(N)
〉

≡
〈

R2(N)
〉

= Nb2 (2.3)

where b is the bond length and N is the number of bonds (since the number of beads N

is usually a big number, no distinction is made between it and the real number of bonds

N − 1). Flory (1969) used this relation to define the characteristic ratio C∞ of a polymer
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as

C∞ = lim
N→∞

〈R2(N)〉
Nb2

. (2.4)

By definition, CFJC
∞ = 1. Values of C∞ larger than 1 occur when some of the degrees

of freedom are constrained. Then C∞ can be used as a measure of stiffness along the

polymer backbone.

2.2.2 Freely rotating chain (FRC)

This model is used when short-range interactions are considered between beads sepa-

rated by a small number of valence bonds. The bond angles are fixed or narrowly fixed

to constant values and the dihedral angles (rotational angles) are completely free. The

characteristic ratio in this case is:

CFRC
∞ =

1 − cos θ

1 + cos θ
. (2.5)

When all bending angles θ are restricted to θ0 = 109.5◦, CFRC
∞ = 2.0 instead of 1 for

unrestricted bending angles.

2.2.3 Rotational isomeric state (RIS)

Short-range interactions between the beads also influence the distribution of the dihe-

dral angles along the chain. In reality, all dihedral angles are perhaps possible, but they

prefer the low energy states. As a consequence, in addition to the constraints on bonds

and bending angles, the dihedral angles have to be constrained as well. In a simpli-

fied rotational isomeric state model, they can take one of the three values: φ0 = 60◦

(gauche+), φ0 = 180◦ (trans) and φ0 = 300◦ (gauche−). Thermal energy will allow the

angles to overcome the energetic barriers and to make transitions from one state to the

other. The population of all rotational angles, however, will not be equal: usually prob-

abilities of 0.2, 0.6 and 0.2 are specific for gauche+, trans and gauche−, respectively. The

characteristic ratio in this case is computed from:

CRIS
∞ =

1 − cos θ

1 + cos θ

1 − 〈cos φ〉
1 + 〈cos φ〉 (2.6)

and its value is 4.7

Polymer chains with constraints on bending angles (FRC) or on both bending and

torsion angles (RIS) can be treated as completely unrestricted chains (FJC) by consid-

ering an effective bond length b2
eff = C∞b2. As a consequence, for each chain there is a

length scale on which it appears like an FJC chain. This is possible since by increasing
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the chain stiffness, only C∞ changes but not the scaling of 〈R2(N)〉 with N (Eq. (2.3)).

For ideal chains, the radius of gyration can also be calculated:

〈

R2
g(N)

〉

=
1

6

〈

R2(N)
〉

. (2.7)

Despite their simplicity, Eqs. (2.3) and (2.7) are the most fundamental results of

polymer science.

All the isolated chain models presented above address unperturbed chains i.e. chains

whose conformation is unaffected by non-local interactions between groups of atoms

that are distance apart along the chain. These ”ideal chain” conformations are realized

experimentally only in bulk amorphous polymers (the main subject of this thesis) and

in dilute solutions under extremely special conditions (specific solvent, temperature).

When non-local interactions are also considered, the most suitable model is the self-

avoiding random walk in which the chain bonds are not allowed to cross each other and

the end-to-end distance scales as
√

〈R2(N)〉 ∝ Nυ (2.8)

with υ = 3
2+d

, in terms of the dimensionality d of the system (υ = 0.6 in three dimen-

sions instead of υ = 0.5 according to Eq. (2.3)). Self-avoiding random walk is the best

model when describing dilute polymer coils in solution, except for the exceptional case

mentioned above where the chain is ideal and one of the three models (FJC, FRC or RIS)

are more appropriate.

2.3 Chain dynamics in polymer melts

The dynamics of a separate polymer chain is by itself a very complex problem: the ran-

dom motion of each bead is restricted by the chain connectivity and the interactions

with other monomers, while the overall motion is the result of successive individual

adjustments. Chain dynamics is even more complicated if the chain is part of a dense

ensemble of other chains (in melts, glasses or networks): supplementary restrictions

arise due to the chain entanglement. Different sub-parts of the chain have more or less

freedom to rearrange depending on their length, to the extent that the overall confor-

mations, characterized by end-to-end distance or radius of gyration, necessitate a very

long time to forget their original values.

The motion of the chains inside a polymeric material is ultimately revealed in the

macroscopic properties of the material, so that there is great interest in understanding

chain dynamics.

Polymer dynamics can be suitably analyzed by monitoring the monomers and the

chain centers of mass in time. More specifically, three mean-square displacements, of a

system with M chains with N beads per chain, are often investigated:
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• the absolute bead mean-square displacement, g1(t):

g1(t) =
1

MN

〈

|ri(t) − ri(0)|2
〉

; (2.9)

• the bead mean-square displacement relative to the chain’s center of mass, g2(t):

g2(t) =
1

MN

〈

|ri(t) − ri(0) − rCM(t) + rCM(0)|2
〉

; (2.10)

• the mean-square displacement of the chain center of mass, g3(t):

g3(t) =
1

M

〈

|rCM(t) − rCM(0)|2
〉

. (2.11)

The self-diffusion coefficient D of the chains inside a polymer melt is computed from

the slope of g3(t) using the Einstein relation

D = lim
t→∞

1

6t
g3(t) . (2.12)

Two of the most widely used theories for polymer melt dynamics reduce the prob-

lem to a single chain motion in an effective medium: the Rouse model for the simple

case of unentangled chains (Rouse 1953) and the reptation model for entangled chains

(de Gennes 1979, Doi and Edwards 1989).

In the Rouse model, a Gaussian chain of beads connected by springs interacts with a

stochastic medium that mimics the presence of the other chains. As a consequence, the

chain center of mass is subjected to particle-like diffusion and the self-diffusion coeffi-

cient D is expected to reach the asymptotic value

D =
kBT

ζN
, (2.13)

ζ being the effective bead friction coefficient, kB the Boltzmann’s constant and T the

temperature.

In the reptation model, the polymer chain is confined inside a “tube” formed by

the constraints imposed by the entanglements with other chains. One of the main pre-

dictions of this theory is the drastic slow down of the chain motion revealed by the

self-diffusion coefficient:

D =
1

3

d2
T

l2
kBT

ζN2
, (2.14)

where dT is the tube diameter and l (l2 = C∞b2) is the effective bond length.

The change in the scaling of D from D ∝ N−1 according to the Rouse model to

D ∝ N−2 predicted by the reptation model, at Ne is schematically represented in Fig. 2.4.
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N

D
N

Ne

D ∝ N-1D ∝ N-1
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Figure 2.4: Schematic representation of the chain length dependence of DN . This dependence

is predicted theoretically to have a crossover from the Rouse regime to the reptation regime as

the chains are long enough to entangle, N ≥ Ne.

The theoretically expected behaviors for g1(t) and g3(t) in the Rouse and reptation

models are also different. Within the Rouse model g3(t) ∝ t for all times, while g1(t) has

two visible regimes (de Gennes 1967):

g1(t) ∝
{

t1/2 for τ0 < t < τR

t for t > τR
(2.15)

The crossover between these two regimes occurs at the Rouse time τR which is the time

needed for a chain with N beads to diffuse over a distance equal to its mean radius of

gyration, g1(τR) ≈
〈

R2
g(N)

〉

.

The reptation model predicts for the mean-square displacement of the chain center

of mass g3(t) a similar sequence as the Rouse theory for g1(t):

g3(t) ∝
{

t1/2 for τe < t < τR

t for t > τR,
(2.16)

and for g1(t) an extra, weaker time dependence g1(t) ∝ t1/4 embedded inside the t1/2

regime:

g1(t) ∝



















t1/2 for τ0 < t < τe

t1/4 for τe < t < τR

t1/2 for τR < t < τd

t for t > τd

(2.17)

The t1/4 regime in Eq. (2.17) is usually considered as the reptation “fingerprint”. Be-

tween the entanglement time τe ≈ τR(Ne) and the Rouse time τR, the chain moves like
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a Rouse chain “trapped” inside a tube that materializes the constraints induced by the

entanglements. The tube diameter is related to the radius of gyration of a chain with Ne

beads through the relation d2
T ≈ 〈R2

g(Ne)〉. After τR the chain acts like a free Rouse chain

with the usual t1/2 and t1 regimes and the crossover at the disentanglement time τd.

Figure 2.5 schematically represents the differences between the time dependences

of g1(t) as predicted by these two theories.

log t

lo
g

g 1

a2≈Rg
2(Ne)

τe
N independent

t1/2

t1/4

t1/2

t1

τR(N) = τe (N / Ne)
2

≈a Rg(N)

τd = 3τe (N / Ne)
3
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t1
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Figure 2.5: Schematic representation of the time dependences of g1 conform to the Rouse and

reptation models.

A mention has to be done here: only the inner parts of a polymer chains undergo

a clear reptation motion (with g1 dependence on time predicted by the Eq. (2.17)). The

beads situated at the chain ends are more free to explore the space out of the tube. This

behavior is investigated in more detail in (Chapter 4).

2.4 Glass transition

Polymeric materials are one of the most representative classes of materials that can ex-

ist in the glassy state. Such glasses are produced by cooling or compressing a highly

viscous polymer liquid in such a way that crystallization is avoided and a microscopi-

cally disordered solid is obtained. It is noted that in reality a complete crystalline phase

is an exception for polymers: they prefer to remain in the amorphous state or to have

amorphous and crystalline sub-domains (semi-crystalline polymers).
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The process of transition from a liquid to an amorphous solid (in the polymer as a

whole or in its future non-crystalline domains) is called the glass transition. The tem-

perature at which this transition occurs (actually a narrow temperature range specific

for each material) is known as the glass transition temperature Tg. Since the polymer

changes from a highly viscous liquid (or rubbery solid) to a rather brittle glassy ma-

terial at all temperatures below Tg, this temperature is also referred to as the ”brittle

temperature”.

T (1)g TmT (2)g T

V
Liquid

Crystal

Semicrystal

Glass 2

Glass 1
A

B

C

D

Figure 2.6: Schematic representation of the specific volume V versus temperature T , upon cool-

ing from the liquid melt in the case of fully amorphous polymers at high cooling rate (curve

A) and low cooling rate (curve B), semi-crystalline polymer at high cooling rate (curve C) and

crystalline polymer (curve D).

Even though it is known for millennia how to vitrify liquids (beads of glass for jew-

elry were manufactured since 1500 BC, in Egypt), this phenomenon is still not com-

pletely understood theoretically. Besides cooling rate effects, what is more puzzling

is that chemically very different liquids undergo the glass transition, no matter how

various are their internal interactions (ionic, van der Waals, hydrogen bonds, covalent

bonds or even metallic bonds).

One possible explanation of this process is that, as the liquid cools through its glass

transition, the molecular motion is more and more retarded to the limit that the dynam-

ical behavior of the liquid can no longer be distinguished from that of a solid on the

time sale of the experiment. The molecules seem to be frozen-in, thus resulting in the

amorphous structure of a glass. To measure the internal mobility inside the material,

the macroscopic viscosity η is often used and traditionally the value of about 1013 poise

(1 poise = 0.1 Nsm−2) is considered a sign of the glass transition.
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Another way to identify the glass transition is to monitor specific thermodynamic

quantities that are known to have distinct ”discontinuities” during the transition (e.g.

specific volume, heat capacity). Fig. 2.6 gives such an example for how the specific

volume can depend on temperature.

The knowledge of the glass transition temperature together with the melting tem-

perature is very valuable information in the selection, improvement and design of poly-

mer products in an industrial setting. This thesis is focused on polymers that are in the

glassy state at room temperature (thermoplastic or glassy polymers): with examples like

PMMA with Tg = 105◦C or PS with Tg = 95◦C (the given values are bulk glass transition

temperatures). When one deals with surfaces or interfaces slightly different values of

Tg are expected due to size-dependent surface/interface effects or to the ageing effects

induced by the fact that the physical properties of the polymer change gradually with

time, a glassy material not being in thermodynamic equilibrium.

2.5 Adhesion of polymers

Typically polymers are immiscible: when two polymers are bonded together very few

chains diffuse from one polymer bulk to the other, as is represented in Fig. 2.7.

∆G < 0

d2∆G
dt2

> 0

BA A B

Figure 2.7: A representation of the adhesion process of two polymer bulks A and B. When A

and B are in contact at the joining temperature chains from bulk A diffuse into bulk B and chains

from bulk B diffuse into bulk A providing that the two conditions indicated in the figure for the

Gibbs free energy are fulfilled.

As a result the interpenetration distance of the chains is very small and a reasonable

adhesion cannot be achieved. The grade of immiscibility of two polymers is related to

the chain length (polymers with longer chains are more immiscible), the specific vol-

ume fractions of the two polymers and, the interaction between two units belonging to

the two species. Two polymers will bond if the Gibbs free energy of mixing (per seg-

ment) satisfies ∆G < 0 and d2∆G
dt2

> 0. For the calculation of the Gibbs free energy an

approximative expression can be used– the Flory-Huggins formulation:

∆G(ϕ)

kBT
=

ϕ

NA

ln ϕ +
(1 − ϕ)

NB

ln(1 − ϕ) + χϕ(1 − ϕ). (2.18)
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with NA and NB the degrees of polymerization for polymers A and B, ϕ the volume

fraction of polymer A segments and χ the Flory segment-segment interaction param-

eter. Since usually NA and NB are large numbers and χ between any two polymers

chosen randomly is positive, Eq. (2.18) indicates a strong immiscibility for typical poly-

mer pairs.

One strategy to increase the adhesion between such polymers is to improve the nat-

ural entanglement at the interface by adding supplementary connecting molecules usu-

ally block copolymers (Creton et al. 2001). Some parts of these connectors diffuse into

one bulk, and the rest in the other bulk, effectively sewing the interface. When the ad-

hesion is then broken, it is assumed that all the stress transfer is done by the connector

chains.

During adhesion fracture the connectors can suffer different mechanisms: simple

pull-out, scission or crazing (they can form fibrils that are pulled-out from the process

zone until the connector chains from these may be pulled-out or broken). A very in-

tuitive picture of the fracture mechanisms depending on the connector length and the

areal density of the connectors is given in Fig. 2.8, as proposed by Creton et al. (2001).
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Figure 2.8: Fracture mechanism map for the interface between glassy polymers reinforced with

connector chains. Ne is the entanglement length of the connector chains and Σ∗ is the areal

density at which the crazing phenomenon appears in the systems (conform with Fig. 53 from

Creton et al. (2001)).



Chapter 3

Computational model

All the effects of Nature are only the mathematical

consequences of a small number of immutable laws.

Pierre-Simon Laplace

This chapter briefly describes the coarse-grained polymer chain models and the MD

technique used to simulate polymeric systems in equilibrium (bulk) or in non-

equilibrium conditions (the fracture of the adhesion between two polymer bulks rein-

forced with connector chains). We start by presenting the advantages of the bead-spring

polymer model in the general context of coarse-graining and multiscale modeling. Ex-

plicit details are given regarding the implementation of chain characteristics (stiffness

along the polymer backbone) in the model used in this thesis. Next, some essential MD

features are reviewed from the point of view of their direct implementation in the MD

code.
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3.1 Molecular dynamics

Molecular dynamics is a specific computer simulation method employed for molec-

ular systems, from ideal gases and liquids to biomolecules and materials (Allen and

Tildesley 1987, Haile 1992, Rapaport 2004, Frenkel and Smit 2001). The systems enter-

ing molecular dynamics simulations are modeled as ensembles of interacting particles

under specific internal and external conditions. Given the initial coordinates and veloc-

ities of an ensemble of particles that interact in an explicit manner, under certain con-

ditions, this method integrates the equation of motion numerically, providing new sets

of coordinates and velocities at each integration time step. From the obtained particles

trajectories one can calculate various global system properties as statistical averages.

Due to the strict control of the internal motion, molecular dynamics is particularly

suited for the study of polymeric systems. Polymer macroscopic properties and me-

chanical response evidently arise from the chain dynamics, primarily governed by seg-

ment chain interactions and connectivity. But, unlike ideal systems (gases, liquids or

crystals) the chain behavior inside a polymer is extremely complex and still not com-

pletely understood theoretically.

3.2 Coarse-grained models for polymers

At first sight, it might be tempting to study, by this technique, dense systems consisting

of many long polymer chains, in which all atoms are considered, with detailed chemical

interactions, for a long time, to obtain realistic characteristics of the polymer. But such

a task would require an exhaustive knowledge of the interaction potentials between all

the atomic species considered and a huge computational power that cannot be provided

even by the fastest supercomputers. It is therefore imperative to reduce the complexity

of the simulated systems in order to perform fruitful simulations.

One elegant way to do this is to group together atoms or monomer units into a big-

ger chain sub-unit that absorbs all the molecular detail. The new repeat units will feel

each other through such interactions as resulted from the realistic replaced parts. Such

coarse-graining is suggested by the polymer nature itself: polymers exhibit clear time

and length scaling for their static (de Gennes 1979) and dynamic properties (Doi and

Edwards 1989); polymers with very different topologies react universally to tempera-

ture modifications, some undergoing a similar but ”scaled” glass transition (Bulacu and

Van der Giessen 2007).

During the past two decades, a variety of coarse-grained models have been proposed

for polymers. They mainly differ by the level of discretization for the polymer chain, by

how the replaced mass is distributed in the new coarse-grained unit or by the specific
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force field used. All these choices are influenced by the final desired tasks, by mapping

from atomistic simulations. The various approaches can be classified as follows:

1. United atom

The united atom model has been developed for n-butane by Ryckaert and Belle-

mans (1975) and then extensively studied (Rigby and Roe 1987, Rigby and Roe

1988, Takeuchi and Roe 1991, Roe 1994). The H atoms in the CH2 groups are com-

bined in a single unit with the C atom to which they are connected, with the total

mass of the H and C atoms located at or near the carbon. A polymer chain is

formed by such new units bounded by harmonic springs. The natural stiffness

along the chain is modeled by bending and/or torsion potentials. Non-connected

beads interact through a Lennard-Jones (LJ) potential.

2. Tangent hard spheres (pearl-necklace)

The polymer chain is represented by a freely linked chain of hard spheres attached

to one another by sliding links connecting their centers. There are no additional

angular constraints imposed on adjacent links other than those which are a conse-

quence of the excluded volume (Rapaport 1979, Smith et al. 1996).

3. Ellipsoidal

This model is suitable for polymers with large or anisotropic monomers in terms

of their mass and their non-bonded interactions (e.g. polycarbonate) (Zimmer

and Heermann 1995, Schöppe and Heermann 1999). It consists of basic ellip-

soidally shaped units stringed together to form chains. The masses of the atoms

are smeared out over the principal axes of the ellipsoids yielding a chain with

continuous a backbone mass. Harmonic bonds and bending angle potentials are

used for the connected ellipsoids while the intermolecular interaction is modeled

by non-spherical force fields.

4. Bead–spring

In this model the chain is reduced to a string of beads, each bead representing one

or a few monomer units. The beads along the polymer chain are coupled by a

quasiharmonic potential and the repulsive part of the LJ potential is used for the

excluded volume. This model has been introduced for the first time in molecular

dynamics simulations of a single polymer chain immersed in a solvent by Bishop

et al. (1979). Its unquestionable fame has come after the polymer melt simulations

of Kremer and Grest (1990). Recently this model has been modified to account also

for chain stiffness besides the intrinsic stiffness induced by the excluded volume

(Faller and Müller-Plathe 2001, Bulacu and Van der Giessen 2005).
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a)

b)

c)

d)

e)

Figure 3.1: Schematic representation of different levels of coarse-graining for a polymer chain.

From top to bottom a polyethylene (PE) chain is represented by: (a) the atomistic model; (b) the

united atom model; (c) the tangent hard spheres model; (d) the ellipsoidal model and (e) the

bead-spring model.
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The immediate benefits of coarse-grained methods consist in decreasing the num-

ber of simulated units and in reducing the complexity of calculations: for example, a

polymer chain with 100 atoms of 3 different species can be replaced with a chain of

20 identical coarse-grained beads. This simplification enables further development in

two directions: (1) increase in size of the simulated systems: more chains (with direct

improvement of the statistics) or longer chains (knowing that the polymer behavior is

very much influenced by the chain length); (2) increase of the simulation time to allow

polymer equilibration and study of the polymer dynamics behavior. This time expan-

sion is also achievable since larger integration time steps can be used without the MD

integrator becoming unstable (the resulting coarse-grained potentials are much softer

than atomistic potentials).

As a result, coarse-grained models are very efficient for the study of equilibrated

polymeric systems by essentializing the nature of the polymer chain. This thesis presents

simulations using a modified bead-spring model, our main interest being to capture the

essence of the polymer static and dynamic behavior, rather than to map to a specific

polymer. The model that we proposed includes bending and torsion potentials along

the backbone to generically control the chain stiffness and to study their influence on

polymer characteristics. We have been motivated by recent work of Rapaport (2002)

that showed how by controlling the torsion and excluded volume potentials even com-

plicated problems as protein folding can be investigated successfully.

Besides the purely theoretical inquiries, after performing simulations at this meso-

scopic level one can map back to atomistic models (by reintroduction of chemical de-

tails) and extract the properties of other ways impossible atomistic equilibrated systems

(Hess et al. 2006). Other further possibilities are: (1) to map to a higher regime (semi-

macroscopic) in which the entire chain is replaced by a big particle, which hides the

coarse-grained details, and to perform dissipative particles dynamics (Español 1998);

(2) to evaluate specific constants or phenomenological laws for the use at longer length

and time scales (up to continuum regime).

The multiscale simulation procedure outlined above is still in the development phase

due to the difficulties in performing accurate simulation at one specific level as well

as in realistically mapping between the considered scales (Kremer and Müller-Plathe

2001, Kremer and Müller-Plathe 2002). One successful example is the simulation of

brittle fracture in silicon by coupling of quantum, atomistic and continuum mechanics

(Abraham et al. 1998b, Abraham et al. 1998a, Broughton and Abraham 1999).

Since polymers exhibit various properties on very different length and time scales

by their nature, the multiscale modeling of polymeric materials is even more attractive.
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3.3 Equation of motion

The conventional MD technique consists in the stepwise time integration of Newton’s

equations of motion for a set of N particles:

d2ri

dt2
= Fi(r1, r2, ...rN) (3.1)

where

Fi(r1, r2, ...rN) = −∇ri
Vi(r1, r2, ...rN) (3.2)

Here ri is the position vector of the particle i, Fi is the total force acting on particle i and

Vi is the total potential energy from which the force is derived. By solving Newton’s

equations the total energy of the simulated system is conserved and the time averages

obtained during the simulations are equivalent to averages in micro-canonical ensemble

i.e. constant–NVE (number of particles, volume, energy). But most often this ensemble

is not practical when comparing with experimental or theoretical results that tradition-

ally use other ensembles. So, other ensembles are preferred depending on what thermo-

dynamic quantity is kept constant (number of particles, volume, pressure, temperature

or chemical potential: canonical ensemble i.e. constant–NVT, isothermal-isobaric en-

semble i.e. constant–NPT or grand canonical ensemble i.e. constant–µVT.

All the results presented in this thesis are obtained by performing MD simulations

at constant-NVT. One way to obtain this ensemble is by replacing Newton’s equations

(Eqs. (3.1)-(3.2)) with the Langevin equation:

d2ri

dt2
= −∇ri

Vi − Γ
dri

dt
+ Wi (3.3)

Two additional forces are included in Eq. (3.3) to withdraw/introduce kinetic energy

of the system: a frictional force, proportional with the velocity (Γ being the friction

constant of the particle) and a stochastic force W . The strength of the noise is related to

Γ via the fluctuation dissipation theorem, that is

〈W (t)〉 = 0 (3.4)

〈Wi(t) · Wj(t + τ)〉 = 6kBTΓδijδ(τ) (3.5)

where 〈〉 denotes the ensemble’s average and δij is the Kronecker delta.

3.4 Force field

Understanding the interactions within and between the polymer chains as well as the

induced chain topology can help in predicting macroscopic properties of the polymeric
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systems. That is why a proper choice of the potentials governing the interactions (force

field) is crucial in MD simulations. The forces between particles have to be as realistic

as possible and also suitable for feasible simulations since their calculation is the most

time consuming part of an MD algorithm.

The most familiar pair interaction potential is the LJ potential:

VLJ(rij) = 4ε

[

(

σ

rij

)12

−
(

σ

rij

)6
]

, rij < rcut−off , (3.6)

where rij = |ri−rj| is the distance between two interacting particles i and j, ε is the min-

imum energy and σ is the length at which VLJ(rij) = 0. This potential is characterized

by a strong repulsive core (∝ 1/r12) and a weak attractive tail (∝ 1/r6; the two charac-

teristic powers being used to identify the potential (Eq. (3.6)) as the 12-6 LJ potential. To

avoid extensive computation this potential is truncated at a specific distance rcut−off .

This LJ interaction can be simplified by completely neglecting the attractive part:

the cut off distance is chosen at the minimum of the VLJ (rcut−off = 6
√

2σ) and then the

potential is shifted such that it vanishes at this distance. The result is known as the

Weeks-Chandlers-Andersen, WCA potential (Weeks et al. 1971).

VWCA(rij) = 4ε

[

(

σ

rij

)12

−
(

σ

rij

)6

+
1

4

]

, rij < rcut−off , (3.7)

which is plotted in Fig. 3.2 with the gray curve. Particles interacting by this potential

act like relatively soft spheres in a narrow range of separation and like hard spheres

as they are driven together. The resulting behavior is primarily determined by particle

density. For polymeric systems, characterized generally by high particle density, con-

nectivity between beads along the chains and numerous excluded volume interactions,

this potential is an excellent choice having a clear advantage in terms of computational

simplicity compared with LJ while retaining the essential physics.

The exclusion of the attractive part of the LJ potential requires the use of periodic

boundary conditions or impenetrable walls to confine the particle in the simulation box.

One example of an interacting wall is the integrated 9-3 LJ potential (dashed curve in

Fig. 3.2). It mimics the interaction of the simulated particles with an infinite half-space

uniformly filled with 12-6 LJ particles. Integration over planar sheets of wall atoms

results in a perfectly smooth wall, described by the wall potential:

V wall
LJ (z) =

2πεwall

3

[

2

15

(

σwall

z

)9

−
(

σwall

z

)3
]

, z < zwall
cut−off , (3.8)

z being the distance from the wall, and εwall and σwall allowing the interaction strength

of the wall potential to vary.
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Figure 3.2: LJ-based potentials: 12-6 LJ (Eq. (3.6)), WCA (Eq. (3.7)) and wall 9-6 LJ (Eq. (3.8)). r

stands for rij or z depending on the potential considered.

For the chemically bonded beads along the polymer chain a combination of poten-

tials is used: WCA potential (Eq. (3.7)) - to account for the excluded volume interaction,

and the attractive Finite Extensible Non-Linear Elastic (FENE) potential - to keep the

consecutive beads along the chain bonded together.

The FENE potential is very common in the polymer literature (Warner 1972):

VFENE(rij) =

{

−0.5kR2 ln
[

1 −
(rij

R

)2
]

, rij ≤ R0

∞ , rij > R0 .
(3.9)

it has the form of a simple harmonic potential for small extensions rij/R0 < 0.2 and

limits the spring extensibility to R0.

Superposition of the FENE and WCA potentials (the dashed curve in Fig. 3.3), with

specific parameter values, yields an anharmonic spring interaction between connected

beads with an equilibrium bond length b0 and an ultimate bond length rmax. As a con-

sequence, bond crossing in systems of polymer chains is energetically unfavorable and

chain entanglement is naturally obtained (Kremer and Grest 1990).

The resulting bond length distribution induced by these potentials is asymmetric:

longer bonds are more favorable than short bonds. This becomes a disadvantage when

we perform adhesion studies where the elongation of the bonds is considered a measure

of the tension induced mechanically from exterior. This can be overcome by a modified

form of FENE, i.e. reflected FENE:
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VRFENE(rij) =







−0.5krR
2
r ln

{[

1 −
(

rij

Rr

)2
] [

1 −
(

2σ−rij

Rr

)2
]}

, rij ≤ Rr

∞ , rij > Rr .
(3.10)

The parameters kr and Rr are chosen in such a way that this potential reproduces the

result of the FENE + WCA potential for the region of short and middle size bonds while

being symmetric over the complete bond length interval.
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Figure 3.3: Bond potentials: FENE + WCA (black dashed line) and reflected FENE (black solid

line).

The stiffness of polymer chains can be controlled by a bending potential VB, which

acts on three consecutive beads along the chain. The angle between adjacent pairs of

bonds is maintained close to the equilibrium value θ0 = 109.5◦ by the cosine harmonic

bending potential (Fig. 3.4):

VB(θi) =
1

2
kθ(cos θi − cos θ0)

2, (3.11)

where θi is the bending angle between bonds bi−1 and bi. The value of the bending con-

stant kθ is varied to obtain different chain stiffness with the corresponding characteristic

ratios.

Further stiffness can be introduced by a torsion potential VT acting on four consec-

utive beads (Fig. 3.5). This potential mainly constrains the dihedral angle φi, which is

defined by three successive bonds, bi−2, bi−1 and bi. In this thesis, we use the novel

torsion potential (Bulacu and Van der Giessen 2005):

VT(θi−1, θi, φi) = kφ sin3 θi−1 sin3 θi

3
∑

n=0

an cosn φi. (3.12)
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Figure 3.4: Bending potential VB acting on the bending angles θ with the equilibrium value at

θ0 = 109.5◦.

θ [deg]

0306090120150180φ [deg]

0
60

120
180

240
300

V
T

[ε
]

0

2

4

6

8

10

12

Figure 3.5: Surface plot of the torsion potential (Eq. (3.12)) when, for simplicity, θi−1 = θi = θ.

This potential not only depends on the dihedral angle φi but also on the bending

angles θi−1 and θi formed by the three successive bonds. The third-order polynomial in

cos φi follows from ab initio calculations for n-butane (Steele 1985). It has three minima

for φ = 180◦ (trans), φ = 60◦ (gauche+) and φ = 300◦ (gauche−). The two sin3 θ pre-

factors, tentatively suggested by Scott and Scheraga (1966) and theoretically discussed

by Pauling (1960), cancel the torsion potential and force when either of the two bending

angles vanishes, which would make the dihedral angle φ undefined. This important

property makes the potential well-behaved for MD simulations that have no rigid con-

straints on the bending angles; torsion potentials that are independent of the bending

angles suffer from the problem that the torsion forces tend to infinity when two con-

secutive bonds are aligned. A strong bending potential may prevent this tendency, but
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when bonds do align the simulation breaks down. The torsion potential proposed here

gracefully eliminates these singularities and improves numerical stability.

It is important to note that the bending and torsion potentials together form a com-

bined potential VCBT = VB + VT that determines the dynamics of the polymer chain.

VCBT induces a new equilibrium bending angle θeq that is slightly larger than θ0 result-

ing from VB only, while the equilibrium torsion angles are identical with those induced

by VT. The average bond length is not affected by including stiffness along the chain.
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Figure 3.6: Surface plot of the combined bending-torsion potential VCBT = VB +VT when θi−1 =

θi = θ is considered. The chain conformation during dynamics will evolve towards the three

local minima.

3.5 LJ units

The physical quantities of interest cannot be expressed directly in international system

of units (SI) during MD simulations. Their numerical values would be either very small

or very large and thus can lead to overflow or underflow as a result of floating-point

operations. It is therefore necessary and elegant at the same time, to represent all quan-

tities in units such that their numerical values are around the value 1.0. When using the

Lennard-Jones potential in simulations, its parameters σ and ε are without doubt the

most appropriate units of length and energy (σ = 1.0, ε = 1.0). These, together with the

bead mass m = 1.0, become the basic MD units, while the rest of physical quantities are

expressed in derived units.

Table 3.1 gives such examples of some physical quantities of interest in LJ units and

in SI units (for the case in which the bead is the CH2 unit of polyethylene or a possible

group of polymer units). The Boltzmann’s constant is considered also kB = 1.0.
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Physical LJ unit SI unit for CH2 SI unit for a possible

quantity Kremer-Grest model

length σ 0.38 nm 0.50 nm

energy ε 0.83 × 10−21 J 4.8 × 10−21 J

mass m 14 g/mol 289 g/mol

time σ(m/ε)1/2 2.01 ps 5.0 ps

temperature ε/kB 60.4 K 347.9 K

pressure ε/σ3 15.13 MPa 38.4 MPa

velocity (ε/m)1/2 1.89 × 102 m/s 1.0 × 102 m/s

force ε/σ 2.18 × 10−12 N 9.6 × 10−12 N

number density 1/σ3 18.22 nm−3 8 nm−3

Table 3.1: Some physical quantities of interest expressed in Lennard-Jones reduced units and in

SI units.

The bridge between computer simulations and experimental results remains a dif-

ficult and controversial task. The link between the MD units and the SI units cannot

be established in absolute terms and only the order of magnitude of this relationship is

more certain. Nevertheless, it is important to observe that the predictions obtained from

computer simulations remain valuable as to what regards the general scaling laws and

overall behavior of the statistical ensemble of interacting particles. Furthermore, the

computational model represents an interesting object of study in itself, because the in-

sights obtained from simulations can lead to a better understanding of the real physical

processes, even if the numerical predictions are difficult to correlate with result obtained

in the laboratory.

3.6 Integration scheme

Newton’s equations of motion are integrated by means of the ‘velocity-Verlet’ integra-

tion scheme (Swope et al. 1982). The position and velocity of each particle from the

system are updated from time t to time t + ∆t using an intermediate half time-step at

t + 1
2
∆t:

r(t + ∆t) = r(t) + v(t)∆t +
1

2
a(t)∆t2 (3.13)

and

v(t +
1

2
∆t) = v(t) +

1

2
a(t)∆t. (3.14)



3.7. Thermostats 35

Using the updated positions and velocities from Eq. (3.13) and Eq. (3.14), the force

F(t+∆t) is evaluated. Since we are integrating Newton’s equations, a(t+∆t) is just the

force divided by the mass and than the final velocity is computed as:

v(t + ∆t) = v(t +
1

2
∆t) +

1

2
a(t + ∆t)∆t. (3.15)

This integrator is fast, simple and stable and, more importantly, it satisfies the re-

quirements of time-reversibility and area conservation (simplectic algorithm) (Frenkel

and Smit 2001).

3.7 Thermostats

Solving the Langevin equations Eq. (3.3) with conditions (Eqs. (3.4) and (3.5)) the MD

simulations sample the canonical ensemble by keeping the system temperature constant

at a desirable value T . This method is known also as the Langevin thermostat and

reflects the weak coupling of each particle with a virtual heat bath represented by the

combination of frictional and random forces (Grest and Kremer 1986).

A Langevin thermostat has two major advantages that make it very suitable for sim-

ulating polymeric materials for which long simulation time is needed. One is that it

accepts larger time steps than other thermostats without causing instabilities. The other

is that by coupling the system to the background, the inevitable effect of accumulating

numerical errors is diminished with the direct consequence of improving the systems’

stability over long runs.

Due to the random forces, however, the center of mass of the entire system will drift.

This has to be removed for the subsequent analysis of the internal motion. After this

correction the long-time diffusion is equivalent with one obtained by using the Berend-

sen thermostat (which conserves also the momentum but has the disadvantage that it

is unknown if it generates an ensemble) (Berendsen et al. 1984). To show this, Fig. 3.7

includes the results for the mean-square displacements g1, g2 and g3 from simulations of

identical systems using Langevin or Berendsen thermostats. This similarity appears be-

cause the simulated systems are very dense and the diffusion is dependent only on the

interactions between constitutive particles and does not arise from the extra Langevin

terms: the observed particle friction coefficient is much larger than the Langevin friction

coefficient (Kremer and Grest 1990).
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Figure 3.7: Comparison between the computed mean-squared displacements g1, g2 and g3 for

a system with M = 100 FJC chains with N = 50 beads per chain at T = 1ε/kB obtained from

simulations using Langevin (black lines) and Berendsen (gray lines) thermostats.

3.8 Sample initialization

In this thesis we present simulation results for two main cases:

1. Polymer melt dynamics

The simulated system is an ensemble of polymer chains placed in a cubic simula-

tion box, with periodic boundary conditions.

2. The debonding of two polymer bulks connected with connector chains

The simulated system consists of two simulation boxes on top of each other, with

periodic boundary conditions in the directions perpendicular to the interface and

with LJ-walls parallel to the interface. The connector chains are placed at the in-

terface penetrating both simulation boxes.

In order to be able to enter the MD simulations, the polymer systems have to be initial-

ized carefully. For this, three preparation steps are followed:

1. Generation of individual polymer chains/connectors. Different methods are used

for specific types of chain stiffness.

2. Locating the bulk chains in random places inside the simulation box/boxes and

packing them as uniformly as possible. The packing is done by MC ‘moves’ that

perform a randomly chosen geometric transformation (chain translation, rotation
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or reflection on a randomly chosen polymer chain until a desired homogeneity

is reached). This packing method is a simplification of the method discussed by

Auhl et al. (2003). Locating the connector chain in random places at the interface

between boxes.

3. Pre-equilibrating the system by employing a capped WCA potential (cWCA) with

the aim to eliminate the initial bead overlaps that can induce numerical instabili-

ties:

VcWCA(rij) =

{

VWCA(rS) , rij < rS

VWCA(rij) , rij ≥ rS .
(3.16)

i.e. the WCA force between two particles that are closer than a threshold distance

rS is replaced with the WCA force at this distance (see Fig. 3.8 for rS = 1.0σ).

The particles that are further apart than the ‘safe’ distance are subjected to the full

WCA force. In order to allow the beads to move apart easier, the bending and

torsion potentials are turned off during this pre-equilibration stage.
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Figure 3.8: ”Capped” WCA interaction (cWCA) used instead of ”full” interaction (WCA) to

avoid instabilities when two beads would be too close to each other and would be repelled by

colossal forces.

This technique is a simplification of the “slow push off” method of Auhl et al.

(2003) and guarantees a small perturbation of the chain configurations at the tran-

sition from modified to full WCA potential. The modified MD simulation is per-

formed with this threshold WCA force until all beads are pushed away from the

overlap regions. Then, the full WCA, bending and torsion potentials are turned-on

and the main MD simulation can start.
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3.9 Molecular dynamics computer program

For the simulation of polymeric materials (melt dynamics and adhesion fracture) we

have developed a FORTRAN 77 classical molecular dynamics code that runs on single-

processor machines. The code developed for this thesis is most similar with LAMMPS:

Large-scale Atomic/Molecular Massively Parallel Simulator (Plimpton 1995) developed

at Sandia National Laboratories.

A personal code was needed due to the specificity of the simulated systems and of

the novelty of some force-field features. The simulated systems contain a relatively large

number of particles (up to 1 million), the system initialization requires specific ”tricks”

of packing and pre-equilibration specific to dense polymer ensembles (cf. Sec. 3.8), the

force field includes a novel torsion potential (cf. Sec. 3.4) and, last but not least, special

polymeric architectures have to be build for the adhesion study (cf. Sec. 6.2.2).

For computational efficiency we use a linked-cell algorithm for building the Verlet

list. In this way, the computing time dependence on the total number of particles M

modifies from M2 to M1. The obtained average speed is 1.9 × 105 particle updates per

second on a 2.8-GHZ/1-GB Pentium 4 processor (for melt simulations at T = 1.0ε/kB).

Simulations have been carried out on multiple machines and on a HPC-Beowulf cluster

(200 Opteron dual-processor nodes: 2(4)-GHz/1-GB memory). The results reported in

this thesis are based on a total computation time of more than 10 CPU years.



Chapter 4

Polymer melt dynamics

Books are not made to be believed, but to be subjected to

inquiry.

Umberto Eco

E
xtensive molecular dynamics simulations have been performed to study the effect

of chain conformational rigidity, controlled by bending and torsion potentials, on

self-diffusion in polymer melts. The polymer model employs a novel torsion potential

that avoids computational singularities without the need to impose rigid constraints

on the bending angles. Two power laws are traditionally used to characterize the de-

pendence of the self-diffusion coefficient on polymer length: D ∝ N−ν with ν = 1 for

N < Ne (Rouse regime) and with ν = 2 for N > Ne (reptation regime), Ne being the en-

tanglement length. Our simulations, at constant temperature and density, up to N = 250

reveal that, as the chain rigidity increases, the exponent ν gradually increases towards

ν = 2.0 for N < Ne and ν = 2.2 for N > Ne. The value of Ne is slightly increased from 70

for flexible chains, up to the point where the crossover becomes undefined. This behav-

ior is confirmed also by an analysis of the bead mean-square displacement. Subsequent

investigations of the Rouse modes, dynamical structure factor and chain trajectories in-

dicate that the pre-reptation regime, for short stiff chains, is a modified Rouse regime

rather than reptation.

0Based on Effect of bending and torsion rigidity on self-diffusion in polymer melts: A molecular dynamics study,

Monica Bulacu and Erik Van der Giessen, J. Chem. Phys., 123, 114901 (2005).



40 4. Polymer melt dynamics

4.1 Introduction

Examples of polymers can be found everywhere in our life, from DNA and proteins to

plastics. The rigidity of these natural or synthetic polymers plays an important role in

their dynamics, with enormous consequences for biological functions and for plastics

processing or reliability.

The dynamics of polymer chains in a melt is a complex multi-body problem that

has to take into account the entanglements of the chains and their time fluctuations, the

cooperative bead motion as well as the particular behavior of the different chain parts

during motion.

Two of the most widely used theories for polymer melt dynamics reduce the prob-

lem to a single chain motion in an effective medium: the Rouse model for the simple

case of unentangled chains (Rouse 1953) and the reptation model for entangled chains

(de Gennes 1979, Doi and Edwards 1989). In the Rouse model, a Gaussian chain of

beads connected by springs interacts with a stochastic medium that mimics the pres-

ence of the other chains. As a consequence, the chain center of mass is subjected to

particle-like diffusion and the self-diffusion coefficient D scales with the chain length

N as D ∝ N−1. In the reptation model, the polymer chain is confined inside a “tube”

formed by the constraints imposed by the entanglements with other chains. One of the

main predictions of this theory is the N−2 scaling of the self-diffusion coefficient for

chains that are long enough to entangle, i.e. N > Ne, the entanglement length.

Starting from this classical dichotomy, melt dynamics theory has recently developed

into different directions: improved versions of reptation theory (Rubinstein 1987, des

Cloizeaux 1988, Frischknecht and Milner 2000); mode-coupling theory for one chain

(Schweizer 1989); many-chain microscopic theory (Guenza 1999). All of the referenced

theories usually find D ∝ N−ν with ν = 2 or even stronger, ν = 2.25 (Frischknecht and

Milner 2000).

Interestingly, also in recent experimental work and by re-interpretation of older ex-

perimental data (Lodge 1999, Tao et al. 2000, Wang 2003, von Meerwall et al. 1998, von

Meerwall et al. 2003), it was found that ν > 2 for the total range of polymer lengths

investigated without any crossover to ν = 1 scaling for short chains. However, the

experimental results do not have a straightforward interpretation due to possible glass-

transition and polydispersity effects.

Given the current situation, computer simulations can bring more insight into chain

dynamics by means of a better control of parameters (monodispersity, iso-friction) and

through the possibility of analyzing in detail the motion of every bead or chain in the

polymer melt. The only restriction is that the required simulation time for extracting

the transport coefficients in melts with long chains is limited by the available computer

power. Within the current limits, several numerical simulations have been performed
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recently to compute the self-diffusion coefficient and to capture its scaling law as a func-

tion of chain length.

One of the early Monte Carlo (MC) simulations of a dense diamond lattice system

of entangled polymer chains determined D ∝ N−2.1 over a wide density range, with-

out any crossover from Rouse to reptation regime (Kolinski et al. 1987a). Soon after

that, using MC simulation of longer chains confined to a cubic lattice, the same au-

thors (Kolinski et al. 1987b) found a crossover from a relatively weak N−1.56 depen-

dence to a much stronger one D ∝ N−2.04 at Ne ≈ 125. Subsequent MC simulations

(Paul et al. 1991, Shaffer 1994), however, identified a crossover between the D ∝ N−1

and the D ∝ N−2 regimes at Ne between 20 and 40.

In a seminal study, Kremer and Grest (1990) performed coarse-grained molecular

dynamics (MD) simulations of polymer melts and the results indicate an entanglement

length Ne ≈ 35 at which ν = 1.1 changes to almost ν = 2. Later, in an improved

reanalysis, Pütz et al. (2000) found Ne ≈ 30 from bead mean-square displacement and

Ne ≈ 70 from diffusion coefficient dependence on chain length.

The Kremer-Grest model was also used recently to investigate the influence of chain

stiffness on melt dynamical properties and the results were found to be strongly influ-

enced by the inclusion of a bending potential (Faller and Müller-Plathe 2001, Everaers

et al. 2004). The authors conclude that as the stiffness increases, Ne decreases and rep-

tation characterizes even the dynamics of short chains. In the present work we study

also the stiffness influence in the same model, but the stiffness along the chain is imple-

mented by other forms of the bending and torsion potential.

A different novel type of polymer model, with imposed uncrossability constraints

and coarse-grain parameters derived from atomistic MD simulations (including bend-

ing stiffness), was used by Padding and Briels (2002) for linear polyethylene (PE). The

onset of entanglement effects occurred at a length of N = 6 corresponding to a chain

with 120 carbon atoms. A clear D ∝ N−2.2 was found for N between 20 and 50. The

intrinsic stiffness from bending as well as torsion was also included in the atomistic MD

simulation of PE performed by Harmandaris et al. (2003). Their predicted dependence

of D on N has three regimes: ν > 1 for 0 < N < 90, then ν = 1 for 90 < N < 156, and

ν = 2.4 for 156 < N < 250. The dependence over the first range is in agreement with

Mondello et al. (1998) who suspect a sub-Rouse behavior for short chains that disobey

Gaussian statistics.

Obviously, there is no consensus in the scientific literature on the scaling of the self-

diffusion coefficient with chain length, nor is it clear what the value is of the entangle-

ment length corresponding to the crossover between Rouse and reptation regimes. It is

noted that the disparity is partly the result of a non-unanimous definition of Ne. Since

it is a peculiar theoretical concept that cannot be measured directly, one can only see its

effects on different macroscopic properties of the melt (self-diffusion, plateau modulus,
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viscosity, structure factor). Inconsistent values of Ne are found based on these differ-

ent properties. Furthermore, Ne depends on the level of coarse-graining used, fact that

makes comparisons even more difficult.

The effect of chain stiffness on the N-dependence of D and on the value of Ne is

even more complex. The available models for entanglement onset as a function of chain

stiffness predict opposite behaviors, as described in an extensive review of Heymans

(2000). One line of thought predicts an increase of Ne with increasing stiffness: the

purely empirical equation Ne ∝ Ca
∞ was proposed by Aharoni (1983) with a between

0.5 and 2. Here, C∞ is the characteristic ratio and provides a measure of chain stiffness.

Wu (1989), using a topological model, introduced a = 2 and later Wool (1993) proposed

a = 1. The second school of thought (Morse 1998, Fetters et al. 1999) claims that Ne

decreases with increasing C∞; this is typically expressed in terms of the packing length

pl, which is essentially C−1
∞ and defined as the volume occupied by a chain in the melt,

divided by the mean-square chain end-to-end distance. Fetters et al. (1999) proposed

Ne ∝ p3
l for Ne calculated from the plateau modulus, Nc ∝ p2.35

l for Nc from viscosity

measurements and Nr ∝ p−0.9
l for Nr — the crossover to reptation in viscosity behavior.

Against the background of the above findings, this chapter investigates the influence

of chain conformational rigidity on the melt dynamics hoping to shed more insight on

this still open problem. Our results indicate that the power exponents in both Rouse

and reptation regimes are strongly modified by chain stiffness. Also, we find that the

entanglement length increases with increasing chain rigidity. For controlling the chain

stiffness we use bending and torsion potentials along the polymer chain. Our simula-

tions employ a new torsion potential that depends on both dihedral and bending angles.

This potential does not require rigid constraints on the bending angles and gracefully

eliminates the computational singularities arising when two adjacent bonds align.

The chapter is organized as follows: in Sec. 4.2 we present our computational model

and the potentials used to control the polymer chain rigidity. The preparation of the

polymer melt and the simulation methodology are described in Sec. 4.3. Section 4.4

contains the results and the discussion of the observed static and dynamic melt proper-

ties, followed by the conclusions in Sec. 4.5.

4.2 Computational model

The system we study is an ensemble of entangled polymer chains placed in a cubic

simulation box with periodic boundary conditions (see Fig. 4.1).

Each chain is modeled as a linear sequence of beads interconnected by springs, ev-

ery bead representing a group of a few atoms or monomer units along the polymer

backbone. The beads in the system interact via two-body potentials acting between all
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Figure 4.1: An example of a simulation box with M = 100 chains each with N = 100 beads. All

beads are represented inside the simulation box as resulting from the application of the periodic

boundary conditions. Individual chains are represented in different colors.

consecutive connected beads and between all pairs of beads in the melt. Such a model

already leads to an intrinsic stiffness of the polymer chains due to the excluded vol-

ume interaction (Kremer and Grest 1990). The main goal of the study presented in this

chapter is to investigate the influence of the chain stiffness on the static and dynamic

properties of the polymer melt. Therefore we further enhance the chain stiffness by

adding bending and torsion potentials along the chain. Depending on the actual poten-

tials considered in the simulation, different random-walk methods are used to generate

the chains close to their equilibrium configuration induced by these potentials. This will

also significantly reduce the computation time needed for melt relaxation.

In the presence of bending and torsion potentials the polymer chain configuration

becomes more rigid and, subsequently, more uncoiled. A classical measure used to char-

acterize the spatial arrangement of the polymer is the characteristic ratio C∞. It expresses

the mean end-to-end distance of a chain with a large number of beads N (approaching

∞), separated by the average bond length b, via

C∞Nb2 =
〈

R2(N)
〉

=
〈

|r1 − rN |2
〉

, (4.1)

where ri is the position vector of bead number i in the chain. The theoretical values

of C∞ are known for chains generated with specific random-walk configurations (Flory

1969) and have been introduced in Chapter 2 (Eqs. (2.5) and (2.6)). This coefficient is

used as a measure of chain stiffness.

Three internal measures completely define the chain configuration: the bond length

b, the bending angle θ and the dihedral angle φ. Based on these, we generate each
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Figure 4.2: Schematic representation of a polymer chain. Bead indices are indicated in parenthe-

ses. bi is the bond length, θi is the bending angle and φi is the dihedral angle. The local (XiYiZi)

coordinate system is such that Zi is aligned with bond bi−1; Xi lies in the plane defined by bonds

bi−1 and bi−2 and makes an acute angle with Xi−1; Yi completes a right-handed coordinate sys-

tem. P is the projection of bead i + 1 on the (XiYi) plane and allows for visualization of the

dihedral angle φi.

polymer chain as a 3D random walk of N − 1 steps.

Starting from bead i on the polymer chain, the next bead i+1 is generated by making

a random move in space. In the local (XiYiZi) coordinate system attached to bead i,

this move is characterized by the radius bi, the polar angle π − θi and the azimuthal

angle φi (see Fig. 4.2). The local coordinates of bead i + 1 are transformed into global

Cartesian coordinates linked to the first bead by translation and rotation operations.

By connecting all N beads generated in this way, we obtain a 3D random coil with

N − 1 steps or bonds. The statistical properties of such a chain (including C∞) can be

controlled by imposing specific constraints on the internal measures. We have used the

following three chain generation methods:

1. Freely jointed chain (FJC): bond length b fixed, bending angle θ free in [0◦, 180◦]

and dihedral angle φ free in [−180◦, 180◦]. This will lead to C∞ = 1.0.

2. Freely rotating chain (FRC): bond length b fixed, bending angle θ fixed to θ0 =

109.5◦ and dihedral angle φ free in [−180◦, 180◦]. This will lead to C∞ = 2.0.

3. Rotational isomeric state (RIS): bond length b fixed, bending angle θ fixed to θ0 =

109.5◦ and dihedral angle φ constrained to three values φ0 = 60◦ (gauche+), 180◦

(trans) and 300◦ (gauche−) with probabilities 0.2, 0.6 and 0.2 respectively. This will

lead to C∞ = 4.7.

In all cases we allow the parameters to vary slightly around the equilibrium val-

ues (±5% for bond length and ±5◦ for the angles). We impose a supplementary self-
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avoiding condition to prevent subsequent Lennard-Jones instabilities. This will effec-

tively force all bending angles to be larger than approx. 60◦ and will consequently lead

to C∞ = 1.7 instead of 1.0 for the freely jointed chains.

Let us consider further the potentials governing the interactions in the polymer melt.

All beads, either belonging to the same chain or to different chains, interact via the 6-12

Lennard-Jones (LJ) potential, cut off at its minimum (rcut−off = 6
√

2σ) and shifted such

that it vanishes at rcut−off (Weeks et al. 1971):

VLJ(rij) = 4ε

[

(

σ

rij

)12

−
(

σ

rij

)6

+
1

4

]

, rij < rcut−off , (4.2)

where rij = |ri−rj | is the distance between beads i and j. The Lennard-Jones parameters

ε and σ are the characteristic energy and length scales. The time unit becomes τ =

σ(m/ε)1/2, where m is bead mass. We run our MD simulations and report most of our

results using reduced units, i.e. σ = 1, ε = 1, m = 1 and Boltzmann’s constant kB = 1.

In addition to the Lennard-Jones interaction, adjacent bonded beads interact by an

attractive Finite Extensible Non-Linear Elastic (FENE) potential:

VFENE(rij) =

{

−0.5kR2
0 ln

[

1 − (rij/R0)
2] , rij ≤ R0

∞ , rij > R0 .
(4.3)

The spring constant k is chosen as k = 30ε/σ2 while we take R0 = 1.5σ for the maxi-

mum bond extension. Superposition of the LJ and FENE potentials, with these specific

parameter values, yields an anharmonic spring interaction between connected beads

with equilibrium bond length b = 0.96σ. During simulations at T = 1.0ε/kB, the bond

length will always be less than 1.2σ. As a consequence, bond crossing is energetically

unfavorable and chain entanglement is naturally obtained (Kremer and Grest 1990).

Supplementary to these two interactions, we consider first bending and then com-

bined bending and torsion potentials to enhance the polymer rigidity.

The stiffness of FRC and RIS generated chains is controlled by a bending potential,

which acts on three consecutive beads along the chain. The angle between adjacent

pairs of bonds is maintained close to the equilibrium value θ0 = 109.5◦ by the cosine

harmonic bending potential

VB(θi) =
1

2
kθ(cos θi − cos θ0)

2, (4.4)

where θi is the bending angle between bonds bi−1 and bi. The value of the bending con-

stant kθ is varied to obtain different chain stiffness with the corresponding characteristic

ratios.

For RIS generated chains, in addition, a torsion potential acting on four consecutive

beads is employed. This potential mainly constrains the dihedral angle φi, which is
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defined by three successive bonds, bi−2, bi−1 and bi. We propose here a novel form for

the torsion potential:

VT(θi−1, θi, φi) = kφ sin3 θi−1 sin3 θi

3
∑

n=0

an cosn φi. (4.5)

This potential not only depends on the dihedral angle φi but also on the bending angles

θi−1 and θi formed by the three successive bonds. The third-order polynomial in cos φi

follows from ab initio calculations for n-butane (Steele 1985) and has coefficients a0 =

3.00, a1 = −5.90, a2 = 2.06, a3 = 10.95. It has three minima for φ = 180◦ (trans), φ = 60◦

(gauche+) and φ = 300◦ (gauche−). The two sin3 θ pre-factors, tentatively suggested

by Scott and Scheraga (1966), cancel the torsion potential and force when either of the

two bending angles vanishes, which would make the dihedral angle φ undefined. This

important property makes the potential well-behaved for MD simulations that have no

rigid constraints on the bending angles; torsion potentials that are independent of the

bending angles suffer from the problem that the torsion forces tend to infinity when two

consecutive bonds are aligned. A strong bending potential may prevent this tendency,

but when bonds align the simulation breaks down. The torsion potential proposed here

gracefully eliminates these singularities and leads to stable MD runs. The value of the

torsion constant kφ was varied for stiffness control.

It is important to note that the bending and torsion potentials together form a com-

bined potential VCBT = VB + VT that determines the dynamics of the polymer chain.

VCBT induces a new equilibrium bending angle θeq that is slightly larger than θ0 result-

ing from VB only, while the equilibrium torsion angles are identical with those induced

by VT. The average bond length is unaffected by including stiffness along the chain.

4.3 Sample preparation

The polymer melt samples are prepared in three steps:

1. First, we generate an ensemble of individual polymer chains, using one of the

three chain generation methods discussed above.

2. These chains are placed together inside the simulation box using a packing proce-

dure that minimizes the variation of the local bead density.

3. The bead overlaps are eliminated in a pre-equilibration MD run that uses a thresh-

old LJ interaction.

The simulated system is a cubic box containing a total of M chains with N beads

per chain, at a bead number density ρ = 0.85σ−3 as in (Kremer and Grest 1990). The
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simulation box is filled by placing the M chains with their centers of mass in randomly

distributed points inside the box. As a result, the local bead density is not uniform

throughout the simulation box. In order to homogenize it, an MC-like algorithm is em-

ployed that minimizes the variance of the local bead density. Our packing method is a

simplification of the method discussed by Auhl et al. (2003). The MC ‘moves’ are small

geometric transformations that act separately on a polymer chain: translation, rotation

or reflection. During these transformations, the chains are treated as rigid objects, their

internal spatial configuration remaining unaffected. One transformation randomly cho-

sen from the repertoire of three is applied to a randomly chosen chain. All ‘moves’ that

increase the variance of local bead density are rejected and only those that decrease it

are accepted until a desired homogeneity is reached.

After this packing process, there will be many bead overlaps and switching on the LJ

potential would inevitably lead to numerical instabilities. In order to avoid this, a tem-

porary MD simulation is performed using a modified LJ potential: the LJ force between

two particles that are closer than a threshold distance d = 1.0σ is replaced with the LJ

force at this distance. The particles that are a ‘safe’ distance apart are subjected to the

full LJ force. In order to allow the beads to move apart easier, the bending and torsion

potentials are turned off during this pre-equilibration stage. The modified MD simu-

lation is performed with this threshold LJ force until all beads are pushed away from

the overlap regions. Then, the full LJ, bending and torsion potentials are turned-on

and the main MD simulation can start. This technique for eliminating the bead over-

laps, a simplification of the “slow push off” method of Auhl et al. (2003), guarantees a

small perturbation of the chain configurations at the transition from modified to full LJ

potential.

We perform a series of MD runs at constant temperature T and volume V (NVT

equilibrium simulations). The equations of motion are integrated using the ‘velocity-

Verlet’ algorithm (Swope et al. 1982) with a time step ∆t = 0.01τ . The temperature is

kept constant by coupling the system to a heat bath: the friction coefficient is Γ = 0.5τ−1

and the strength of the Gaussian white-noise force is 6kBTΓ (Grest and Kremer 1986).

Due to the random force, the center of mass of the entire system will drift. We remove

this drift for the subsequent analysis of the chain motion. Results will be present for

systems with up to M = 1000 chains, for chain lengths between N = 5 and N = 250.

One of the longest simulated times was 2 × 105τ .

Fig. 4.3 represents the flow-chart of our MD code used for the simulation of a poly-

mer melt.

Our code has an average speed of 1.9×105 particle updates per second on a 2.8 GHz

/ 1 GB Pentium 4 processor. The results reported in this chapter are based on a total

computation time of approximately 4 CPU years.
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Figure 4.3: Schematic representation of the program used for simulations of the polymer melt.
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4.4 Results and discussion

The objective of this study is to find out how an increasing chain stiffness affects the

properties of the entangled polymer melt. In order to characterize in detail the melt

behavior we investigate both its static and dynamic properties.

4.4.1 Static properties

A natural way to characterize polymer melts after equilibration is the N-dependence of

the mean-square end-to-end distance 〈R2〉 and radius of gyration 〈R2
g〉 averaged over all

chains in the melt. In order to increase the statistical ensemble of R2 and R2
g, we compute

them not only for the entire chains, but also for all their sub-chains. Flory’s theory

(Flory 1969) predicts that the chains of the equilibrated melt obey Gaussian statistics

with:
√

〈R2〉 ∝ N0.5,
√

〈R2
g〉 ∝ N0.5 and 〈R2〉/〈R2

g〉 = 6. Our numerical results, collected

in Table 4.1, are generally consistent with these theoretical predictions. However, some

numerical deviations can be observed, especially for the ratio 〈R2〉/〈R2
g〉 which exceed

the value 6.0 when the chain stiffness is increased. The measured values for C∞ increase

with increasing stiffness, in general agreement with the theoretical principles. Figure 4.4

shows the N-dependence of 〈R2〉 and 〈R2
g〉 for few selected cases from Table 4.1.

kθ kφ t α β 〈R2〉/〈R2
g〉 C∞

(ε) (ε) (τ × 105)

0 0 2 0.52 0.52 5.99 1.69

25 0 1 0.53 0.54 5.97 1.94

35 0 2 0.54 0.54 6.23 2.24

50 0 2 0.55 0.54 6.24 2.33

100 0 1.5 0.55 0.54 6.26 2.42

25 0.2 2 0.57 0.57 6.43 3.30

25 0.5 2 0.57 0.58 6.41 4.00

25 1 2 0.61 0.62 6.68 5.81

Table 4.1: Static properties of systems with M = 100 chains and N = 200 beads at a temperature

T = 1.0ε/kB , for different values of the bending (kθ) and torsion (kφ) constants. t is the total

simulation time, α is the exponent in
√

〈R2〉 ∝ Nα, β is the exponent in
√

〈R2
g〉 ∝ Nβ , and C∞

is the characteristic ratio defined in Eq. (4.1).

Important information about static properties can be extracted from the distributions

of bond lengths, bending and torsion angles after equilibration. Their profiles give di-

rect evidence for the action of considered potentials.
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Figure 4.4: Mean-square internal end-to-end distance 〈R2(N)〉 (black symbols) and radius of

gyration 〈R2
g(N)〉 (open symbols) vs. N for melts with M = 100 chains of length N = 200

beads for different chain flexibilities kθ and kφ. The dashed line is a visual aid representing the

theoretical scaling ∝ N0.5.

The histogram of bond lengths, presented in Fig. 4.5a, reveals the slight asymmetry

around the equilibrium bond, induced by the LJ and FENE potentials considered be-

tween consecutive beads. The angle potentials are reflected both in the histograms of

bending and torsion angles. As can be seen in Fig. 4.5b, the increase of bending stiffness

leads to higher and narrower peaks about the equilibrium angle in the bending his-

togram. In Fig. 4.5c the effect of the torsion potential on the dihedral angle distribution

is illustrated: three maxima appear for the gauche−, trans and gauche+ states. When

the torsion constant kφ is increased, only the trans maximum is significantly modified

and, as a result, the ratio between the trans/gauche states increases.

At this point, we recall that the bending (Eq. (4.4)) and torsion (Eq. (4.5)) potentials

have to be considered together in a combined bending-torsion form (CBT) because their

effects on the polymer dynamics cannot be separated. For a case in which the bending

constant is kθ = 25ε, two effects can be observed in the bending histogram when we

add a torsion potential with kφ = 3ε: a broadening towards larger θ-angles and a slight

shift of the equilibrium angle θeq > θ0 (see Fig. 4.5b). Complementary, if the torsion

strength is kept constant at kφ = 1ε, an increase of the bending constant from kθ = 25ε

to kθ = 100ε leads to a sharper peak for the trans state (see Fig. 4.5c). This effect is at-

tributed to the fact that as the bending potential gets stronger, the bonds are not allowed

to straighten and, as a consequence, the torsion potential is effectively stronger. The ex-

amples provided in Fig. 4.5 are rather extreme cases that serve illustrative purposes;

in most subsequent simulations we use values for the bending and torsion constants

which induce only moderate deviations in the angular distributions.



4.4. Results and discussion 51

φ

pr
ob

ab
ili

ty

0 60 120 180 240 300 360
0

0.005

0.01

0.015

0.02

0.025

kθ = 25ε, kφ = 1ε
kθ = 25ε, kφ = 3ε
kθ = 100ε, kφ = 1ε

(c)

θ0 θ

pr
ob

ab
ili

ty

60 90 120 150 180
0

0.01

0.02

0.03

0.04

0.05

0.06

0.07

kθ = 25ε, kφ = 0

kθ = 100ε, kφ = 0

kθ = 25ε, kφ = 3ε

(b)

b [σ]

pr
ob

ab
ili

ty

0.88 0.92 0.96 1 1.04 1.08 1.12
0

0.002

0.004

0.006

0.008

0.01

0.012

0.014

(a)

Figure 4.5: Histograms of bond lengths (a), bending angles (b) and torsion angles (c) after equi-

libration of M = 100, N = 40 systems for t = 105τ . The equilibrium bond is b = 0.96σ and

the equilibrium bending angle is θ0 = 109.5◦. The histograms are the average result over 10

distributions.

During melt relaxation, a local structure appears naturally in the system, which can

be illustrated by the pair distance correlation function g(r), shown in Fig. 4.6, plotting

the correlation for the intra and inter-chain beads separately. The intra g(r) has a sharp

peak at r ≈ σ, corresponding to the connected beads and the inter g(r) has two expected

peaks due to the first two LJ spheres of influence. The stiffness effects are evident in the

intra-chain pair distance correlation: the bending potential introduces an intermediate

peak at r = 2b sin(θ0/2) ≈ 1.6σ, corresponding to all the bead-pairs (i, i + 2) and some

of the (i, i + 3) pairs. The remaining (i, i + 3) pairs form a weak peak at ≈ 2.5σ. The

introduction of torsion stiffness has the effect of uncoiling even more the polymer chain

with direct result in decreasing the first intra-chain peak (an effect already observed in

the bending histograms) and in increasing the second one.

Another straightforward way to analyze the equilibrated melt is to analyze the chain
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Figure 4.6: Pair distance correlation function g(r) (for intra-chain, inter-chain and all beads) for

different stiffness in melts with M = 1000, N = 40.

Rouse modes. For each time these are given by:

Xp(t) =
1

N

N
∑

j=1

rj(t) cos

[

pπ

N

(

j − 1

2

)]

, (4.6)

where p = 0, 1, ...N − 1 is the mode number, describing a wavelength corresponding

to a sub-chain of N/(p + 1) beads. Even though we do not expect the Rouse modes

to be exact eigenmodes for entangled polymer chains with included stiffness, we still

investigate their static autocorrelation as a function of p and compare it with the scaling

relations proposed in the Rouse model:

〈Xp(0) · Xp(0)〉 =
l2

2Nλp
; λp = 4 sin2

( pπ

2N

)

. (4.7)

In addition, we compare the results with the analytical expression

〈Xp(0) · Xp(0)〉 =
l2

2N

[

1

λp

− 1

γ2 + λp

(

1 + O(N−1)
)

]

(4.8)
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with

γ2 =
1 − |〈cos θ〉|2

4 |〈cos θ〉| (4.9)

for FRC chains with a specific bending angle θ (Kreer et al. 2001). In the limit of large N ,

Eq. (4.7) gives the well-known dependence as p−2 of the modes autocorrelation, while

Eq. (4.8) provides a p−3 dependence, already observed for large modes (Krushev et al.

2002).
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Figure 4.7: Normal mode amplitudes (normalized by the first mode) vs. mode number p for

melts with N = 35 beads and different stiffness. The solid thin line represents the Rouse predic-

tion (Eq. (4.7)) and the other lines correspond to the FRC model with different values of 〈cos θ〉
(Eq. (4.8)).

Figure 4.7 presents the results for the first 20 modes for systems with N = 35 beads,

with different stiffness. For the fully flexible chains, the Gaussian p−2 dependence is

recovered (fit: p = 2.1) but the deviations between the simulation results and the exact

Rouse prediction (Eq.(4.7)) gradually develop with increasing the mode number.

This is to be expected since p/N is relatively large and the intrinsic stiffness from

excluded volume, present at the local scale, cannot be ignored. If this stiffness is char-

acterized by an average bending angle in Eq. (4.8) the best fit is obtained for θ ≈ 68◦.

When the stiffness is increased the deviation from the pure Rouse model becomes

more evident. The overall p-dependence becomes p−2.3 and p−2.6 for bending (triangles)

and for bending plus torsion (circles). The best fit with the FRC model prediction indi-

cates θ ≈ 114◦ for bending and θ ≈ 116.5◦ for bending plus torsion. Thus, additional

stiffness modifies the dependence of the normal mode amplitude on p, while the torsion

effects are clearly separated from the bending effects.
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4.4.2 Dynamic properties

The motion of polymer chains in the melt can be suitably analyzed by monitoring how

the beads and the chain centers of mass diffuse in time. The self-diffusion coefficient,

characterizing the macroscopic transport of the chains inside the polymer melt, is cal-

culated from the mean-square displacement using the Einstein relation.

Specifically, in order to characterize the melt dynamics, three mean-square displace-

ments are computed during the MD simulation: the absolute bead mean-square dis-

placement g1(t) (Eq. (2.9)), the bead mean-square displacement relative to the chain’s

center of mass g2(t) (Eq. (2.10)) and the mean-square displacement of the chain center

of mass g3(t) (Eq. (2.11)).

The center of mass of the whole melt is held fixed at the origin to eliminate its drift

due to the stochastic force modeling the thermostat. The mean values of g1(t), g2(t) and

g3(t) are computed by averaging over all chains in the melt. An important aspect is

that we only consider the central part of the chains (the five most internal beads) for

computing the bead mean-square displacements g1(t) and g2(t). This ensures that we

only account for the central beads of a chain which fully experience the effects of the

chain entanglement and not the chain ends which have a more freely exploring motion.

The self-diffusion coefficient D of the chains inside the polymer melt is computed

from the slope of g3(t) using the Einstein relation

D = lim
t→∞

1

6t
g3(t) . (4.10)

According to the Rouse model, the diffusion coefficient is expected to reach the asymp-

totic value

D =
kBT

ζN
(4.11)

for relatively short times, ζ being the effective bead friction coefficient. For long en-

tangled chains, reptation theory predicts a different coefficient, corresponding to the

drastic slow down of the chain motion:

D =
1

3

d2
T

l2
kBT

ζN2
, (4.12)

where dT is the tube diameter and l (l2 = C∞b2) is the effective bond length.

A proper value for D can only be obtained if the chains diffuse more than their

radius of gyration. We have ensured that the computing times were long enough for

this condition to be met even for the longest stiff chains.

First we investigate how diffusion is affected by the chain rigidity for a melt with

M = 100 chains of length N = 40. The dependence of the self-diffusion coefficient D

on the bending and torsion strengths is displayed in Fig. 4.8. A power-law fit of this



4.4. Results and discussion 55

kφ [ε]

kθ [ε]

6D
×

10
-3

[σ
2 /τ

]

0 1 2 3 4 5 6 7

0 50 100 150 200 250

0

1

2

3

4

5

6

7

8

D vs. kθ

D vs. kφ

Figure 4.8: D vs. kθ and vs. kφ for a melt with M = 100 chains, N = 40 beads per chain.

data yields D ∝ k−0.48
θ and D ∝ k−0.54

φ , which indicate a high sensitivity of diffusion

to the bending (three-body) and torsion (four-body) interactions. The eigen-frequencies

of the bending and torsional vibrations in a chain are proportional to the square root

of the spring constants kθ and kφ. Thus, we conclude that the self-diffusion coefficient

D is inversely proportional to the eigen-frequencies of the angular vibrations about the

polymer backbone.

N

6D
N

[σ
2 /τ

]

100 200 300

0.1

0.2

0.3

0.4
0.5

kθ = 0

kθ = 25ε
kθ = 50ε

Figure 4.9: The dependence of 6DN on N for different bending rigidities in the absence of

torsion stiffness, kφ = 0.

Figure 4.9 reports the computed values of 6DN as a function of N (on log-log scales)
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for different chain rigidities controlled by the bending potential, at the same tempera-

ture T = 1.0ε/kB. The product 6DN is chosen to emphasize the different regimes in

D(N) as will become clear further on. For all cases presented in the figure, two distinct

diffusion regimes can be identified with the naked eye. A more objective separation

between these was obtained by maximizing the sum of regression coefficients of two

consecutive lines fitting the data, with slopes close to 1 and 2. The results –slopes ν1, ν2

for the two regimes and the crossover between them, Ne– are shown in Table 4.2.

kθ kφ Ne ν1 ν2 ζ

(ε) (ε) (τ−1)

0 0 ≈ 70 1.1 1.7 25

25 0 ≈ 75 1.4 2.2 80

50 0 ≈ 80 1.6 2.1 92

25 0.5 ≈ 90 1.7 2.2 290

25 1 − 1.9 − 806

Table 4.2: The influence of chain rigidity on the values of Ne, exponents ν1 and ν2 in the power-

law D ∝ N−νi and ζ the bead friction coefficient for the two distinct diffusion regimes.

To test this ‘automatic crossover detector’, we have applied it to the diffusion data

from the established work of Kremer and Grest (1990), and the crossover between Rouse

regime and reptation regime was found at Ne ≈ 40 as expected. For the case with chain

stiffness resulting only from the excluded volume interactions, our data (with more

simulated points for the 6DN vs. N dependence) indicate Ne ≈ 70, which is in excellent

agreement with that reported by Pütz et al. (2000).

In Fig. 4.10 we present D(N) results for chain rigidities induced by the torsion po-

tential, keeping the bending strength constant at kθ = 25ε, a medium-high value used

in Fig. 4.9.

The effect of torsion stiffness is similar in qualitative terms to what we have found

for bending. But, torsion appears to have a much stronger effect on chain dynamics.

The diffusion results with a low value of the torsion constant (kθ = 25ε, kφ = 1ε) nearly

overlap with those for a very strong bending potential acting alone (kθ = 100ε) (data

not shown). When both bending and torsion potentials are used, all degrees of freedom

of the polymer chain tend to be constrained during the dynamics, thus having a signif-

icant influence on the resulting macroscopic transport properties. This observation is

consistent with recent studies highlighting the central importance of torsion dynamics

in polymer relaxation processes (Paul and Smith 2004).

From Figure 4.9 and Fig. 4.10 four effects are observed when the bending and torsion

chain rigidity is increased:
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Figure 4.10: The dependence 6DN vs. N for different torsion rigidities, at a constant bending

strength kθ = 25ε.

• the self-diffusion coefficient decreases for all chain lengths;

• in the regime of shorter chains the diffusion dependence on N becomes steeper;

nevertheless, we will continue to name it “Rouse regime” because it is followed

by an even steeper dependence corresponding to reptation;

• the crossover between the (modified) Rouse and reptation regimes moves to longer

chains, until it becomes undefined when the slopes of the two regimes can no

longer be distinguished.

• the slope ν2 characteristic in the reptation regime increases to the value ν2 = 2.2

(see Table 4.2), in agreement with recent theoretical, experimental and computa-

tional work (Frischknecht and Milner 2000, Lodge 1999, Tao et al. 2000, Padding

and Briels 2002).

The dramatic decrease of D is reflected in an increase of the bead friction coefficient

ζ with increasing chain stiffness (Table 4.2 includes the computed values of ζ from the

bead mean-square displacement, analyzed in next sub-section).

The modification of the Rouse regime (ν1 becoming larger than unity) has already

been noticed in earlier numerical and experimental work. Some authors (Pearson et al.

1994) assume that the Rouse prediction for the self-diffusion vs. N is accurate and cor-

rect the experimental data by allowing for a dependence of the bead friction coefficient

on the chain length. However, care should be taken of the fact that the density in ex-

periments fluctuates with the chain lengths, while in our simulation it is kept constant.

Another important factor is the influence of the glass transition on friction; future com-

puter simulations at the same T/Tg have to be performed.
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The temperature effects are evident in pulsed-gradient spin-echo NMR measure-

ments of D for n-alkanes (von Meerwall et al. 1998) in which an exponent ν1 6= 1 has

been observed below the onset of entanglement. The experimentally obtained exponent

changes monotonically from 1.85 to 2.72 as T decreases from 443K to 303K, suggesting

the existence of free-volume effects on self-diffusion. By increasing the chain stiffness

and consequently limiting the freedom of chain ends, we obtain the same trends for

the power exponent as in the experimental work on decreasing temperature. Atom-

istic MD simulations, at constant pressure, (Harmandaris et al. 2003) have also shown a

modification of the Rouse regime that was explained by free-volume effects.

In a united-atom MD simulation of melts of short n-alkanes, Mondello et al. (1998)

found a “sub-Rouse regime” with a power exponent ν1 between 1 and 2. This behavior

was explained by the deviation of short chains from exact Gaussian statistics. To a

certain extent, such a deviation is also observed in our results as we increase the chain

stiffness, see Table 4.1. The Rouse and reptation theories assume Gaussian chains and

this disparity can be one of the origins for the deviation between computational and

theoretical predictions.

In summary, the unknown dependence of friction coefficient on N , the deviation

from Gaussian statistics as well as the free-volume effects seem possible explanations

for the modification of the Rouse regime when stiffness is added to the system.

The Ne values presented in Table 4.2 are obtained from the 6DN vs. N dependence

and correspond to the approximate chain length at which the crossover between Rouse

and reptation regimes appears. Even though these values, as well as C∞ cannot be

established with great accuracy, one does note the tendency that Ne slightly increases

as the chain bending rigidity increases. A clear dependence law is almost impossible to

be obtained but, from all the empirical and theoretical predictions, Aharoni’s equation

(Aharoni 1983) (Ne ∝ Ca
∞) with a < 1 is the most likely for our data.

This outcome seems to be in contrast with similar MD studies investigating the bend-

ing influence on melt dynamics (Faller and Müller-Plathe 2001, Everaers et al. 2004),

which conclude that Ne decreases with chain stiffness. The reason for this apparent

contradiction resides in subtle implementation differences, pertaining to the exact form

of the bending potential and the value of the equilibrium angle used. Their chains are

generated through non-reversal random walk, and during the MD simulation the equi-

librium bending angle is kept to 180◦ with a relatively small energy cost. In contrast,

we generate the chain as FRC (RIS) and the equilibrium bending angle is strongly kept

at this value. As a result, the persistence lengths in the two simulations are almost the

same but they characterize very different chain rigidities and bead friction coefficients.

Thus, it not impossible that the final predictions for Ne in such dissimilar systems to

differ.

A key intriguing question arises from the dependence of D on N for increasing chain
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rigidity: what is the exact nature of the modified Rouse regime? What kind of motion

does the polymer chain undertake inside the melt for this regime? In an attempt to

clarify this, we further study the time dependence of mean-square displacement of a

single bead from the chain, g1.

The theoretically expected behavior of g1(t) in the Rouse and reptation models is

different.

• In the Rouse model, g1(t) has two visible regimes (de Gennes 1967):

g1(t) =

{

2l2
√

W
π

t1/2 for τ0 < t < τR

6D0t for t > τR

(4.13)

where l is the effective bond length, W = 3kBT/(ζl2) the characteristic Rouse fre-

quency, and D0 the bead diffusion coefficient. The crossover between these two

regimes occurs at the Rouse time

τR =
ζN2l2

3π2kBT
, (4.14)

i.e. the time needed for a chain with N beads to diffuse a distance equal to its

mean radius of gyration, g1(τR) ≈
〈

R2
g(N)

〉

.

• In the reptation model g1(t) has an extra, weaker time dependence g1(t) ∝ t1/4

embedded inside the t1/2 regime:

g1(t) =
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(4.15)

where dT is the effective tube diameter. The pre-factors used in the g1(t) depen-

dence are the same as used by Pütz et al. (2000) to enable a clear comparison. The

t1/4 regime in Eq. (4.15) is usually considered as the reptation “fingerprint”. Be-

tween the entanglement time τe ≈ τR(Ne) and the Rouse time τR, the chain moves

like a Rouse chain “trapped” inside a tube that materializes the constraints in-

duced by the entanglements. The tube diameter is related to the radius of gyration

of a chain with Ne beads through the relation d2
T ≈ 〈R2

g(Ne)〉. After τR the chain

acts like a free Rouse chain with the usual t1/2 and t1 regimes and the crossover at

the disentanglement time τd.
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We are interested in finding out which of the two models fits best with our MD

simulation results for g1(t) computed for inner beads. To analyze the character of the

modified Rouse regime found in the D(N) dependence, we have computed g1(t) for

melts with short chains of length N = 35, see Fig. 4.11. As expected, when the chain

stiffness increases, the diffusion of the central beads decreases. We observe that, for

all cases of chain stiffness considered, g1(t) has only two power-law regimes, which

are qualitatively consistent with the predictions of the Rouse model. Small deviations

from the theoretical values of the exponents are observed but this is consistent with

other results from MC studies of polymer melts (Paul 2002). The value of g1(τR), at the

crossover between the two regimes, slightly increases with increasing chain stiffness.

This is consistent with the small increase in the scaling behavior of 〈R2
g〉 with increasing

chain stiffness according to Table 4.1.
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Figure 4.11: Mean-square displacement of the innermost beads, g1 vs. time, for a melt with

M = 1000 chains, N = 35 beads per chain. The numbers are the approximate power-law

exponents in g1 ∝ tα inferred from the data points. For clarity, the symbol colors also reflect the

exponents: open symbols for α ≈ 1/2 and black symbols for α ≈ 1.

To study the effects of chain rigidity on the entanglement length Ne, we have also

computed g1(t) for melts with long chains (N = 200), see Fig. 4.12. When the bending

and torsion potentials are not included (circles in the figure), g1(t) exhibits four regimes

consistent with the reptation theory, even though the exponents deviate somewhat from

those in Eq. (4.15). So, the FJC results confirm the known reptation motion of long poly-

mers in melts (Kremer and Grest 1990, Pütz et al. 2000). By increasing the chain rigid-

ity, the reptation character of the chain motion remains essentially unchanged, albeit

with some subtle differences. For instance, the power exponent corresponding to the

“fingerprint” reptation regime, while larger than expected, decreases towards the 1/4

value with increasing stiffness. The same tendency was observed for increasing chain
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length in other coarse-grained MD simulations (Pütz et al. 2000). Also we notice that the

crossover points between all regimes are shifted to longer times and diffusion distances

as the stiffness is increased.

Nevertheless, the most significant for this study is the first crossover between the

t1/2 and t1/4 regimes. From this, we approximate the τe for the cases presented in

Fig. 4.12: 1000τ , 6000τ and 60, 000τ with increasing stiffness. The corresponding friction

coefficient ζ has also been computed from the slope of g1 vs. t1/2 for the first regime:

ζ ≈ 25τ−1, ≈ 85τ−1 and ≈ 290τ−1, respectively. Combining these results in Eq. (4.14)

that, for N = Ne, gives the value of τe, we can evaluate the Ne to be: 27, 32 and 42, re-

spectively. These are about half of the predicted values from the diffusion analysis (fact

already known in the literature) (Kremer and Grest 1990, Pütz et al. 2000) and show the

same increasing tendency with increasing stiffness.
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Figure 4.12: Mean-square displacement of the innermost beads g1 vs. time for a melt with

M = 100 chains, N = 200 beads per chain. The numbers are the approximate power-law

exponents in g1 ∝ tα inferred from the data points. For clarity, the symbol colors also reflect the

exponents: open symbols for α ≈ 1/2, gray symbols for α ≈ 1/4 and black symbols for α ≈ 1.

Next, in order to characterize the motion of the chain sub-units, with different lengths,

we investigate the time dependence of the normalized Rouse mode autocorrelation

functions. Within the Rouse model each of the modes relaxes independently and ex-

ponentially with a relaxation time τp:

Cp(t) =
〈Xp(t) · Xp(0)〉
〈Xp(0) · Xp(0)〉 = exp

(

− t

τp

)

. (4.16)

For p = 1, 2, 3, 5, 9, 17 the values of Cp(t) for systems with different stiffness (N = 35)

are shown in Fig. 4.13. The general trend, in qualitatively agreement with the semiflexi-

ble chain model of Harnau et al. (1999), is the increase of the mode relaxation time when
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Figure 4.13: Normalized autocorrelation functions of Rouse modes, Cp(t) for p = 1, 2, 3, 5, 9, 17

((a)–(f)) vs. time in melts with N = 35 beads. The chain stiffness, characteristic for all pictures,

is indicated in (f).
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the stiffness is enhanced, indicating a change in effective bead friction as emphasized

before. At the smaller scale we notice how the torsion influence vanishes because the

scattered wave length is smaller than the distance between any bead i and i + 3.

Consistent with the approximation of the relaxation time τp: τ−1
p = Wλp ≈ p2/N2,

we found that, for flexible chains, the plots of ln Cp vs. tp2/N2, for all mode numbers p

approximately collapse onto a master curve. This scaling behavior is not much affected

by the bending stiffness (for all modes) and torsion stiffness (small modes numbers) but

it vanishes for large mode numbers when torsion potential is considered.

Instead of the exponential law predicted by the Rouse model we fitted the curves in

Fig. 4.13 with a stretched exponential form (Smith et al. 2001, Padding and Briels 2002,

Padding and Briels 2001):

Cp(t) = exp

[

−
(

t

τ ∗
p

)βp

]

(4.17)

where the relaxation time τ ∗
p and stretching parameter βp depend on the mode number

p and on the chain length. Our findings indicate deviations from the exponential Rouse

prediction (βp = 1) as follows: β1 = 0.9 to β17 = 0.7 for flexible chains and β1 = 0.8 to

β17 = 0.5 for the bending–torsion stiffness. So, stiffness effects are evident at the local

scale of sub-sections of the chain that are directly affected by the angle potentials.

The stiffness effects can be revealed also in experiments on neutron quasi-elastic

scattering by polymers, in which short wavelength scattered radiation corresponds to

vibrations and viscous motion of very small sections of the chain. In MD studies, the

quantity of interest is the single chain intermediate coherent structure factor:

S(q, t) =
1

N

N
∑

k,l

〈

e−iq·rk(t) · eiq·rl(0)
〉

(4.18)

From this, by applying a suitable time-Fourier transform, the directly measured single

chain dynamic structure factor S(q, ω) is obtained. The average in Eq. (4.18) is done over

all the chains in the melt and over 100 starting states and 20 orientations for a specific

modulus q of the scattering vector q. We restrict the investigation to large values of

q (the corresponding wavelengths are smaller than the end-to-end distance and larger

than the bond length) in such a way that the inelastic scattering probes the motion of

the internal chain modes.

Fig. 4.14(a)–(c) shows the decay in time of the normalized structure factor,

S ′(q, t) =
S(q, t)

S(q, 0)
. (4.19)

In the Rouse model, S ′ can be calculated rigorously (de Gennes 1967, Dubois-Violette

and de Gennes 1967, Doi and Edwards 1989) and for the regime of interest

ln S ′ ∝ −q2t1/2. (4.20)
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Figure 4.14: Single chain intermediate coherent structure factor for melts with N = 35, M = 100

with different stiffness. The qσ values are 1 (a), 1.4 (b) and 2.5 (c). The symbols defined in (c)

apply also to (a) and (b).
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An improved dependence

ln S ′ ∝ −q2t3/4 (4.21)

was proposed independently, first by Allegra and Ganazzoli (1981) and then by Harnau

et al. (1999) as a result of two different reasons: modification of the intra-chain friction

and stiffness along the chain as a result of a bending potential. An analytical structure

factor expression including bending and torsion is not available at the moment. In order

to decide which model matches better with our data we fit the curves from Fig. 4.14 to

ln S ′ ∝ −tB (4.22)

The values of B, given in Table 4.3, are in between 1/2 and 3/4, thus suggesting that the

simulations are in between the standard Rouse model described by Eq. (4.20) and the

updated one corresponding to Eq. (4.21). Quite interestingly, the time-scaling for the

chains with bending and torsion are closest to the Rouse model at all considered scales.

qσ = 1 qσ = 1.4 qσ = 2.5

kθ = 0, kφ = 0 0.72 0.62 0.56

kθ = 25ε, kφ = 0 0.62 0.57 0.61

kθ = 50ε, kφ = 0 0.70 0.52 0.60

kθ = 25ε, kφ = 1ε 0.54 0.49 0.49

Table 4.3: The slope B from Eq. (4.22) for all cases presented in Fig. 4.14.

Another practical way to elucidate the nature of the chain motion inside the melt

is direct visualization of the chain trajectories. If the chain has a Rouse-like motion, its

trajectories are isotropically spread inside the melt, but when the motion changes to

reptation these trajectories should become confined inside a tube. For one randomly

chosen chain from the melt, Fig. 4.15 shows the stiffness effects on the localization of

the chain trajectories. The ten snapshots displayed are taken after equilibration, at equal

time intervals. To eliminate the distortions induced by the time scaling, the time interval

for each case is equivalent with 10% of the characteristic Rouse time τR estimated from

Fig. 4.11.

As can be seen in Fig. 4.15(a)–(c) the motion of short chains, observed during a spe-

cific time, is not significantly affected by increasing the chain stiffness. In terms of chain

trajectory localization, no “reptation tube” is formed to confine the chain as in reptation

theory and the motion of stiff short chains is still Rouse-like.
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(a)
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kθ = 0, kφ = 0

(b)
N = 35
kθ = 25ε, kφ = 0
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Figure 4.15: Visualization of a randomly chosen polymer chain from the melt during a time

interval equal with Rouse time τR. The chain is represented with distinct colors at successive

equal time intervals. The thicker lines represent the first and the last snapshot from the series.
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4.5 Conclusions

This chapter has presented and discussed results from extensive MD simulations, at

constant temperature and density, that investigate the effects of chain stiffness on the

dependence of self-diffusion coefficient D on polymer length N .

From the D vs. N analysis we conclude that as the chain stiffness increases the

conventional Rouse and reptation regimes are significantly modified: the reciprocal

slope of the Rouse regime increases gradually from 1 to 2 and the slope for the rep-

tation regime reaches the value 2.2. At the same time, the crossover between these

two regimes, related with the entanglement length Ne, is shifted to longer chains un-

til it becomes ill-defined. Moreover, the entanglement length Ne extracted from bead

mean-square displacement analysis for long chains, exhibits the same increasing trend

with chain stiffness. We argue that this behavior origins from the specific bending and

torsion potentials used.

To investigate more carefully the nature of short chain motion, we have analyzed

the bead mean-square displacement, the normal mode autocorrelation functions and

the dynamic structure factor for chains with different rigidities and visualized the chain

trajectories. The bead mean-square displacement, g1(t), for short chains as well as the

chain visualized trajectories show moderate deviations from Rouse behavior but major

differences with reptation. Also from the normal mode and structure factor analysis

mentioned, we can conclude that the motion behavior of short stiff chains does not

clearly obey any of the currently available theories.

The chain rigidity has been modeled by means of generic bending and torsion po-

tentials acting along the polymer backbone. For the torsion potential we have proposed

a novel form, depending on dihedral and comprised bending angles, which eliminates

the computational instabilities when two consecutive bonds align. More particular ex-

pressions for these potentials, adapted to chemically detailed chain architectures, as

well as specific interactions (hydrogen bonds, polar forces) are expected to further mod-

ify the chain stiffness, and therefore to affect the dynamics even more.





Chapter 5

Glass transition

I do not understand the subject any better, but I am now

confused at a much higher level.

Enrico Fermi

This chapter presents computation results obtained from extensive coarse-grained

molecular-dynamics simulations of amorphous ensembles of polymer chains at

constant density. In our polymer model, we use bending and torsion potentials act-

ing along the polymer backbone to control the chain stiffness. The static and dynamic

properties of the polymer bulk have been analyzed over a large temperature interval

in search for the onset of the glass transition. The glass transition temperatures Tg, for

different types of chain stiffness, have been determined from the dependence of the

self-diffusion coefficient D on the temperature T as the limiting value where the diffu-

sion vanishes. Increasing the chain stiffness induces an increase of the glass transition

temperature. The Tg values estimated from diffusion are confirmed by analyzing the

relaxation times of the autocorrelation functions for the torsion angle and for the end-

to-end vector. The dependence of the diffusion coefficient D on the chain length N is

strongly affected by temperature for chains with bending and torsion stiffness. For sys-

tems with relatively short chains (N ≤ 50), the exponent ν from D ∝ N−ν increases from

the value ν ≈ 1 expected in the Rouse regime to ν ≈ 2 as the temperature is lowered

towards Tg.

0Based on Molecular-dynamics simulation study of the glass transition in amorphous polymers with controlled

chain stiffness, Monica Bulacu and Erik Van der Giessen, Phys. Rev. E, 76, 011807 (2007).
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5.1 Introduction

The glass transition temperature Tg is one of the most important attributes of amor-

phous polymers for two main reasons. First, Tg characterizes the local chain dynam-

ics and represents an intrinsic signature of the internal structure. Second, below this

temperature, in the glassy state, amorphous polymers find countless technical applica-

tions. However, the complex process of the glass transition is still not yet completely

understood, motivating Philip W. Anderson (Nobel Laureate in Physics) to state in 1995:

“the deepest and most interesting unsolved problem in solid state theory is probably

the theory of glass and the glass transition temperature. This could be the next break-

through in the coming decade [...]. Whether it will help make better glass is question-

able” (Anderson 1995).

Computer simulations—here we refer in particular to molecular-dynamics (MD)

methods— of polymeric systems at low temperatures can help in the development and

validation of a theory of glass transition by allowing a large palette of virtual ‘experi-

ments’ in which different factors can be investigated separately. A significant advantage

over laboratory experiments is that MD simulations make possible a much more de-

tailed analysis of both material structure and local dynamics. However, the time range

accessible to computer simulations is, inevitably, very short and the number of direct

experimental techniques that can cover it is very reduced. This limits the set of observ-

able properties that can be monitored both by experiment and by computer methods

and obtaining comparable Tg values remains difficult.

Due to this insurmountable time limitation, only relatively high temperatures are

feasible in MD simulations. This frustrates comparison between simulation results

and the predictions of early Tg theories involving low critical temperatures (Gibbs and

DiMarzio 1958, Turnbull and Cohen 1961). Fortunately, more recent theories (Götze

and Sjögren 1992) deal with concepts at smaller time scales and higher critical tem-

peratures where computer simulations can indeed be a powerful test. We refer the

interested reader to a few extensive review articles on the theoretical concepts under-

lying Tg and their correspondence with simulation and experimental results (Binder

et al. 2003, Kob 1999, Ediger et al. 1996).

Majority of MD simulation studies have tried to identify Tg by monitoring changes

of certain macroscopic or microscopic properties during cooling. Early works, using

a united-atom polyethylene model (Rigby and Roe 1987, Takeuchi and Okazaki 1990,

Takeuchi and Roe 1991, Roe 1994), have investigated the static and dynamic properties

of polymer chain ensembles and the most important signs indicating glass transition

were a distinct kink in the temperature dependence of the specific volume and a con-

tinuous change in the time dependence of the chain mean-square displacements at de-

creasing temperature values. Using the same polyethylene model, very similar values
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of Tg have been obtained from non-equilibrium MD simulations of stress relaxation in

polymer melts (Gao and Weiner 1992, Weiner and Gao 1994).

More recently, other studies have predicted the glass transition temperature for spe-

cific polymer species by including more chemical detail in the simulations (Tsige and

Taylor 2002, Lyulin et al. 2003, Han et al. 1994, Yu et al. 2001).

Polymers with very different chemical configurations go through glass transition,

thus rendering it a universal phenomenon. Therefore, it is appealing to study the

glass transition using a simple and elegant coarse-grained polymer model that is safe

from chemical details and is computationally efficient. The well-known coarse-grained

model introduced by Kremer and Grest (1990) is very convenient, giving access to long

simulation times, and it has already been used with success in many polymer dynamics

studies. Here, we will also use the Kremer-Grest model, but augmented with bending

and torsion potentials to control the chain stiffness, and we systematically investigate

the effect of temperature on polymer melt behavior.

In the Kremer-Grest model, each polymer chain is represented by a sequence of

beads connected by un-harmonic springs while all beads in the system interact via a

purely repulsive Lennard-Jones (LJ) potential. The dynamics of a polymer melt is de-

termined by the entanglement between the chains of the ensemble, and this has direct

implications on the physical properties of the system, including phase transitions and

Tg. The authors of the model suggested themselves that the temperature at which all

the simulations were performed, T = 1.0ε/kB, is “at least a factor of 2 above Tg.”

The most cited papers when referring to the glass transition temperature Tg of sys-

tems based on the Kremer-Grest model are Baljon and Robbins (1996, 1997). These as-

sign the glass transition to ”just below 0.6ε/kB” by looking at the shear response in thin

polymer films. However, these simulations are conducted at constant null pressure and

the LJ potential includes an attractive part. The Tg value was also estimated for poly-

mer bulks (at constant pressure and volume) (Bennemann et al. 1998) and for random

polymer network with cross-links (Stevens 2001) by simulations that include as well an

attractive part of the LJ interaction.

A recent temperature study using the Kremer-Grest (repulsive LJ) model has been

performed by Yamamoto and Onuki (2002) which by simulating supercooled polymer

melts in shear flow have not seen any characteristics of the glassy state even for T =

0.2ε/kB.

It is very difficult to compare all these values of Tg because they have been computed

for bulks, films, or networks and the simulations were run under different conditions

(constant-pressure versus constant-volume), with different values of the LJ cutoff dis-

tance (including or not attractive interactions) and, especially, involving various poly-

mer chain lengths or densities. On the other hand, a methodic analysis of the temper-

ature effects in polymer bulks for finding clear evidence of glass transition in polymer
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bulks was still needed. We focus our study on polymer melts simulated at constant vol-

ume using purely repulsive LJ interactions. The first aim of the current work is therefore

to systematically cover this middle ground that remained to some extent insufficiently

studied until the present. Accordingly, we perform an exhaustive study of the influ-

ence of temperature on the static and dynamic properties of polymer melts in search of

evidence for the glass transition. The second and most important goal of our work is

to study the influence of chain stiffness on Tg. We will use bending and torsion poten-

tials to control the chain stiffness, and we will analyze their effect, combined with the

temperature, on polymer melt dynamics. Bending stiffness has been used also in (Faller

and Müller-Plathe 2001) and (Everaers et al. 2004). In a previous study (Bulacu and

Van der Giessen 2005), we analyzed the effect of bending-torsion stiffness on polymer

behavior and entanglement at constant temperature T = 1.0ε/kB. Here we extend our

investigation to a large temperature interval T = (0.05 − 10.0)ε/kB.

From diffusion results, we determine the Tg values for three types of chain stiffness

and confirm them by investigating the time autocorrelation functions for the dihedral

angle and for the end-to-end vector. A comparison is made between results obtained

using repulsive versus attractive LJ interactions.

Another contribution of the present chapter is the analysis of the chain length influ-

ence on polymer dynamics: how chain length affects the glass transition temperature

and how the D versus N dependence is modified by the temperature.

Before presenting and discussing how the static and dynamic melt properties change

with temperature, we first briefly review the computational model and the methods

used for the generation and equilibration of the polymer systems.

5.2 Model and simulation method

We perform MD simulations of ensembles of entangled polymer chains using a coarse-

grained polymer representation based on the Kremer-Grest model (Kremer and Grest

1990). Each chain is constituted by a linear string of beads connected by springs and all

the beads interact via a repulsive LJ potential. We have extended this basic model by

including bending and torsion potentials to control the chain stiffness and studied their

effect on the entanglement length (Bulacu and Van der Giessen 2005). Here we perform

an augmented analysis of the combined effects of temperature and chain stiffness.

The simulated systems consist of M chains, each chain containing N beads, and the

bead number density is ρ = 0.85σ−3. The potentials governing the interactions between

the beads are given in Table 5.1 and the parameter values used in our simulations are

given in Table 5.2. All beads, connected or not, interact through a repulsive Lennard-

Jones potential truncated at rc = 6
√

2σ (see Eq. (5.4) in Table 5.1). In addition to the LJ



5.2. Model and simulation method 73

potential, adjacent connected beads also interact through a finite extensible non-linear

Elastic (FENE) potential, given in Eq. (5.1). This combination of potentials and param-

eters prevents the chains from crossing each other during MD and yields entangled

ensembles with realistic dynamics for polymer melts (Kremer and Grest 1990).

We control the chain stiffness by using a bending potential VB and a torsion potential

VT acting on three and four consecutive connected beads, respectively; see Eqs. (5.2)

and (5.3). It is important to note the novelty of the torsion potential VT: it depends not

only on the torsion angle φi, but also on the bending angles θi−1 and θi (Bulacu and

Van der Giessen 2005). In this way the computational instabilities arising when two

successive bonds align are naturally eliminated. We gain the essential advantage that

the torsion angles are controlled by an efficient continuous potential, rather than by

using computationally expensive rigid constraints. This helps to manage large systems

for long simulation time in order to perform diffusion studies.

The dynamics of the polymer chains will always tend to evolve towards the three

local minima that correspond to the equilibrium bending angle θ0 and the three equilib-

rium states of the dihedral angle φ (trans, gauche+ and gauche−) (see Figure 3.6).

While most of our simulations are run using a purely repulsive LJ potential with a

cutoff distance rc = 6
√

2σ, we will also present, for comparison purposes, some results

obtained by including also the attractive part with a doubled cutoff distance rc = 2 6
√

2σ.

These two cases will be termed, for simplicity, LJ repulsive and LJ attractive.

rij
VFENE(rij) =

(

−0.5kR2

0
ln

h

1 − (rij/R0)2
i

, rij ≤ R0

∞ , rij > R0

(5.1)
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Table 5.1: Potentials used in simulations to represent the interactions between beads.
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parameter in MD units

Lennard-Jones length σ 1

Lennard-Jones minimum energy ε 1

Lennard-Jones cutoff distance rc (2) 6
√

2

FENE elastic constant k 30

Maximum bond elongation R0 1.5

Bending constant kθ 25

Bending equilibrium angle cos θ0 −0.333

Torsion constant kφ 1

Torsion polynomial coefficients in Eq. (5.3):

a0 3.00

a1 −5.9

a2 2.06

a3 10.9

Table 5.2: Parameters used in simulations.

The samples for the MD runs are carefully prepared to be compatible with the sub-

sequent simulation conditions. The initial chain conformations are generated in con-

formity with the type of stiffness that will be induced along the backbone (Bulacu and

Van der Giessen 2005):

1. Freely jointed chain (FJC)—intrinsic stiffness only (neither bending nor torsion

potentials): initial chains generated as non-reversal random walks;

2. Freely rotating chain (FRC)—bending stiffness (bending potential, no torsion po-

tential): initial chains generated as random walks with fixed bending angle θ0 =

109.5 deg between consecutive bonds;

3. Rotational isomeric state (RIS)—combined stiffness (both bending and torsion po-

tentials): initial chains generated as random walks with fixed bending angle (θ0 =

109.5 deg) and fixed dihedral angles φ0 = 60 deg (gauche+, 20% probability), 180

deg (trans, 60% probability) and 300 deg (gauche−, 20% probability).

After generation, the chains are randomly placed inside the simulation box and then

a packing procedure spreads the chains as uniformly as possible using random moves

(rotation, translation, reflection), while treating the chains as rigid objects.

A pre-equilibration run follows, employing a capped LJ potential with the aim to

eliminate the initial bead overlaps. More details can be found in (Bulacu and Van der

Giessen 2005) and (Auhl et al. 2003).
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The MD runs are performed at constant volume V and constant temperature T with

periodic boundary conditions. The temperature is controlled by coupling the system

to a heat bath (Grest and Kremer 1986): the friction coefficient is Γ = 0.5τ−1 and the

strength of the Gaussian white-noise force is 6kBTΓ.

The equations of motion are integrated using the ‘velocity-Verlet’ algorithm (Swope

et al. 1982) with a time step related to the temperature values: generally, ∆t = 0.01τ , but

for high temperatures, ∆t = 0.006τ or even ∆t = 0.003τ has been used.

To extract the static and dynamic properties of the polymer system at a chosen tem-

perature, two types of equilibration procedures were utilized: (i) the systems were gen-

erated and equilibrated at that particular temperature or (ii) the systems were cooled

in steps from a higher temperature to the desired one by allowing them to equilibrate

at each step. We did not find any significant difference between these two techniques

(which might be due to our judicious initial generation method).

Results will be presented mainly for systems of M = 1000 chains (unless otherwise

specified) with different chain length (N ≤ 50) and stiffness. The simulation of a system

with long and stiff polymer chains (RIS) at the lowest temperature required at least 20×
106 MD steps, or almost 6 weeks of CPU time on a 2.8 GHz/1 GB Pentium 4 processor.

5.3 Results and discussion

Since the glass transition is associated with a dramatic slowing down in the motion of

chain segments, we focused our in silico study on the temperature dependence of the dy-

namic properties, with the major goal of finding clear evidence for such internal motion

retardation. However, we start out by investigating the static properties not because

the glass transition would have a noticeable effect on the long-range static structure,

but primarily to prove that the systems are still in the amorphous state even at low

temperatures.

5.3.1 Static properties

We consider first the temperature dependence of the characteristic ratio CN , which is a

measure of the spatial extension of the polymer chains, defined as

CN =
〈

R2(N)
〉

/Nb2, (5.5)

where R is the chain end-to-end distance, N is the number of beads in the chain, and b

the mean bond length. Figure 5.1 shows the variation of CN with the temperature for

systems with M = 1000 chains of N = 50 beads, for the three types of chain stiffness

investigated here. The temperature has no significant influence on FJC and FRC chains,
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as observed also in other studies (Rigby and Roe 1987, Bennemann et al. 1998). The

explanation for this behavior resides in the fact that both the bond (FENE + LJ) and the

bending potentials have one energetic minimum. The temperature modifies only the

amplitude of the oscillations around this minimum and, as a result, the total effect on

CN is negligible.

T [ε/kB]

C
N

0 1 2 3 4 5 6
1
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RIS

FRC

FJC

C∞

Figure 5.1: Dependence of the characteristic ratio CN on the temperature for systems of M =

1000 chains with N = 50 beads/chain, subjected to intrinsic stiffness (FJC), bending stiffness

(FRC) or combined bending-torsion stiffness (RIS). The solid curve is the theoretical prediction

for C∞ versus T (Eq. (5.7)) derived for the classical three-state RIS model (Flory 1969).

For the RIS case, however, CN is strongly dependent on temperature. This was pre-

viously evidenced by the atomistic simulations of Rigby and Roe (1987), yet their results

appeared to have a strong deviation from the theory at low temperatures. Our results

from Fig. 5.1 are in good agreement with the theoretical predictions of the classical three-

state RIS model (Flory 1969). To illustrate this, let us consider the very simple case of a

polymer with a fixed bending angle (θ = 109.5 deg) and three discrete states S allowed

for the torsion angle: gauche+, trans and gauche− (φS = 60 deg, 180 deg, 300 deg). The

occupancy probability for each state S is given by the Maxwell-Boltzmann distribution

pS =
e−VS/kBT

Z
, with Z =

∑

S

e−VS/kBT , (5.6)

where VS is VT from Eq. (5.3) for specific φS values for each state and for θi = θi−1 = 109.5

deg. The theoretical CN for infinitely large chains C∞ is then computed as in (Flory 1969)
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C∞ =
1 − cos θ

1 + cos θ

1 − cos φ

1 + cos φ
, cos φ =

∑

S

pS cos φS, (5.7)

and its dependence on T is drawn as the solid curve in Fig. 5.1. It is notable that this

theoretical inference reproduces qualitatively very well the experimental results for the

entire temperature interval considered in the MD simulations. The difference between

the predicted curve and the experimental data points can be explained on the basis of

the disparity in complexity between the simulated systems and the presented theoreti-

cal model. Three opposing effects play a major role, altering C∞ according to Eq. (5.7):

(1) in the simulated systems the chain length is finite (N = 50); (2) while the initial

configurations of the polymers are generated with fixed torsion angles corresponding

to the discrete states gauche+ (20%), trans (60%) and gauche− (20%), later during MD the

torsion angles take continuous values, because the torsion potential itself is continuous;

(3) the torsion potential VT influences the equilibrium bending angle θ0 and pushes the

distribution of bending angles towards larger values.

Nevertheless, the three-state RIS model captures the temperature influence very

well: as temperature increases, the probability for trans state decreases, while the prob-

abilities for the intermediate torsion angles increase, thus naturally leading to shorter

chains, as observed in simulation. For very high temperatures, all dihedral angles be-

come equally probable and CN tends to the value of the FRC case. This asymptotic

behavior at high temperatures can indeed be observed in Fig. 5.1. At the opposite end,

towards low temperatures, the increase in CN with decreasing temperature continues

without any sign of cessation of the trans-gauche conformational transitions. Our results

disagree with the observations reported by Rigby and Roe (1987), who measured an

almost constant CN below a certain temperature, contrary to the theory.

We have also investigated the pair-distance correlation function g(r), given in Fig. 5.2,

in order to see how the temperature affects the local structure of the polymer melt. It is

important to observe from the beginning that the peaks present in the calculated pair-

distance functions are due exclusively to the bonds along the chain backbone and to the

LJ coordination shells. There are no intermediary peaks that would have signaled the

presence of crystallization. The first sharp peak represents the cumulated contributions

of the polymer bonds (b = 0.96σ) and the first LJ shell (rc = 6
√

2σ ≈ 1.122σ). At high

temperatures, these distances merge to become a collective peak around r ≈ σ. Upon

cooling, this peak splits more and more evidently into two separate peaks, as observed

also in (Bennemann et al. 1998). The dashed curves in Fig. 5.2 (FJC) were obtained by

including also the attractive part of the LJ potential (rc = 2 6
√

2σ): for decreasing tem-

perature, the peak due to the first LJ shell surpasses the peak due to the bonds and the

remaining LJ peaks become more evident. The second LJ coordination shell is visible in

a peak at ≈ 2.2σ.
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Figure 5.2: Pair-distance correlation function g(r) at different temperatures (in MD units) for the

three types of chain stiffness. All systems contain M = 1000 chains, N = 50 beads/chain. The

dashed lines correspond to LJ attractive case for FJC chains. The curves for higher temperatures

are shifted upward for better visualization.

The bending potential in FRC chains induces an additional peak at ≈ 1.6σ (see

Fig. 5.2, FRC). This peak is more distinct at low temperatures and for higher values

of the bending constant kθ. This bending peak is attenuated for RIS chains, because the

torsion potential tends to straighten the bending angles.
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Figure 5.3: Histograms of bond lengths b (k = 30, kθ = 0 and kφ = 0), bending angles θ (k = 30,

kθ = 25 and kφ = 0) and torsion angles φ (k = 30, kθ = 25 and kφ = 1) at different temperatures

(M = 1000 chains, N = 50 beads/chain).

The direct effect of the potentials controlling the chain stiffness can be clearly ob-

served in the histograms of the bond lengths, bending angles, and torsion angles. For

FJC and FRC chains, lower temperatures result in higher and sharper peaks around the

equilibrium bond length and bending angle (see Fig. 5.3). For high temperatures, when

the distributions are broad, an asymmetry can be observed with respect to the maxi-

mum: this is the expression of the asymmetry of the underlying potentials acting on

the bonds (FENE + LJ) and on the bending angles (VB). For RIS chains, the probability
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of intermediate torsion angles increases with increasing temperature, at the expense of

the trans, gauche+ and gauche− states. All values for the torsion angles tend to become

equiprobable and this leads to more coiled chains with lower characteristic ratio CN

(fact already noticed above).

5.3.2 Dynamic properties

In this sub-section we analyze how the temperature influences the polymer chain dy-

namics by studying the chain self-diffusion and the time decay of the autocorrelation

functions for torsion angle and for end-to-end distance.

Diffusion strongly depends on the temperature that directly affects the accessible

free volume, the chain stiffness and the type of chain motion inside the polymer bulk.

According to the Rouse model (Rouse 1953), the diffusion coefficient D depends on

temperature and chain length as

DRouse =
kBT

ζN
, (5.8)

with ζ the effective bead friction coefficient. For long entangled chains, reptation theory

(de Gennes 1979, Doi and Edwards 1989) predicts a different formula for D, implying a

drastic slowing down of chain motion:

Dreptation =
1

3

d2
T

l2
kBT

ζN2
, (5.9)

where dT is the reptation tube diameter and l is the effective bond length. Both Eqs. (5.8)

and (5.9) include an explicit linear T -dependence as well as an implicit one via the fric-

tion coefficient ζ or the reptation tube diameter dT. The dependence on T of these pa-

rameters has not been predicted on pure theoretical grounds and remains to be deter-

mined empirically by physical experiments and computer simulations.

The self-diffusion coefficient D, characterizing the macroscopic transport of the chains

inside the polymer melt, is calculated from the mean-square displacement g3(t) of the

chain center of mass rCM

g3(t) =
1

M

〈

|rCM(t) − rCM(0)|2
〉

, (5.10)

using the Einstein relation

D = lim
t→∞

1

6t
g3(t) . (5.11)

A proper value for D can only be obtained from MD simulations after the chains

have diffused over distances larger than their radius of gyration. We have ensured that
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the computing times were long enough for this condition to be met even for the longest

stiff chains and for the lowest temperatures. During the MD runs the center of mass

of the whole melt was held fixed to eliminate its drift due to the stochastic force that

models the thermostat.

Let us first consider the behavior of g3 as a function of time for a relatively short

time interval at the beginning of the diffusion process. Figure 5.4 presents results for

g3 corresponding to all three types of chain stiffness studied at different temperatures

in a short-time window early in the simulation. For all three cases, g3(t) shows two

clear regimes: one at very short times (when g3 grows approximatively as t2) and one at

very long times (when g3 ∝ t1, allowing the actual calculation of the limit value for D).

Between these two extremes, for rather low temperatures, a third transitional regime

appears as an intermediary plateaulike region for FRC and RIS chains. This type of

effect, considered a sign of the glass transition, was observed previously in computer

simulations using other polymer models (Roe 1994, Bennemann et al. 1998, Tsige and

Taylor 2002). However, when one inspects the graphs in Fig. 5.4, the estimation of the

glass transition temperature from this effect seems daring, to say the least. The inter-

mediary plateaulike regime caused by decreasing temperature does not appear for the

FJC chains when only the repulsive part of the LJ is considered. However, when the

calculations are repeated for the LJ attractive case we do observe this effect (results not

shown here), as reported previously by Bennemann et al. (1998).

The main results of our simulation work are presented in Fig. 5.5, showing the tem-

perature dependence of D, for all three types of chain stiffness. At each temperature,

the values of D were obtained in two ways: (a) generating and equilibrating the sys-

tem at the desired temperature (full symbols); and (b) generating the system at a higher

temperature and then cooling it down in steps and equilibrating until the desired tem-

perature is reached (open symbols). Within statistical fluctuations, these two techniques

yield the same results.

In Fig. 5.5, the dependence of the diffusion coefficient D as a function of the temper-

ature T follows an expected behavior: higher temperatures lead to higher diffusion co-

efficients. This qualitative trend is independent of chain stiffness. The essential feature

captured in the present results is that, for sufficiently low temperatures, diffusion coef-

ficient seems to vanish as the polymeric systems freeze into the glassy state. The glass

transition temperature Tg is estimated by extrapolating D(T ) to D = 0 —i.e., an appar-

ent cessation of diffusion with respect to the observation time. The resulting values of

Tg for the three types of polymer chains under consideration are given in Table 5.3. The

systems are not likely to undergo a sharp transition at these temperatures that should

be considered as a estimate of the temperature interval associated with the glass transi-

tion. We are more interested in the stiffness effects on the glass transition than in very

accurate values for Tg itself.
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Figure 5.4: Close-up view in the short relaxation time region of the time dependence of the

mean-square displacement of the chain center of mass (g3). For all three stiffness cases the tem-

peratures are indicated in the insert. Only a relatively short time interval, at the beginning of

the simulations, is depicted to distinguish more clearly the plateaulike intermediary regime that

appears at lower temperatures for FRC and RIS chains.

Another possible way to estimate Tg would be the fitting of D vs. T curves with

different empirical or theoretical equations (Jäckle 1986, Götze and Sjögren 1992) that

provides an inferior limit for Tg. Since the results are very much dependent on the

temperature interval used for the fitting and since we consider that the MD simulations

are not accurate enough to distinguish between exponentially small and strictly zero

values of the diffusion coefficients close to the glass transition temperature, we do not
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Figure 5.5: Temperature dependence of the self-diffusion coefficient D for systems with M =

1000 chains, N = 50 beads/chain, with FJC, FRC and RIS stiffness. Solid symbols are obtained

from simulations at the indicated temperatures and open symbols are obtained after cooling

from higher temperatures to the desired temperatures. The solid symbols are used to define two

linear regimes (the straight lines drawn in the figure).

Tg

[ε/kB]

FJC (kθ = 0, kφ = 0) 0.05

FRC (kθ = 25ε, kφ = 0) 0.4

RIS (kθ = 25ε, kφ = 1ε) 0.7

Table 5.3: Estimated values of the glass transition temperature Tg for the three types of chain

stiffness FJC, FRC and RIS. These approximate Tg values are consistent with the diffusion results

shown in Fig. 5.5 and with the relaxation times shown in Fig. 5.11.

perform such a fitting.

It is important to observe that Tg increases with polymer stiffness from FJC to FRC,

and further to RIS chains, by controlling the elastic constants of the bending (kθ) and

torsion (kφ) potentials. This is consistent with the observation that, at a given temper-

ature, D decreases when the chain stiffness increases (a result already reported in our

previous paper (Bulacu and Van der Giessen 2005) for T = 1ε/kB).
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The D vs. T graphs in Fig. 5.5 show two linear regimes with different slopes: a fast

regime specific to the liquid (melt) phase and a slower regime corresponding to super-

cooled and highly viscous systems situated between the glassy and the liquid states.

The crossover temperature Tc between these two regimes increases also with increasing

stiffness: Tc ≈ 0.4ε/kB for FJC, Tc ≈ 0.8ε/kB for FRC and Tc ≈ 1.5ε/kB for RIS.

An essential element influencing the polymer dynamics is whether the LJ potential is

purely repulsive (rc = 6
√

2σ) or includes also an attractive part (rc = 2 6
√

2σ). For compar-

ing with the work of Bennemann et al. (1998) where an attractive LJ potential was used

for systems with FJC chains (N = 10 beads/chain), we have also simulated identical

systems for both values of the LJ cutoff distance rc. The resulting D(T ) for FJC sys-

tems shown in Fig. 5.6 agree very well with the results in (Bennemann et al. 1998). We

observe that for temperatures below T = 1.0ε/kB, the diffusion coefficients are signifi-

cantly smaller when the attractive LJ interaction is considered. Above this temperature,

there is no difference in the diffusion coefficients, as stated previously by Kremer and

Grest (1990). The reduced diffusion for an attractive LJ interaction can be explained by

observing that the second LJ coordination shell falls within the attractive region of the

potential. This will reduce the motion of the beads of the first LJ coordination shell,

thus diminishing the overall diffusion. Consequently, the glass transition temperature

for systems with attractive LJ (Tg ≈ 0.4ε/kB) is considerably higher than for systems

with only repulsive LJ.

The effectiveness of the bead mobility in controlling the glass transition depends not

only on temperature and chain stiffness but also on the chain length N . Tg increases

with the chain length to a plateau value T∞
g , specific to infinitely long polymer chains

following a universal relation well established in the literature (Fox and Flory 1950,

Rudin and Burgin 1975):

TgN = T∞
g (N − const), (5.12)

where the constant depends on the particular polymer type. Figure 5.8 shows our re-

sults for the chain length dependence (N ≤ 50) of Tg for FRC and RIS chains and Fig-

ure 5.7 shows D vs. T dependences at different chain lengths from which the glass

transition temperature was obtained.

T∞
g and the constant from Eq. (5.12) are estimated by linearly fitting the TgN vs.

N dependence and the resulting curves are included in Fig. 5.8. This is an elegant

method to estimate Tg values for systems of long polymer chains, avoiding otherwise

extremely time-consuming simulations. The specific T∞
g values (≈ 0.47ε/kB for FRC

and ≈ 0.75ε/kB for RIS) are very close to Tg for N = 50 beads per chain, indicating this

considered length as a good choice to compromise between accuracy and computing

time.
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Figure 5.6: Temperature dependence of the self-diffusion coefficient D for systems with M =

1000 chains, N = 10 beads/chain, with FJC (intrinsic) stiffness. Solid symbols are obtained from

simulations with repulsive LJ potential (rc = 6
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2σ) and open symbols are obtained for attractive

LJ potential (rc = 2 6
√

2σ). The glass transition temperature for the attractive LJ case is Tg ≈ 0.4,

as reported earlier in (Bennemann et al. 1998).
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The chain length dependence of the diffusion coefficient is, in turn, strongly influ-

enced by stiffness and temperature. We show now in Fig. 5.9 the dependence of D on N

for temperatures ranging, for each type of stiffness, from the vicinity of Tg to well above

Tc—i.e., in the full liquid phase.

Due to the excessive computational time required by simulations at low tempera-

tures and high stiffness for rather large systems of M = 1000 chains needed for stable

statistical results, we had to limit our study to short chains N ≤ 50 for which Rouse

behavior is expected; i.e. D ∝ N−ν with ν = 1 in concordance with Eq. (5.8).

Similar to prior work in this field (Kremer and Grest 1990, Faller and Müller-Plathe

2001, Bulacu and Van der Giessen 2005), rather than D vs. N , we plot 6DN vs. N in log-

arithmic scales since this allows for an easy distinction between the horizontal plateau

of the Rouse regime and the slanted dependence (ν > 1) characteristic for reptation.

At relatively high temperatures, above Tc, the chains behave according to the Rouse

theory for all three types of chain stiffness. However, with increasing stiffness, higher

temperatures are needed to obtain the nearly horizontal dependence. A noteworthy

observation from Fig. 5.9 is that, for FRC and RIS chains, at temperatures approaching

Tg, the DN vs. N dependence becomes progressively inclined, thus testifying to the

dissolution of the Rouse regime for super-cooled polymer melts.

For each temperature, the data in Fig. 5.9 have been fitted to D ∝ N−ν ; the values of

the exponent ν for the three types of chain stiffness are gathered in Table 5.4.

Our results for the temperature effects on the D versus N dependence can be put



5.3. Results and discussion 87

N

6D
N

[σ
2 /τ

]

50 100

10-2

10-1

100

FJC

T = 1.0

T = 0.50

T = 0.20

T = 0.10

T = 0.05

N

6D
N

[σ
2 /τ

]

50 100

10-2

10-1

100

FRC

T = 1.0

T = 0.5

T = 0.3

T = 3.0

T = 6.0

N

6D
N

[σ
2 /τ

]

50 100

10-2

10-1

100

RIS

T = 1.0

T = 2.0

T = 6.0

T = 0.8

T= 10.0

Figure 5.9: Self-diffusion coefficient D for FJC, FRC and RIS chains as a function of chain length

N at different temperatures (simulated systems with M = 1000 chains). The temperatures are

indicated in each figure in MD units. The dependence becomes progressively inclined as the

temperature is lowered approaching Tg.

in a more general theoretical and experimental context. A modified free-volume theory

has been proposed by von Meerwall et al. (1982, 1998) that combines the Rouse theory

with free-volume effects due to the chain ends. This combined Rouse-free-volume the-

ory predicts a gradual change of the exponent ν in D ∝ N−ν with temperature, which

has been tested experimentally (von Meerwall et al. 1998) and in atomistic simulations

(Harmandaris et al. 2002) for n-alkanes. Our results agree qualitatively with these previ-

ous studies when the coarse-grained model is augmented with additional bending and
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FJC FRC RIS

T [ε/kB] ν T [ε/kB] ν T [ε/kB] ν

0.05 1.12 0.3 1.97 0.8 2.00

0.10 1.16 0.5 1.59 1.0 1.92

0.20 1.19 1.0 1.41 1.5 1.65

0.50 1.19 1.5 1.33 2.0 1.59

1.00 1.17 3.0 1.25 6.0 1.32

1.50 1.17 6.0 1.21 10.0 1.23

Table 5.4: Influence of the chain stiffness and temperature on the exponent ν in the power law

D ∝ N−ν . The exponents have been calculated by fitting the data from Fig. 5.9.

torsion stiffness.

We find further evidence of the glass transition by investigating the time autocorre-

lation functions (ACFs) of the torsion angle and of the end-to-end vector.

The torsion angle autocorrelation function Rφ has the fastest relaxation time, and

we expect to reflect the dramatic slowing down of the local chain dynamics induced

by the glass transition. For its calculation, we preferred to use Eq. (5.13) (proposed in

(Takeuchi and Okazaki 1990)) because this formulation uses cosine functions and avoids

the expensive computation of the actual values of the dihedral angles:

Rφ(t) =
〈cos φi(t) cos φi(0)〉 − 〈cos φi(0)〉2

〈cos φi(0) cos φi(0)〉 − 〈cos φi(0)〉2
, (5.13)

where φi(t) is a dihedral angle at time t and the averages are calculated over all dihedrals

in the system and over several time references. The Rφ(t) plots in Fig. 5.10 reveal the

same trend for all three stiffness: as the temperature decreases, Rφ relaxes more slowly,

to the limit of almost no relaxation at very low temperatures during the observation

time.

The relaxation time τR specific for each situation was estimated as the time at which

Rφ has decayed to 1/e from its initial value. In this way we deliberately avoid employ-

ing any theoretical or empirical models since there is no clear evidence that they are

appropriate to both below and above Tg regimes (Jin and Boyd 1998). The temperature

dependence of the relaxation time τR is shown in Fig. 5.11 (solid symbols, left scale).

The calculated relaxation time for the torsion autocorrelation function increases mono-

tonically with decreasing temperature until a specific temperature is reached. At this

temperature a sudden increase of the relaxation time occurs, indicating a strong slow-

ing down of the torsion dynamics. By identify this temperature with the glass transition

temperature, we obtain, for all chain types, very similar Tg values with the one obtained

from the vanishing of the diffusion coefficient D; cf. Fig. 5.5.



5.3. Results and discussion 89

t [τ]

T
A

C
F

0 10 20 30 40 50
0

0.2

0.4

0.6

0.8

1

T = 0.01
T = 0.05
T = 0.1
T = 0.2
T = 0.4
T = 1.0

FJC

t [τ]

T
A

C
F

0 20 40 60 80 100
0

0.2

0.4

0.6

0.8

1

T = 0.1
T = 0.2
T = 0.3
T = 0.4
T = 0.5
T = 0.6
T = 0.8
T = 1.0
T = 1.2

FRC

t [τ]

T
A

C
F

0 20 40 60 80 100
0

0.2

0.4

0.6

0.8

1

T = 0.1
T = 0.4
T = 0.5
T = 0.6
T = 0.7
T = 0.8
T = 1.0
T = 1.2
T = 1.8

RIS

Figure 5.10: The decay in time of the torsion angle autocorrelation function Rφ at various tem-

peratures for FJC, FRC and RIS chains. The temperatures are indicated in the insert in ε/kB

(M = 1000 chains with N = 50 beads/chain).

We have also investigated the time autocorrelation function of the end-to-end vec-

tor 〈R(t) ·R(0)〉 / 〈R2(0)〉. The relaxation times τE, computed as described above, are

given in Fig. 5.11 (open symbols, right scale). We observe a remarkable resemblance

of the results, indicating almost the same Tg values, even though time scales of these

two processes are completely different. The autocorrelation function of the end-to-end

vector has the slowest relaxation time that is needed for the end-to-end vector to lose

the memory of its initial orientation.
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Figure 5.11: Relaxation time τR of the torsion autocorrelation function (solid symbols, left scale)

and relaxation time τE of the end-to-end vector autocorrelation function (open symbols, right

scale). The relaxation times increase markedly when the temperature is lowered towards Tg

(M = 1000 chains with N = 10 beads/chain for attractive FJC and M = 1000 chains with

N = 50 beads/chain for repulsive FJC, FRC and RIS).
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5.4 Conclusions

We have presented comprehensive results from extensive molecular dynamics simula-

tions of ensembles of polymer chains. The computations are based on a coarse-grained

chain representation, in the spirit of the Kremer-Grest model, but with additional bend-

ing and torsion potentials to control the chain stiffness. Our study covered a large tem-

perature interval and we focused our analysis on the behavior of the polymer systems

undergoing glass transition as the temperature is lowered.

First, the static properties of the systems were investigated as a function of temper-

ature. We found that the characteristic ratio is strongly dependent on temperature for

RIS chains: the simulation results are in good agreement with the theoretical three-state

model, proving the suitability and effectiveness of our novel combined potential that

controls the bending and torsion angles. The peaks in the pair-distance distributions

corresponding to the LJ coordination shells were used to verify that the polymer en-

semble remains in an amorphous state at the lowest temperatures studied. Histogram

analysis showed that, by decreasing the temperature, the distributions of bond lengths,

bending angles and torsion angles become more narrow around the equilibrium values

due to the retardation of the bead mobility.

The most important aspect treated here is the effect of temperature and chain stiff-

ness on the polymer dynamics monitored through the chain self-diffusion coefficient D.

For the three type of stiffness considered—FJC, FRS and RIS—the D versus T curves

were used to identify the glass transition temperature Tg as the limiting value where

diffusion vanishes. By increasing the stiffness from FJC to FRC and to RIS chains, the

calculated value of Tg increases. Investigation of the time autocorrelation functions of

the end-to-end vector and of the dihedral angle provided further evidence regarding the

glass transition. The relaxation times of these autocorrelation functions show a dramatic

increase near the Tg estimates obtained from diffusion. This confirmation is significant

because the time scales involved differ by about three orders of magnitude. While most

of our simulations were run using a purely repulsive LJ potential, some additional com-

parisons with previous studies were performed by including also the attractive part of

the LJ potential. The attractive LJ interactions change the polymer dynamics at low

temperatures so as to increase the value of Tg.

We also provided here a relevant study regarding how the temperature affects the

D versus N dependence for relatively short chains: with decreasing the temperature,

the exponent in D ∝ N−ν increases from ν ≈ 1 (as expected for short chains in Rouse

regime) to ν ≈ 2. This “fanning out” of the DN vs. N curves at different temperatures,

depicted schematically in Fig. 5.12, is stronger for systems with added bending and/or

torsion stiffness along the polymer backbone.

Overall, our results indicate that the continuum coarse-grained model employed in
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Figure 5.12: Schematic representation of DN vs. N dependences at different temperatures, for

FRC and RIS stiffness. ν is the exponent in D ∝ N−ν . The curves “fan out” from ν = 1 to ν = 2

as the temperature decreases towards Tg.

our MD simulations can be very effectively used to study how the microscopic bead

motion controlled by the temperature thermostat results in the macroscopic transport

process of chain diffusion. The glass transition occurs at temperatures low enough such

that the local random bead motion becomes ineffective in inducing large-scale chain dif-

fusion. This phenomenon was distinctly captured in our MD results. The chain flexibil-

ity plays a dominant role in polymer dynamics and glass transition, clearly influencing

the sensitivity of chain mobility to temperature.



Chapter 6

Polymer–polymer adhesion via connector chains

A good scientist is one who knows enough to steal from the

best people.

J. Holton

C
oarse-grained molecular-dynamics simulations have been performed to study the

adhesion between two glassy polymers reinforced with connector chains. By com-

puting the total work needed to completely separate the polymer bulks by pulling out

the connector chains, we investigate the effects on the adhesion strength of different

connector architectures (areal density, chain length and stiffness, number of stitches at

the interface) and external debonding conditions (separation rate and temperature). The

dependences of the adhesion strength G on connector length as n2, on areal density as

Σ1, and on pulling velocity as vα
pull (with α dependent on temperature) have been re-

covered for different number of stitches and for different connector rigidities. The time

evolutions of the adhesion work from debonding simulations performed at various tem-

peratures and pulling velocities collapse on a master curve when plotted in normalized

units. An interesting observation concerns the number of stitches at the interface: the

total work of adhesion is not markedly influenced by increasing the numbers of stitches.

We find that chain stiffness also induces only a moderate increase in adhesion strength.

0Based on Tensile debonding simulations of polymer-polymer interface reinforced with connector chains, Monica

Bulacu and Erik Van der Giessen, submitted to Macromolecules (2007).
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6.1 Introduction

Bonding together existing polymers is a technical solution for creating new materials

with specific properties, at a relatively low cost. For industrial applications, however,

the overwhelming majority of polymers that require to be bonded are immiscible, thus

having a very weak interfacial interaction. One strategy to increase the adhesion be-

tween such polymers is to improve the natural chain entanglement at the interface by

adding supplementary connecting molecules at the interface (Creton et al. 2001). These

preformed connectors link the polymer bulks and they effectively ”sew” the junction

and strengthen the interface adhesion often more than a hundred times, depending on

their architecture. The adhesive bonding obtained is required to resist to different stress

conditions and loading rates depending on the specific application and working envi-

ronment: a very high adhesion strength is required in the construction and automotive

industry, while a relatively low one is needed for the packaging industry.

The reinforcement produced by the connectors placed at the interface depends on

their areal density, molecular weight and chain stiffness, as well as their spatial confor-

mation, essentially, the way in which they weave back and forth across the interface to

create one or multiple stitches (see Fig. 6.1).

n1
n1 n1

n1

n2

n2

n2
n2

n3 n3

n3

n4

n4

n5

A

B B

A

B

A
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A

one stitch two stitches three stitches four stitches

Figure 6.1: Schematic representation of the stitch architecture of connectors at the interface be-

tween two glassy polymer bulks A and B. The number of stitches in the figure varies from s = 1

up to s = 4. The stitches are represented as thick bonds and the connector length is the sum

of connector blocks n =
∑s+1

i=1 ni. Each successive connector block is immersed in a different

polymer bulk.

A long and costly trial-and-error process is needed in applications in order to chose

the specific connector architecture that leads to the intended adhesion strength for solv-

ing particular problems. The effects of the connector chains on the toughness of the

interface between two immiscible glassy polymers have been extensively investigated.
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The most common examples involve poly(methyl methacrylate)–PMMA, polystyrene–

PS and polyvinylpyridine–PVP (e.g. Brown et al. 1993, Kramer et al. 1994, Washiyama

et al. 1993, Dai et al. 1997).

An attractive alternative for selecting the adequate connector chains is to use com-

puter programs to simulate various possibilities and extract guidelines for synthesizing

specific polymers for the required mechanical response and interface strength. How-

ever, such achievement is not straightforward due to the complexity of the adhesion

process, whose understanding involves multiple approaches coming from chemistry,

interfacial physics, and mechanics.

The only available method for the quantitative evaluation of adhesion strength is the

effective breakage of the interface. This justifies the traditional macroscopic approach

of studying adhesion using fracture mechanics. But the measured fracture energy is

many orders of magnitude greater than the theoretical sum of the free energies of the

two newly created surfaces (following Griffith 1920). The generally accepted explana-

tion for this difference is that the polymer–polymer fracture is not a reversible process,

but rather consists of many irreversible dissipation processes, such as shear yielding or

craze. Furthermore, subsequent detailed investigation of the fracture surfaces, using

ion-beam and X-ray scattering techniques (Kramer 1991, Boucher et al. 1996), reveals

that irregular material discontinuities appear at the crack tip, so that the true surface

area becomes greater than the planar geometrical area assumed in classical fracture me-

chanics. For the case of polymer-polymer interface reinforced with connector chains,

especially, the stress transfer is done by the connector chains and the adhesion strength

is directly related to the entanglement of the connectors with the bulk chains.

Despite the importance of the molecular processes in adhesion strength, until the

present, the analysis of polymer fracture has mostly concentrated on macroscopic phe-

nomena. Nevertheless, some attempts have been made to incorporate the molecular

fracture mechanisms into continuum models by using cohesive laws – phenomenolog-

ical relations – between the traction on the interface and separation of the materials on

either side. But, due to the lack of development of such laws for polymeric materials,

these constitutive relations were just borrowed from those developed for metals, in spite

of the clear distinction between the phenomenology of plastic deformation in amor-

phous polymers compared to metals. For example, Rahul-Kumar et al. (1999, 2000),

modeling fracture during the peel test of viscoelastic polymers, showed the inadequacy

of the metallic cohesive law. The major insufficiency is that the cohesive laws for poly-

mers have to incorporate rate dependence.

One important aim of the study reported in this chapter is to develop constitutive

relations specific for the debonding of a polymer–polymer interface reinforced with con-

nector chains. This is achieved by performing molecular-dynamics simulations of the

polymeric material localized in front of the crack tip (see Fig. 6.2). The novel constitutive
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Figure 6.2: The representation of the polymer fracture model: (a) the small scale plastic zone in

the proximity of the crack tip where the molecular fracture mechanisms occur (e.g. pullout of

the connector chains); (b) the mesoscopic molecular scale where the molecular dynamics sim-

ulations of the debonding are performed. The polymer chains are treated as strings of beads

connected by springs; (c) the polymer bead – more polymer units collapsed together (e.g. for

poly(methyl methacrylate) PMMA).

relations can be used as cohesive laws at the continuum level in a multi-scale simula-

tion. Such an implementation has been already done for simulating crack growth in ho-

mopolymers: using a micromechanical model, a cohesive law for crazing was derived

and subsequently introduced in continuum fracture simulations (Tijssens et al. 2000, Ti-

jssens and Van der Giessen 2000).

The major contribution of the traction-separation laws resulting from molecular dy-

namics is that they contain naturally the rate-dependent behavior of the system.
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Besides this, we are particularly interested in the effects on the adhesion strength

of the length of the connector chains, areal density, pulling velocity and temperature.

The novelty of this work consists in the investigation of these effects together with the

control of the stiffness along the connector backbone. We will also control the number

of stitches that connectors form at the interface. The results presented here are the first

MD study that explicitly and systematically considers the case of multiple stitches in

between two polymer bulks modeled as realistic 3D ensembles of interacting polymer

chains. Some previous attempts contain either end-grafted chains in a 3D bulk (Sides

et al. 2001, Sides et al. 2002, Sides et al. 2004) or one multiple-stitch connector in between

two networks of obstacles in 2D (Pickett et al. 1996, Pickett et al. 1997, Sabouri-Ghomi

et al. 1999).

This chapter is organized in three sections. In Sec. 6.2 we present the computational

model used to simulate the tensile debonding of two polymer bulks glued together by

connector chains at the interface. The section starts with a short presentation of the po-

tentials governing the interactions between the polymer chains. Then we describe the

generation and pre-equilibration of the polymeric system prior to the tensile pull. Sec-

tion 6.3 contains our results and discussion regarding the effects of different internal and

external parameters on the adhesion strength. The chapter ends with the conclusions in

Sec. 6.4.

6.2 Model and simulation method

We perform molecular dynamics (MD) simulations of a system formed by two polymer

bulk samples situated on top of each other and bonded together by connector chains.

The two polymer bulks are placed in separate MD boxes and do not interact with each

other directly. The connector chains are located at the interface, penetrate into the two

simulation boxes and interact with the bulks via an attractive Lennard-Jones potential,

realizing in this way the adhesion. During the MD run, the upper box is pulled up-

wards, as a whole, at constant speed while the lower box in kept fixed and we measure

the work necessary to break the adhesion by monitoring the forces in the connector

chains.

In the current study, only the case of tensile debonding is considered for which the

two polymer bulks are pulled apart along the vertical direction perpendicular to the

interface. A separate future study is needed for the case of shear pull where the two

bulks slide horizontally with respect to each other.

The polymer bulks are modeled as 3D ensembles of interacting chains placed in

two separate simulation boxes: M chains with N beads per chain, at a bead number

density ρ = 0.85σ−3 for each polymer bulk. The connector chains cross the interface
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between the two simulation boxes: m chains with n beads per chain (split in blocks

of ni beads), at a variable areal density of the connectors Σ. Special attention is paid

to number of stitches s made by connectors at the interface and to its influence on the

adhesion strength. The initial generation of the connectors between the two bulks, prior

to the tensile debonding, is carefully controlled: all connectors have the same number

of stitches that can vary from one to four as represented in Fig. 6.1.

6.2.1 Interaction potentials

For each polymer chain (either inside the bulks or being a connector) we use a coarse-

grained representation based on the Kremer-Grest (1990) model, extended to account

for stiffness along the chain backbone (Bulacu and Van der Giessen 2005).

The two polymer bulks are confined in the pulling direction (Z) perpendicular to

the interface. This is achieved by using a repulsive interaction between the bulk beads

and the walls of the MD box perpendicular to Z. Each bead from the polymer bulk

interacts with the upper and lower walls of its simulation box via an integrated 3-9

Lennard-Jones potential:

V wall
LJ (z) =

2πεwall

3

[

2

15

(

σwall

z

)9

−
(

σwall

z

)3
]

, z < zwall
cutoff . (6.1)

Its graph is represented in Fig. 6.3 and the values of εwall and σwall are given in Table 6.1

together with all the other parameters of the interaction potentials used in our simula-

tions.
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Figure 6.3: Potentials used for the interaction between the bulk chains and the walls (LJ inte-

grated wall – dark gray line) and between two connected beads (FENE+LJ for the chains in the

bulks – black dashed line, and reflected FENE for the connectors – black solid line).
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parameter MD units

Lennard-Jones length σ 1

Lennard-Jones minimum energy ε 1

Lennard-Jones cut-off distance rcutoff (2) 6
√

2

Lennard-Jones wall length σwall 1

Lennard-Jones wall energy εwall 0.85

Lennard-Jones wall cutoff distance zwall
cutoff 0.85

FENE elastic constant k 30

Maximum bond elongation (FENE) R0 1.5

RFENE elastic constant kr 50

Maximum bond elongation (RFENE) Rr 1.3

Bending constant kθ 25

Bending equilibrium angle cos θ0 −0.333

Torsion constant kφ 1

Torsion polynomial coefficients:

a0 3.00

a1 −5.9

a2 2.06

a3 10.9

Table 6.1: Parameters used in simulations (in MD reduced units).

This LJ-wall potential mimics the interaction of the particles from the bulks with an

infinite half-space uniformly filled with 6-12 LJ (Eq. (6.2)) particles (Sides et al. 2002,

Sides et al. 2004). This interaction is not felt by the connector beads. The bulk beads

are kept strictly inside the simulation box on the Z direction by the repulsive force with

the box walls. This interaction is essential in allowing the construction of the adhesion

interface as the system must be confined to a finite range along the Z axis. This is in

contrast with the periodic boundary conditions used on the X and Y axes, simulating

a continuum in these two directions. The LJ-wall potential will also prevent the bulk

particles from being pulled outside the simulation box on the Z direction as they are en-

gaged by the connector chains during the debonding simulation. In Fig. 6.4 an example

of a simulated polymer bulk is given to emphasize the effects of the LJ walls.

The bond between two successive beads along the chain is modeled differently for

the bulks and for the connectors. In the polymer bulks, two connected beads interact

through the combination of two potentials: the repulsive Lennard-Jones (LJ) potential
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Figure 6.4: An example of a simulated polymer bulk (M = 75 chains with N = 500 beads per

chain). In the Z direction two LJ-wall potentials are used to confine the polymer beads. In X

and Y directions periodic boundary conditions are employed. Their effect is not represented in

the figure by re-introducing the outside beads back in the simulation box. Two boxes like this

are glued together on the Z direction by connector chains.

plus the finite extensible non-linear elastic (FENE) potential:

VLJ(rij) = 4ε

[

(

σ

rij

)12

−
(

σ

rij

)6

+
1

4

]

, rij < rcutoff , (6.2)

VFENE(rij) =

{

−1
2
kR2 ln

[

1 −
( rij

R

)2
]

, rij ≤ R0

∞ , rij > R0 .
(6.3)

In it important to observe that the FENE+LJ combination is asymmetric with respect

to the equilibrium bond length b0 = 0.96σ (the black dashed line in Fig. 6.3). Bonds are

allowed to extend more easily than to compress. As a consequence, the average bond

length in the normal state is slightly larger than the equilibrium bond length b0. Overall,

the bonds are slightly stretched and the average tension in the chains is negative, rather

than zero. This systematic effect can be allowed for the polymer bulks, but it must be

eliminated for the connector chains, because we will measure the adhesion strength by

monitoring the tension induced in the connectors by the applied tension.

A symmetrized potential is thus needed to model the bonds between successive

beads on the connector chains. For this purpose, we reflect the FENE potential around
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the equilibrium bond length b0 = σ. The reflected FENE (RFENE) potential

VRFENE(rij) =







−0.5krR
2
r ln

{[

1 −
(

rij

Rr

)2
] [

1 −
(

2σ−rij

Rr

)2
]}

, rij ≤ Rr

∞ , rij > Rr

(6.4)

controls, in a symmetric manner, both the elongation as well as the compression of the

polymer bonds, on either side of the equilibrium bond length b0 = σ. Two parameters

must be set for the reflected FENE potential: the maximum elongation Rr and the elastic

constant kr. The values given in Table 6.1 were chosen such that the RFENE potential

overlaps as much as possible with the FENE+LJ potential over the active range of bead

distances in the neighborhood of the equilibrium bond length (see Fig. 6.3).

The bonds from the bulks will be modeled using the FENE+LJ potential in order to

remain comparable with our previous studies of polymer melts. The bonds from the

connector chains will, however, be modeled using the RFENE potential, which is sym-

metric and allows us the measure the adhesion strength by monitoring the connector

tension without any systematic bias.

An important aspect in this study is the control of chain stiffness. The stiffness along

the chain backbone is enhanced by using a bending potential VB and a torsion poten-

tial VT acting on three, respectively four, consecutive connected beads. The bending

potential maintains the angle between adjacent pairs of bonds to the equilibrium value

chosen θ0 = 109.5◦:

VB(θi) =
1

2
kθ(cos θi − cos θ0)

2. (6.5)

The torsion potential constrains the dihedral angle φi to three possible equilibrium val-

ues φ = 180◦ (trans), φ = 60◦ (gauche+) and φ = 300◦ (gauche−). We use a form of the

torsion potential that depends also on bending angles. This makes the potential and

its corresponding force to cancel when the dihedral angle φ becomes undefined (two

consecutive bonds align):

VT(θi−1, θi, φi) = kφ sin3 θi−1 sin3 θi

3
∑

n=0

an cosn φi. (6.6)

The way in which the bending and torsion angles are defined has been described in

Fig. 2.3. These potentials have been used also in the previous chapters and thoroughly

analyzed their influence on the static and dynamic properties of polymer melts (Bulacu

and Van der Giessen 2005, Bulacu and Van der Giessen 2007).

Because geometric singularities are gracefully eliminated without the need for rigid

constraints, these continuous potentials have clear computational benefits allowing the

stable simulation of large systems. In this chapter, the influence on the adhesion strength
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of bending and torsion potentials, acting on connector chains, is investigated. The po-

tentials VB and VT are applied to the bulk chains in all our experiments. While the bulk

chains are in the same stiffness state only the stiffness of the connector chains will be

varied in different simulation runs.

The bulks will be kept in the same reference state below the glass transition temper-

ature, only the stiffness of the connector chains will be changed in different simulation

runs to see its effect on adhesion strength.

Unconnected beads interact via the LJ potential (Eq. (6.2)). Two different cutoff

distances are used: the interaction between two beads from the bulk is purely repul-

sive with rcutoff = 6
√

2, while the interaction between a connector bead and a bulk

bead includes also the attractive part of the LJ potential, rcutoff = 2 6
√

2. The cutoff dis-

tance is therefore used to differentiate the bulk-bulk interaction (repulsive LJ) from the

connector-bulk interaction (attractive LJ). This distinction is important: the repulsive LJ

interaction induces a uniform bead distribution inside the two polymer melts, while the

attractive LJ interaction between the connectors and the bulks is essential in realizing

the adhesion. The connector-connector interaction is also repulsive LJ, similar to the

interaction between beads within the two polymer bulks.

The strong interaction between connected beads (FENE+LJ in the bulks and RFENE

in the connectors) coupled with the excluded volume interaction between unconnected

beads (repulsive part of LJ potential) prevents the chains from crossing each other and

yields entangled polymer ensembles (Kremer and Grest 1990). The chain motion is

restricted by the entanglement with the other chains from the ensemble.

6.2.2 Sample preparation

Prior to the debonding simulations, a careful preparation of the samples is required. The

polymer chains from the bulks are generated as random walks with constraints for the

bond lengths, bending and torsion angles around their equilibrium values needed for

the specific potentials (Bulacu and Van der Giessen 2005). For all simulations referred

here the bulk chains have bending and torsion stiffness: kθ = 25ε, kφ = 1ε. Supple-

mentary constraints are imposed during chain generation to keep the beads inside the

simulation box in the Z direction. This is achieved by rejecting those random moves

that come closer to the box walls than a chosen safe distance.

The connector chains are generated such that they have a predefined conformation at

the interface – with a certain number of stitches and a certain number of beads between

the stitches. To obtain such controlled connectors we separately produce tails which

start from a point on the interfacial plane and loops which start and stop on the interfa-

cial plane using a random walk procedure similar to that used for the bulk chains. The

tails and loops (individual connector blocks) are then concatenated to obtain connectors
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with the desired number of stitches, cf. Fig. 6.1. Mostly the generated connectors have

equal blocks between the stitches: nb = n/(s + 1) where s is the number of stitches. For

special cases the connector blocks are not equal and the connector is explicitly described

(e.g. n1 : n2 : n3 : n4 for a three stitch connector) or the blocks have completely random

lengths.

The two polymer bulks are placed on top of each other and the preformed connec-

tors are uniformly distributed at the interface according the desired areal density of the

connectors Σ. The successive blocks (tails or loops depending on s) of each individual

connector chain are immersed alternately in the two polymer bulks. The resulted in-

tertwining between connector chains and bulk chains, which cannot cross each other,

consequently establishes the adhesive junction.

Our study is restricted to low connector areal densities for which is assumed that the

connectors do not interact with each other and consequently the initial random walk

generation is appropriate. This regime was named the ”mushroom” regime by Raphaël

and de Gennes (1992) and is valid for the value of Σ ≤ 0.008 (Sides et al. 2001, Sides

et al. 2002), predominantly used in this study. For the situation of high connector areal

density (”brush” regime) there is no clear evidence of the how the connectors are placed

at the interface. Still special generation methods have been proposed (Sides et al. 2004,

Terzis et al. 2000a, Terzis et al. 2000b).

A packing procedure is used after generation to make the initial distributions of

particles in the two simulation boxes as uniformly as possible: while the connectors are

kept fixed, small random moves are applied to the bulk chains (treated as rigid objects)

with the aim to reduce the variance of the local bead density within the two simulation

boxes.

Two short MD stages are employed next in order to bring the whole system to equi-

librium: a slow push-off stage uses capped LJ potentials to eliminate the bead overlaps,

followed by a brief MD run when the full potentials are turned on and the system is

taken to the desired temperature (Auhl et al. 2003, Bulacu and Van der Giessen 2005).

6.2.3 Tensile debonding MD simulation

In the current work, we study how the connector chains are forced to disentangle when

the two bulks are pulled apart. It is assumed that the connector chains do not break,

but slip out from the bulks in a viscous process. If a bond length exceeds a maximum

value of 1.3σ, the polymer chain is considered broken and the simulation stops. The

adhesion strength will be computed by integrating the tension appearing in the con-

nectors chains as they are forced to follow a reptation motion induced by the growing

separation between the two polymer bulks.

Tensile debonding is achieved by moving up the top bulk as a whole (together with
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its walls) at a constant pull velocity vpull. The majority of experiments are performed at

vpull = 0.1σ/τ . The fracture is complete when there is no connector with beads located

inside both simulation boxes and thus no force is transmitted across the interface.

f2

vpull

f3

f4f1

A

B

Figure 6.5: An example of a connector crossing the two melts. Only the thick bonds are consid-

ered for computing the transmitted force F .

During the debonding simulation we determine the work necessary to separate the

two bulks (A and B). The work W is computed as the time-integral of the tension force

that is induced in the connector chains by the pulling action. For computing the tension

force F we chose to consider half of the sum of the bond forces (RFENE) for all the

connector bonds that cross the lower boundary of melt A and, subsequently, the upper

boundary of melt B, or vice-versa (see Figure 6.5):

F (t) =
1

2

∑

i

fi(t) · ez (6.7)

where ez is the unit vector on Z direction and the sum goes over all pair of bonds that

cross the two simulation boxes in sequence (there are four such bonds in Figure 6.5).

The 1/2 factor from the calculation of F is used because in fact two equal tensions on

both bulks are summed.

The instantaneous tensile power at time t per unit area, needed to keep the upper

bulk in motion with the velocity vpull, is given by

w(t) = F (t)vpull/A (6.8)

where A = l2box is the interfacial area (lbox the box length).

The work needed to separate the two simulation boxes up to the time t becomes:

W (t) =

∫ t

0

w(t′)dt′ (6.9)
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Measuring the work of adhesion as the time-integral of the total tension induced in

the connector chains by the pulling action is an important choice we decided to make if

our computational experiments. We emphasize the fact that all other simulation param-

eters will ultimately have an effect on the tension appearing in the RFENE bonds of the

connectors. The connectors will be disentangled from inside the two bulks under the

action of this tension force and, as we will see further, the results fully reflect the nature

of this reptation process.

Figure 6.6 shows an example of the time evolution during debonding for the force

F and the work of adhesion W . The dependence of F with simulation time can be

translated in a traction-separation law to be used in subsequent continuum modeling.

The adhesion strength G is evaluated as the plateau value from W versus t that appears

at tD – the total debonding time.
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Figure 6.6: Time dependences of total force F transmitted between the two polymer bulks (a)

and the work W spent during debonding (b). The adhesion strength G is assumed the plateau

value of W that appears at tD – the total debonding time (one-stitch connectors with n = 200).

The MD runs are performed at constant temperature T and volume V (for each sim-

ulation box). We chose for constant-volume simulations instead of constant-pressure to

avoid the supplementary tensions induced in the system by volume adjustment.

The temperature is kept constant by coupling the system to a heat bath: the friction

coefficient is Γ = 0.5τ−1 and the strength of the Gaussian white-noise force is 6kBTΓ. All

the experiments, except the ones in which the temperature dependence of the adhesion

strength is investigated, are performed at T = 0.3ε/kB. This value was chosen to be

below the glass transition temperature of bulk systems with RIS chains, estimated as

TRIS
g = 0.7ε/kB by Bulacu and Van der Giessen (2007).
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The equations of motion are integrated using the ‘velocity-Verlet’ algorithm (Swope

et al. 1982) with a time step ∆t = 0.01τ . A boxing scheme is used for the efficient

implementation of the LJ interactions.

Results will be presented from simulations with different connector chain lengths

n ≤ 500 and areal densities Σ, at different pulling velocities vpull. The connector chain

stiffness will be varied and its effect on adhesion strength will be analyzed. The sim-

ulation box size was chosen such that the connectors do not come close to the walls

opposite to the interface. In each case, the length of the bulk chains was N = 500, while

the number of chains M was computed to obtain the desired bead density (ρ = 0.85σ−3)

inside the simulation boxes. The final results are averaged over approximative 20 inde-

pendent experiments to account for the variation caused by the random distribution of

the connectors at the interface.

Figure 6.7 shows a simplified flowchart of the MD code used for adhesive fracture

simulations.

An average simulation time was 105τ and required approximately 100 hrs of com-

putation on a 2.8 GHz/1 GB Pentium 4 processor.

6.3 Results and discussion

In this section we present our simulation results and start by looking at some graphical

representations showing the evolution of the adhesion system during the debonding

pull. Figure 6.8 presents three snapshots (initial, middle and final) from a simulation of

a system with one-stitch connectors (of length n = 150) placed at the interface. As the

interface widens, the connectors are first extended, and then parts of them are gradually

pulled-out from the bulks into the empty region between the two simulation boxes.

To obtain a complete separation, all the connectors must be outside from at least

one polymer bulk. Since the interaction between the connectors and the two bulks is

identical, and usually the connectors are symmetric, the slippage of the chains has no

preferred direction.

To gain a better understanding of how the connectors act during debonding, the

histograms of bonds, bending angles and torsion angles are extracted and included in

Fig. 6.8. The histograms are collected by computing all the bond lengths, bending and

torsion angles along the entire connector chain, irrespective of their location (whether

inside or outside the bulks). Observing the histograms of the bond lengths, we can see

that, as debonding progresses, the bonds are more and more stretched from the equilib-

rium value of σ up to a maximum of about 20% elongation. This effect is the basis for

computing the work of adhesion by integrating the tensions appearing in the connector

bonds elongated due to the pulling action. The bending angles evolve towards values
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Figure 6.7: Schematic representation of the program used for simulation of the fracture of ad-

hesion between two polymer bulks reinforced with connector chains. The MD step includes

also the ”on the fly” analysis (e.g. the calculation of the debonding work and the extraction of

specific histograms).
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Figure 6.8: Three snapshots from the tensile debonding simulation of a system with m = 30

one-stitch connectors with n = 150 beads per connector at an areal density Σ = 0.008σ−2. The

elapsed time is indicated below each figure. For clarity, the polymer chains from the two bulks

are not shown. Below each snapshot, we represented the corresponding histograms for the bond

lengths b, bending angles θ and torsion angles φ of the connector chains.

closer to 180◦, while, in the distribution of torsion angles, the gauche+ (φ0 = 60◦) and

gauche− (φ0 = 300◦) states disappear leaving a dominant trans state (φ0 = 180◦). We

found no difference in the moment of onset and speed of these modifications appearing

in the three histograms.
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As the connectors are completely pulled out from one bulk and do not transfer ten-

sion anymore, the bond lengths and bending angles return to their equilibrium values.

On the contrary, the torsion angles remain in the trans state, because the energy barrier

to the gauche states cannot be surpassed due to the very low temperature.

A more complex behavior is observed for long connectors (n = 500), as shown in

Figure 6.9. Not all the bonds along the chain deform uniformly: some are visibly elon-

gated, while others remain unstressed, thus giving rise to the two separate peaks in the

bond length histogram. By comparing with previous figure, we observe that the bonds

that are stretched are, in fact, subjected to a larger tension and deviate more from the

equilibrium value σ. This will lead to a larger integrated work of adhesion. The ten-

sion acts on the portion of the connector chains situated between the two bulks. For

this region, the bending angles open to 180◦, giving rise to the sharp peak in the θ his-

togram from Figure 6.9. When the bending angles are close to 180◦, the torsion potential

vanishes and, as a result, the histogram of dihedral angles flattens. This behavior is

observed also for shorter chains when the pull velocity is increased.

6.3.1 Influence of connector chain architecture on adhesion strength

In this subsection we will start by showing that the adhesion strength depends on the

connector length as n2. This scaling law remains valid also when the connector stiffness

is changed or when the number of stitches formed by the connectors at the interface

is increased. The G ∝ n2 dependence is directly related to the nature of the polymer

chain motion inside a dense entangled ensemble of other polymer chains. Let us make

some simple theoretical considerations and then show numerical results to support this

scaling law.

The force field used in our simulations does not allow the chains to cross each other

and this results in an entangled system (Kremer and Grest 1990, Bulacu and Van der

Giessen 2005). Inside polymer melts, if the chains are long enough, they are confined to

move along a “tube” determined by the restrictions due to the neighboring chains. Rep-

tation theory (de Gennes 1979, Doi and Edwards 1989) predicts that chain self-diffusion

in melt is retarded and the diffusion coefficient D scales as N−2, where N is the chain

length. In the reptation “tube” however, the chain diffuses like a Rouse particle and this

one-dimensional self-diffusion scales as N−1.

The connectors are pulled out from the bulks in a similar manner, during the tensile

debonding of the two glassy polymer bulks. They are forced to creep along the tube,

in an accelerated reptating manner. Next we attempt a simple theoretical description of

this phenomenon, following Evans (1987).

If we consider a part of a chain of length l (with nl beads and bond length b) im-

mersed in a polymer bulk, the force required to extract it must overcome Stokes’s drag
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Figure 6.9: Histograms of the bond lengths b, bending angles θ and torsion angles φ for a system

with long one-stitch connectors with n = 500 beads.

force:

f = γv (6.10)

where γ is the drag coefficient and v is the pulling velocity. The coefficient γ may be

considered the inverse of the mobility and, according to Einstein’s relation, γ = kBT/D.

If we assume that the polymer chain is pulled out along a tube determined by the

neighboring chains, the diffusion coefficient D along the tube may be replaced with

D = D0/nl according to the Rouse model, D0 being the bead diffusion coefficient. In

this way, Eq. (6.10) becomes:

f = µ0lv, (6.11)



6.3. Results and discussion 111

where kBT
D0b

has been replaced with µ0 that can be regarded as a bead friction coefficient.

Consequently, the total work required to completely pull out an entire connector chain

of length L (n beads) is given by:

w =

∫ l=L

l=0

µ0lv dl =
µ0

2
L2v =

µ0b
2

2
vn2 (6.12)

This dependence w ∝ n2 for the pullout regime relies on reptation theory and has been

deduced in several other approaches for glassy polymer fracture or reinforced interfaces

(Prentice 1983, Evans 1987, de Gennes 1989, Xu et al. 1991).

Washiyama et al. (1993) have demonstrated this scaling to be a good fit to the data

obtained experimentally for a PS-PVP interface reinforced with PS-b-PVP connectors in

a pure pullout regime (no crazing).

Figure 6.10 shows the time evolution during debonding of the work of adhesion

for one-stitch systems with different connector length. Obviously, longer connectors

require more time to full debonding and this yields larger accumulated work.
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Figure 6.10: The time evolution of the work of adhesion for the one-stitch case with different

connector lengths at areal density Σ = 0.008σ−2.

The plateau of W reached after the complete separation gives the adhesion strength

G. Figure 6.11 shows the G versus n dependence for several systems in which the num-

ber of stitches was varied. We obtained regression coefficients for G ∝ n2 in the vicinity

of 0.98.

Besides G ∝ n2, Figure 6.11 shows also the effect that the number of stitches has

on adhesion strength. This is an important research question and several experimental



112 6. Polymer–polymer adhesion via connector chains

n

G
[ε

σ-2
]

50 100 150 200 250 300

5

10

15

20

25

30

35

40

45

s = 1
s = 2
s = 3
s = 1 random blocks

Figure 6.11: The adhesion strength versus the number of beads per connector, for different

number of stitches.

studies (e.g. Dai, Dair, Dai, Ober and Kramer 1994, Brown et al. 1993) have been done

by replacing the di-block connectors that form a single stitch at the interface with multi-

block connectors that form multiple stitches. Due to the fact that the connectors make

multiple excursions across the interface, the areal density of stitches differs from the

areal density of connectors. In experiments, the connector density can be controlled,

but the stitch density remains uncertain, despite the preformed chemical structure (e.g.

tri-block).

In computer simulation, however, it is possible to completely control the initial con-

figuration of the connectors at the interface – both the number of stitches and the num-

ber of beads in each block between the stitches. Our procedure for generating the con-

nectors allows for an extensive study of the influence of the number of stitches on the

adhesion strength, at constant connector areal density as well as at constant stitch areal

density.

Figure 6.12 shows the last snapshot at complete tensile separation of different sys-

tems in which the number of stitches s was varied, as illustrated in Fig. 6.1. In the

two-stitch situation, Fig. 6.12a, most of the connectors remain attached to the upper

bulk after fracture since the main polymer disentanglement in this particular situation

happened for the tails situated in the bottom bulk. For the three-stitch case, the partition

of connectors is more balanced between the two bulks due to the symmetry of the ini-

tial conformation. In the case s = 4 shown in Fig. 6.12c most chains stick to the bulk in

which they have the central loop and the tails at the beginning of the simulation (please

refer to the last panel in Fig. 6.1).
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a) b) c)

Figure 6.12: The last snapshot from tensile debonding simulations for systems with (a) s = 2, (b)

s = 3, and (c) s = 4 stitches at the interface. All the systems have the same number of connectors

m = 30, with equal blocks between stitches nb = 50 (n = nb(s + 1)). The connector areal density

was constant Σ = 0.008σ−2.

The number of stitches does not change the scaling G ∝ n2 (see Fig. 6.11), however

it influences the adhesion strength and this effect is better depicted in Fig. 6.13.

When the total length of the connector chain is kept constant, only a moderate in-

crease in G with the number of stitches is observed. As the number of stitches increases,

each connector block becomes shorter. A peculiar situation occurs for s = 2, where we

observe that adhesion is weaker than for the one-stitch case. A possible explanation is

that the tails of the two-stitch connector are shorter and consequently easier to extract

than the tails of the one-stitch connector. The increase in G due to the stitches is more

pronounced for longer chains (see Fig. 6.11).
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Figure 6.13: Adhesion strength G versus number of stitches s. Two cases are considered: (1)

constant connector length (n = 240 beads with equal blocks between stitches) – open symbols;

(2) constant block length nb = 50 beads – solid symbols (the total length of the connector is

n = nb(s + 1)).

When the length of each block is kept constant and the total length of the connec-

tor multiplies with the number of stitches, the adhesion strength G grows significantly

mainly due to the increased length of the chains (see Fig. 6.13).

The influence of the stitches on adhesion strength was investigated in computer sim-

ulation by only one other known study (Pickett et al. 1996, Pickett et al. 1997). The

authors reported a larger improvement of the adhesion strength with the number of

stitches for a constant chain length. The disagreement probably relies on the significant

differences between the models: in that study, the bulks are modeled as 2D networks of

fixed obstacles, the connectors have rigid bonds and they are grafted on the surface of

one bulk during the pullout. Our system is much more fluid, because all our interac-

tions are continuous and the connectors are free at the interface.

Our results, showing a moderate increase of the tensile work with the number of

stitches at the same chain length, are in better qualitative agreement with experimental

results that indicate random co-polymers connectors as “surprisingly effective in rein-

forcing polymer interfaces”, but not better than di-block (one-stitch) connectors of the

same length, at the same connector areal density (Creton et al. 1991, Brown et al. 1993,

Char et al. 1993, Kramer et al. 1994, Dai, Dair, Dai, Ober and Kramer 1994, Benkoski

et al. 2001). In the chain pullout regime, the external work goes mainly into the stretch-

ing of the connector molecules, which does not change dramatically from the one-stitch
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case to the many-stitches cases (Ji and de Gennes 1993).

Another interesting comparison between reinforcement with one or two stitches can

be done by considering the same areal density of stitches, instead of the same areal den-

sity of connectors, as in the experiments of Dai, Washiyama and Kramer (1994) and Dai

et al. (1997). One can assume, as a first approximation, that a tri-block connector (form-

ing two stitches) effectively consists of two ”pseudo” di-block connectors obtained by

cutting the loop into two equal parts (see figures from Table 6.2). We compare these two

situations in the results given in Table 6.2. The total number of beads initially immersed

in the two bulks is constant, while the chain connectivity is changed to reproduce the

two situations. The connector areal density in the one-stitch case is doubled compared

with the one for the two-stitch case. The results from Table 6.2 show that the coupling

between the two polymer bulks is stronger for the two-stitch configurations.

b

a a

b/2b/2

a a

a : b : a a : b/2

Σ = 0.008σ−2 G2 Σ = 0.016σ−2 G1

50 : 100 : 50 9.78 ± 0.32 50 : 50 7.56 ± 0.19

60 : 120 : 60 13.59 ± 1.01 60 : 60 11.31 ± 0.53

100 : 100 : 100 29.14 ± 0.01 100 : 50 9.94 ± 0.87

100 : 200 : 100 36.95 ± 0.50 100 : 100 33.60 ± 2.02

Table 6.2: Adhesion strength obtained for constant stitch areal density Σ = 0.016σ−2. Two dif-

ferent chain architectures are considered: G2 results from reinforcement with two-stitch polymer

chains (a : b : a) with connector areal density Σ = 0.008σ−2 and G1 results from reinforcement

with shorter one-stitch polymer chains (a : b/2) at a double connector density Σ = 0.016σ−2.

One important aspect that has also to be considered is how the beads of the con-

nector are distributed among its blocks. Until now, we only considered blocks of equal

length. In lower part of Figure 6.11, the graph with solid symbols shows the G versus n

dependence obtained for one-stitch connectors with random block length. An evident

decrease in adhesion strength is noticed, explained by the fact that the chain length

effectively extracted from the bulks is shorter.

All experiments presented in this paper are performed in the “mushroom” regime:

the number of connectors per unit interfacial area is relatively small and as a result the

connectors do not interact with each other. Consequently, increasing the connector areal

density is expected to have a linear effect on the adhesion strength since the effective

interactions with the bulks increase monotonically (Xu et al. 1991, Creton et al. 2001).

For the one-stitch case, this behavior is exemplified in Fig. 6.14: while the total work of
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adhesion increases with the areal density of connectors, the time needed to completely

separate the two bulks remains the same being related solely to the chain length.
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Figure 6.14: Work of adhesion versus simulation time for different connector areal densities

(one-stitch case with n = 100 beads per connector).

The adhesion strength G estimated from the plateaus of Fig. 6.14 is shown as a func-

tion of Σ in Fig. 6.15, together with results obtained for the two-stitch case. Consistent

with the basic premise of working in the “mushroom” regime, we observe that G scales

as Σ1, independent of the number of stitches at the interface.

In Figure 6.16, we compare the G versus n dependences for different connector stiff-

ness. The default stiffness settings for our experiments were kθ = 25ε and kφ = 1ε both

for the bulks as well as for the connector chains. Two modified stiffness cases were

considered only for connectors: kθ = 25ε, kφ = 0 – no torsion potential acting on the di-

hedral angles, and kθ = 0, kφ = 0 – no bending, nor torsion potential (the stiffness is just

intrinsic, resulting from the excluded volume interactions). The connectors were gener-

ated as RIS chains for all types of stiffness, to eliminate differences in the initial spatial

conformation and retain only the effect due to the interaction potentials. For the specific

fracture mechanism treated in this paper (pullout only), the connector stiffness seems

to promote adhesion strength. The difference is noticeable between intrinsic stiffness

and bending stiffness. The extra contribution due to torsion stiffness seems negligible,

requiring further investigation.

This strengthening effect of connector chain rigidity in the pullout regime cannot

be immediately translated into improved adhesion, since other fracture mechanisms

may have a different sensitivity to chain rigidity. In particular, stiff long chains tend
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Figure 6.15: Adhesion strength G as a function of connector areal density. Solid symbols repre-

sent the one-stitch case with n = 100 beads per connector (50:50) and open symbols represent

the two-stitch case with n = 150 beads per connector (50:50:50).
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Figure 6.16: Adhesion strength G versus connector length n for different chain stiffness. The

connectors are all generated as RIS chains (random walks with constraints on the bending angles

θ and dihedral angles φ). Here the one-stitch configuration was considered.

to break easier than flexible ones. This explains why the effect of chain rigidity on

adhesion (including multiple fracture mechanisms) is variable in experimental studies

(Wu 1982, Voyutskii 1963) and simulations (Sides et al. 2002).
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6.3.2 Influence of temperature and pull velocity on adhesion strength

In this sub-section, the influence of the external conditions during the debonding is in-

vestigating by performing simulations at different temperatures and pulling velocities.

Before starting, a clear distinction has to be made between the joining temperature at

which the formation of the adhesive bonding takes place, and the pulling temperature

at which the separation is performed. An increase in joining temperature is assumed to

promote the adhesion strength due to the intensification of the diffusion process that

leads to a deeper penetration of the connector chains inside the bulks. On the other

hand, the pulling temperature determines the thermal motion in the system and fa-

cilitates the pulling-out of the connectors from the bulks and as a result the adhesion

strength drops.

In this study, the equilibration before debonding is relatively short and tempera-

ture does not play a significant role in the final penetration depth. Hence, the effects

observed in our simulations are mainly due to the pulling temperature.

Figure 6.17 presents the temperature dependence of the adhesion strength for sys-

tems with one-stitch symmetric connectors of lengths n = 100 and n = 200 beads per

chain. The temperatures interval was chosen to embrace the glass transition tempera-

ture for the bulks (Tg ≈ 0.7ε/kB).
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Figure 6.17: Adhesion strength G versus temperature T for one-stitch connectors with n = 100

and n = 200 (vpull = 0.1σ/τ ).

As expected, the total work of adhesion needed for a complete separation decreases

as the temperature increases since the internal motion facilitates the extraction of the

connector chains from the bulks. Similar trends have been reported based on computer



6.3. Results and discussion 119

simulations in Refs. (Sides et al. 2001) and (Sides et al. 2002), and in experiments for

PMMA-PS interfaces reinforced with PMMA-PS connectors (Brown et al. 1993).

As shown in Figure 6.17, the temperature dependence is strongly influenced by the

connector length and by the temperature interval itself. The data shows two distinct

temperature intervals, separated at approximately T = 1.2ε/kB, where the slope of G

versus T dependence changes. At low temperatures, the variation of G is larger because

the thermal fluctuations are more localized for a system in the glassy state. The value

T = 1.2ε/kB might be considered the glass transition temperature of the whole adhesion

system. This temperature is larger than Tg = 0.7ε/kB specific to the equilibrated bulk

phase due to the high pulling rate vpull = 0.1σ/τ at which our debonding simulations

are performed.

We will now analyze how adhesion strength G depends on the pulling velocity vpull.

To the best of our knowledge, this is the first time when the relationship G versus vpull

is systematically investigated in MD simulations of tensile fracture of two polymers

reinforced with connector chains at the interface. The experimental evidence about the

rate effects on adhesion is still contradictory: Kramer et al. (1994) and Passade et al.

(2000) report a clear dependence of the work of adhesion in glassy polymers on the

pulling velocity, while Washiyama et al. (1993) shows that the adhesion strength is only

slightly modified with velocity. We note that in the study presented here the pulling

velocities used in MD simulations are orders of magnitude higher than the ones used in

experiments (Sides et al. 2004). Figure 6.18 shows how an increase in the pulling velocity

affects the adhesive response: the debonding time tD decreases, while the plateau value

of W (t), i.e. the adhesion strength G, is enhanced.

The adhesion strength G is plotted against pulling velocity vpull in Fig. 6.19 for dif-

ferent connector lengths and temperatures.

The velocity dependences of the adhesion strength can be fitted as power laws G ∝
vα
pull, where the exponent α increases with temperature from α ≈ 0.2 for T = 0.3 to

α ≈ 1.0 for T = 2.0. As the temperature increases, the system is no longer in the glassy

state and the dependence of G on vpull becomes almost linear, as predicted for elastomers

(Raphaël and de Gennes 1992).

For a chosen system, the W versus t dependencies at all considered velocities and

temperatures can be replotted in normalized units W/G and t/tD as shown in Fig. 6.20.

It is interesting to observe that all curves superpose on a unique master curve. This time-

temperature superposition is specific for viscoelastic polymers (Ferry 1970, Maugis and

Barquins 1978). Consequently, results at various temperatures/pulling velocities can be

predicted, without performing the actual experiments, once the master curve is known

from previous work.
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Figure 6.18: Work of adhesion versus simulation time for different pulling velocities vpull. The

connectors are symmetric di-block chains with n = 100 beads per chain.
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Figure 6.19: Adhesion strength G versus pulling velocity vpull for one-stitch connectors with

n = 100 beads at different temperatures. The curves are power fits to the data points.
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Figure 6.20: Normalized work W/G versus normalized time t/tD for different pulling veloci-

ties at T = 0.3ε/kB (left panel) and different temperatures at vpull = 0.1σ/τ (right panel). All

adhesion systems are reinforced with one-stitch symmetric connectors with n = 100.

6.4 Conclusions

In this paper, a detailed molecular dynamics investigation has been performed of an ad-

hesion system formed by placing connector chains at the interface between two glassy

polymer bulks. The fracture mechanism considered was chain pullout and we focused

on the influence of internal and external parameters on adhesion strength.

The model proposed here is a realistic 3D simulations of tensile debonding of two

polymer bulks represented as dense entangled ensembles of linear chains. This gave

us the unique possibility to systematically study the influence of the number of stitches

formed at the interface on the work of adhesion.

The total work needed to completely pullout the connector chains from the bulks

was calculated and comparisons were made between different chain architectures –

length and stiffness, number of stitches, areal density – at different pulling velocities

and temperatures.

Adhesion strength is mainly influenced by the connector length (G ∝ n2) and con-

nector areal density (G ∝ Σ). These scaling laws are unaffected when modifying the

connector stiffness or the number of stitches across the interface. A moderate increase

in adhesion strength is induced by multiplying the number of stitches or by enhancing

connector rigidity.

The results presented here capture also the effect of the pulling velocity, especially
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since this was not systematically investigated in previous MD simulations of adhesion.

The adhesion strength scales as vα
pull with α dependent on temperature. For low temper-

atures below Tg, α ≈ 0.2, while for high temperatures, when the system is no longer in

the glassy state, the G dependence becomes linear on the pulling velocity, α ≈ 1.0.

Lowering the temperature of the system induces an increase in adhesion strength.

This relationship displays two temperature intervals with different slopes and an appar-

ent glass transition at T = 1.2ε/kB is identified. We also found a time-temperature su-

perposition characteristic to viscoelastic polymers: the time evolutions of the adhesion

work obtained at various temperatures and pulling velocities superpose on a master

curve, when plotted in normalized units.



Chapter 7

Concluding remarks

One must stop before one has finished.

Barbara Tuchman

This chapter summarized the overall results of this study and connect them with

the goals of the thesis. The crucial importance of including chain stiffness in the

chain model used for molecular dynamics simulations of dense entangle polymer chain

ensemble is highlighted. The thesis is concluded by a short outlook of the possible

future research directions that can be followed for a more in-depth study of polymeric

materials.
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7.1 Summary and contributions

This thesis is mainly devoted to the study of the dynamics of dense polymer chain

ensembles in the melt or glassy state, and during a very common application: polymer–

polymer adhesion reinforced with connector chains. Since polymer dynamics is a very

complicated multi-body problem that cannot be solved analytically, a powerful alter-

native is to use molecular dynamics simulations. Nevertheless a reasonable polymeric

system contains an enormous number of chains that interact with each other, and the

simulation of such system becomes a very difficult task. Luckily the last decade brought

an enormous computer development that has enabled the work presented here.

The motion of an individual chain from such fascinating systems of mobile entangled

chains 1 is characterized by the diffusion coefficient, the analysis of Rouse modes, the

autocorrelation functions, or by its direct effects on the adhesion strength.

The results presented in the thesis are compared with the two most famous theories

about chain motion:

(1) Rouse theory which predicts that the chain center of mass moves like a Brownian

particle if the chain is small enough not to entangle with the other chains (Rouse 1953);

(2) reptation theory which states that the motion of a long entangled chain is confined

inside a ”tube” formed by the constraints imposed by the entanglements with the other

chains (de Gennes 1979, Doi and Edwards 1989).

The chain length at which these models overtake dominance is known as the en-

tanglement length Ne. At the moment of writing of this thesis there is a big debate in

the theoretical and modeling community about how this length is affected by the chain

stiffness.

The motion of the chains inside a dense polymeric ensemble of entangled chains is

ultimately revealed in the macroscopic properties of the material (e.g. the glass transi-

tion or the adhesion strength). So there is a great interest in understanding the chain

dynamics when trying to control such properties for technical applications. One ques-

tion rising from an adhesion application is if stiffer connectors are better adhesion pro-

moters than flexible connectors. This was the initial motivation to extensively explore

the chain stiffness as a variable parameter in the polymer dynamics, first in polymer

melts and glasses, and then in adhesion setups. The fundamental inquiry that appears

is if stiffness manifests itself as a universal phenomenon with scaling properties or will

have some peculiar properties.

Because of the long length and time scales associated with polymeric materials, a

coarse grained bead-spring model has been used to represent the polymer chains, fol-

lowing the model proposed by Kremer and Grest (1990). Each chain is treated as a

1P.-G. de Gennes in the preface of Scaling Concepts in Polymer Physics
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linear sequence of beads interconnected by springs, every bead representing a group

of a few atoms or monomer units along the polymer backbone. All the pair beads in

the system interact via a repulsive Lennard-Jones potential while the consecutive con-

nected beads feel an extra anharmonic potential to maintain the chain connectivity. The

dynamics of a polymer melt is determined by the entanglement between the chains of

the ensemble, and this has direct implications on the physical properties of the system,

including phase transitions and Tg. Such model already leads to an intrinsic stiffness of

the polymer chains due to the excluded volume interaction.

Supplementary, in the work presented here, the chain stiffness is enhanced by adding

bending and torsion potentials along the chain. For this purpose, a novel torsion po-

tential acting both on dihedral and bending angles is proposed following a tentative

suggestion of Scott and Scheraga (1966) and Pauling (1960). In this way the torsion

angles are controlled by an efficient continuous potential, rather than by using compu-

tationally expensive rigid constraints. The computational instabilities arising when two

successive bonds align are naturally eliminated allowing long time simulations of large

systems in order to perform diffusion studies.

In Chapter 4 the static and dynamic properties of a polymer melt have been inves-

tigated at a fixed temperature, for different chain lengths and stiffness. For intrinsic

stiffness only (no bending, no torsion potentials) the results of Kremer and Grest (1990)

are recovered showing a clear crossover from the Rouse regime to the reptation regime

at the entanglement length. As the chain stiffness increases, the diffusion coefficients

decrease for all chain lengths. The conventional Rouse regime, as defined from dif-

fusion coefficient versus chain length, modifies progressively until it cannot be distin-

guished from the reptation regime. The specific length at the crossover between these

two regimes (modified Rouse and reptation) shifts to larger polymer lengths until it

becomes ill defined, indicating that the entanglement length increases with the chain

stiffness. Further visualization of the motion of short polymer chains excludes the pos-

sibility of reptation for short stiff chains. The explanation for the Rouse regime modi-

fication may reside in the difference between glass transition temperatures of systems

with different stiffness. As a consequence the systems may be more in the melt or in the

glassy state at the fixed simulation temperature employed (T = 1ε/kB).

This motivated the work presented in Chapter 5 in which the influence of chain stiff-

ness is studied together with the influence of the temperature. In order to have better

statistics (more polymer chains), this study is limited to short chains. The diffusion

coefficient versus chain length dependences for stiff chains show the recovering of the

Rouse regime as the temperature increases and no crossover to reptation in the length

interval covered. This proves again that the entanglement length does not decrease with

chain stiffness.

The diffusion results are also used to determine the glass transition temperature as
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the limiting value where diffusion vanishes. The obtained values have been found also

from the analysis of the relaxation times of the autocorrelation functions for the torsion

angle and for the end-to-end distance proving the versatility of this model to capture

the glass transition phenomenon (especially when chain stiffness is considered). As

expected, stiffer chains lead to a higher glass transition temperature Tg.

Once it was demonstrated that the glass transition can be captured in molecular dy-

namics simulation using coarse-grained models for polymer chains, the adhesion frac-

ture simulations of two glassy polymers reinforced with connector chains were possi-

ble. When the two polymers are separated the connector chains are pulled-out from

the bulks until the adhesion is broken. The way the connectors are extracted from the

polymers can be considered as a ”forced/accelerated reptation”: if the chains are short

they move as a whole sustaining an overall deformation; if the chains are long and well

entangled with the chains of the bulks, the deformation will propagate from the inter-

face to the chain end. The chain length at which these two processes switch may be seen

as an entanglement length for forced reptation and determine the fracture mechanisms

(chain pullout). An extensive investigation of the connector chain architecture, rate de-

pendence and temperature is included in Chapter 6. The dependences of the adhesion

strength on connector length as n2, on areal density as Σ1, and on pulling velocity as

vα
pull (with α dependent on temperature) have been recovered for different number of

stitches and for different stiffness along connectors. The time evolutions of the adhe-

sion work from debonding simulations performed at various temperatures and pulling

velocities collapse on a master curve when plotted in normalized units. An interesting

observation concerns the number of stitches at the interface: the adhesion strength is

not markedly influenced by increasing the numbers of stitches. For a given areal den-

sity of the connectors with the same length, the multi stitch configuration is only slightly

stronger than the one-stitch configuration.

7.2 Further research directions

The results presented in this thesis prove the versatility and efficiency of coarse grained

models for studying polymeric materials by molecular dynamics simulations. Both dif-

fusion and adhesion studies presented in the thesis are able to reveal fundamental as-

pects specific for dense ensembles of polymer chains under the influence of chain stiff-

ness: entanglement, glass transition, or adhesion properties.

By reaching the current development at the theoretical and modeling level multiple

appealing research topics have inevitably shown their importance. These include small

variations of the current model or autonomous investigation themes that were revealed

during the study presented here, but have been disregarded for the moment in order to
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keep the model as simple is possible.

On the other hand the investigation on polymer-polymer adhesion reinforced with

connector chains detailed in Chapter 6 can be considered just the tip of the iceberg due

to the vary large palette of simulations that may continue. A few of the most important

research directions are:

Extended studies involving the same model

1. An intriguing question that remains to be answered is: what is the polymer chain

dynamics for long stiff chains at high temperatures? This thesis reported a recov-

ering of the Rouse regime for short stiff chains when the temperature is raised

well above the glass transition temperature; a crossover to the reptation regime is

expected by increasing chain length, as for flexible chains. Such a finding together

with the evaluation of the entanglement length Ne may be a proof of the scaling

concepts in polymer dynamics: stiff chains can be considered flexible chains when

the bead size is increased.

2. In many applications, fracture of polymer-polymer systems occurs as a result of

shear loading or mixed tensile-shear loading. These possibilities of debonding are

already included in the developed code but they have to be unified in a consistent

study.

3. To adjust better to experimental conditions, the two polymer bulks and the con-

nectors may be modeled as dissimilar polymers.

Modifications of the model

1. Considering a high areal density of connector chains at the interface allows for the

observation of other specific fracture mechanisms (e.g. craze). For this, new tech-

niques for generation and equilibration of the connectors prior to fracture have to

be developed (the initial distribution is different from the case of low areal density

covered in this study).

2. In the current stage of the code, the simulation stops when a connector is broken.

An improved variant has to include the possibility of connector scission during

debonding.

3. The polymer bulks may be modified by introducing chain crosslinks.

Autonomous research topics

1. In the current adhesion study the two polymer bulks to be bonded by the connec-

tors have been considered completely non-interacting in order to clearly separate
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the effect of the connector architecture. In this way an important aspect has been

neglected: the interface. There is no doubt that the chemical and morphological

structure of the interface region differs from that of the bulk (including the glass

transition temperature) and, even the polymer bulks are immiscible, this region

will affect the total adhesion strengthening. Therefore, an extended study dedi-

cated to the polymer-polymer interface is imperative in future research.

2. Another open problem is the mechanical response of a single polymer bulk under

deformation. This kind of study can be developed in two directions: (1) A com-

prehensive comparison between the present diffusion calculation and such future

viscoelastic calculations especially for the effects of chain length and stiffness; (2)

An improvement of the adhesion model by allowing both polymer bulks to de-

form during the fracture.

3. A possible computational challenge is to tune the coarse grained parameters to

be specific for a real polymer. For this goal, detailed information from atomistic

simulations of polymers is needed. However, the generic physics of the polymers

is expected not to change essentially.
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Samenvatting

Nadat kunststoffen (synthetische polymeren) zo’n honderd jaar geleden zijn ontdekt, zijn ze

nu niet meer weg te denken uit het dagelijks leven. In veel toepassingen hebben kunststoffen

andere materialen zoals hout, metaal, glas, leer en papier verdrongen omdat ze goedkoper kun-

nen worden geproduceerd, lichter en sterker zijn, (soms) corrossiebestendig zijn en/of andere

gunstige eigenschappen bezitten.

Polymeren zijn dichte netwerken van zeer lange ketens van moleculen. De beweging van

de ketens in het netwerk komt uiteindelijk tot uitdrukking in de thermische, mechanische en

reologische eigenschappen, met belangrijke consequenties voor toepassingen. Juist vanwege

deze afhankelijkheid is er een grote belangstelling voor polymeerdynamica en de invloed op

de materiaaleigenschappen. De dynamica van polymeerketens in een netwerk is een zeer com-

plex meer-deeltjesprobleem: een zinvol polymeersysteem bevat een enorm aantal ketens die op

een ingewikkelde manier met elkaar wisselwerken. Dientengevolge is een analytisch oplossing

niet mogelijk — numerieke modelering vormt een krachtig alternatief, maar computersimulatis

vereisen stellen zeer hoge eisen aan de rekenkracht vanwege de grote lengte- en tijdsschalen

die noodzakelijk zijn. Het is dankzij de verbetering van rekenfaciliteiten gedurende de laatste

decennia dat deze computersimulaties thans ingezet kunnen worden op tal van problemen in

de polymeerfysica.

Dit proefschrift beschrijft een uitgebreid pakket moleculaire-dynamicasimulaties (equivalent

met meer dan 10 CPU jaren) die inzicht geven in: (a) de dynamica van polymeersmelten beneden

de glasovergangstemperatuur; (b) de glasovergang zelf; (c) de adhesie tussen twee polymeren

als gevolg van ’stiksel’-ketens.

In de simulaties wordt een molecuulketen voorgesteld als een snoer van kralen (die ieder een

groepje atomen of monomeren representeren) die verbonden zijn door ’veren’ die de atomaire

interacties vertegenwoordigen (een zogenaamd ’grof-korrelig’ moleculaire-dynamicamodel).

Alle kralen in het systeem stoten elkaar af volgens Lennard-Jones potentiaal, maar naburige

kralen in eenzelfde keten ondervinden daarnaast een niet-harmonische aantrekkende kracht die

de keten bij elkaar houdt. Deze eenvoudige potentialen geven aanleiding tot een natuurlijk

gedrag van polymeersystemen. Het massa-middelpunt van korte ketens diffundeert door de
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smelt als ware het een deeltje, terwijl de diffusie van lange ketens gehinderd wordt door de

kluwenvorming met naburige ketens. De ketenlengte waarbij deze twee mechanismen (zoge-

naamde Rouse-diffusie, respectievelijk, reptatie) het van elkaar overnemen, staat bekend als de

verknopingslengte Ne. De dynamica van een polymeer hangt in belangrijke mate af van deze

verknopingslengte, en deze bepaalt daarmee fysische eigenschappen zoals fase-overgangen en

de glasovergangstemperatuur Tg.

Een eenvoudig grof-korrelig model zoals hierboven genoemd geeft een intrinsieke stijfheid

aan polymeerketens die het gevolg is van het feit dat ze op afstand van elkaar worden gehouden

(zgn. ’excluded volume’ interactie). In dit proefschrift worden daaraan buig- en torsiestijfheid

toegevoegd, die de interacties representeren als gevolg van de zijgroepen van de molecuulketen.

De nieuw voorgestelde torsiepotentiaal is niet uitsluitend afhankelijk van de torsiehoek maar

neemt ook de naburige buighoeken mee. Dit heeft als voordeel dat het numerieke instabiliteiten

voorkomt in situaties waarbij twee naastgelegen bindingen in elkaars verlengde liggen, hetgeen

simulaties van grote systemen over lange tijden mogelijk maakt.

Dit proefschrift begint met een korte recapitulatie van belangrijke concepten uit de poly-

meerfysica (hoofdstuk 2), gevolgd door een beknopte beschrijving van de moleculaire dynamica-

methode die wordt gebruikt (hoofdstuk 3).

In hoofstuk 4 worden de statische en dynamische eigenschappen van een polymere smelt

onderzocht bij een vaste temperatuur, als functie van ketenlengte en van ketenstijfheid. Indien

ketens uitsluitend een intrinsieke stijfheid hebben (dus geen buig- en torsiestijfheid) komen de

resultaten overeen met die van Kremer and Grest (1990), waarin er een duidelijk overgang is

van Rouse gedrag naar reptatie bij de verknopingslengte. Als de ketenstijfheid wordt verhoogd,

neemt de diffusiecoëfficiënt over de hele range van ketenlengtes af. Het opmerkelijke is echter

dat het Rouse-gebied voor diffusiecoëfficiënt versus ketenlengte zodanig verandert dat het on-

derscheid met het reptatiegebied vervaagt. De ketenlengte waarbij de gebieden elkaar snijden,

verschuift met toenemende ketenstijfheid naar grotere waarden, totdat deze waarde niet meer

goed gedefinieerd is. Visualisatie van de beweging van ketens bevestigt dat reptatie niet op-

treedt bij korte ketens, zodat geconcludeerd moet worden dat het (voor stijfheid) gemodificeerde

Rouse-gebied groter wordt met toenemende stijfheid. De verklaring hiervoor zou kunnen liggen

in de verschillende glasovergangstemperaturen van de systemen met diverse stijfheden, zodat

zij in verschillende fasen zouden kunnen zijn geweest tijdens de simulatie bij de gekozen tem-

peratuur.

Dit vormt de aanleiding voor de studie in hoofdstuk 5 naar de invloed van ketenstijfheid

op de glasovergangstemperatuur, alsmede de temperatuurafhankelijkheid van diffusie. Om

een goede statistiek van de resultaten te verkrijgen (meer ketens per simulatie) moesten deze

berekeningen bij kortere ketenlengte worden uitgevoerd. In de bestudeerde range van keten-

lengte vertoont de gevoeligheid van relatief stijve ketens voor de ketenlengte weer Rouse-gedrag

als de temperatuur toeneemt, zonder overgang naar reptatie. Dit onderstreept nogmaals dat de

verknopingslengte niet afneemt met ketenstijfheid zoals in de literatuur is beweerd. De diffusie-

resultaten zijn ook gebruikt om de glasovergangstemperatuur te bepalen als zijnde die waarbij

diffusie verdwijnt. Deze waarden komen goed overeen met de waarden gevonden uit de re-
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laxatietijden van de zelf-correlatie van de torsiehoek en van de eind-tot-eind afstand (dit geeft

verder vertrouwen in de veelzijdigheid van het model, speciaal met inbegrip van ketenstijfheid).

Zoals verwacht, hebben polymeren met stijvere ketens een hogere glasovergangstemperatuur

Tg.

Nu eenmaal was vastgesteld dat het grof-korrelige model voor polymeerketens in staat

was de glasovergang goed te kunnen beschrijven, kon deze aanpak worden toegepast voor

de modelering van adhesie tussen twee glas-achtige polymeren. In de simulaties worden de

polymeren eerst aan elkaar gelijmd met stiksel-ketens en vervolgens uit elkaar getrokken tot

de adhesie is verbroken. De breuk blijkt tot stand te komen doordat de stiksel-ketens uit één

van beide blokken polymeer worden getrokken (de mogelijkheid van breuk van de ketens is

niet in beschouwing genomen). Als deze ketens voldoende kort zijn, worden ze vrijwel als één

geheel uit getrokken om zodoende de opgelegde deformatie te accommoderen; als ze langer

zijn en verknoopt met de bulk-ketens wordt de vervorming uitgespreid vanaf interface tot aan

het einde van de keten. De ketenlengte waarbij het ene mechanisme overgaat in het andere kan

worden opgevat als een verknopingslengte voor ’gedwongen reptatie’. Hoofdstuk 6 beschrijft

vervolgens een uitgebreide parameterstudie naar de invloed van stikselarchitectuur (waaron-

der het aantal steken per keten), vervormingssnelheid en temperatuur. Voor diverse stijfheden

van de stiksel-ketens, blijkt de adhesiesterkte af te hangen van het kwadraat van de ketenlengte,

lineair afhankelijk van de dichtheid van de stiksels en van de separatiesnelheid volgens een

machtwet met exponent die afhangt van de lengte van de stiksel-ketens en van de temperatuur.

Opmerkelijk genoeg wordt de adhesiesterkte niet sterk beinvloed door het aantal steken. Voor

een gegeven dichtheid van stiksels met eenzelfde lengte, neemt de sterkte slechts weinig toe

wanneer een keten niet één maar meerdere stiksels vormt. Dit is zeer nuttige kennis voor de

ontwerpers van polymere lijmen, die in de toekomst kan worden uitgebreid door additionele

parameterstudies met hetzelfde model. De evolutie van de arbeid tijdens decohesie bij verschil-

lende temperaturen en snelheden blijkt op één master-curve te vallen als deze op de juiste wijze

worden genormalizeerd.
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