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Chapter 1 
Introduction 

Within the course of the last two years … a treasure has been divined, 
unearthed and brought to light … what do you think of a metal as white as 
silver, as unalterable as gold, as easily melted as copper, as tough as iron, 
which is malleable, ductile, and with the singular quality of being lighter 
than glass? Such a metal does exist and that in considerable quantities on 
the surface of the globe. 

The advantages to be derived from a metal endowed with such qualities are 
easy to be understood. Its future place as a raw material in all sorts of 
industrial applications is undoubted, and we may expect soon to see it, in 
some shape or other, in the hands of the civilized world at large. 

We write 1857; this was the commentary of Charles Dickens on the introduction of 
the newest metal: aluminum. Although Dickens exaggerated slightly the comparison 
with other metals, he was right about the value aluminum would pose in future 
years. Aluminum is three times lighter than iron. Due to the formation of a very thin 
passivating oxide layer, aluminum has outstanding corrosion resistance. Furthermore 
the metal has an excellent electrical conductivity, is non-toxic and non-magnetic. 
Aluminum can be easily formed, machined and cast. With proper alloying and heat 
treatment, the mechanical properties can be tailored for a wide variety of 
applications. 
When Dickens made those remarks, it was only two years after the presentation of a 
bar of aluminum at the 1855 Paris Exhibition. Although aluminum is, after silicon 
and oxygen, the third most abundant element in the Earth’s crust, a piece of the 
metal was halfway the 19th century still considered a very precious object. This is 
due to the fact that aluminum, cause of its high reactivity, does not exist in nature in 
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its pure form, but always in an oxidized state. Extracting the element from its ore 
bauxite is still a very costly process, as it requires a lot of energy.  
The first person to succeed was the Danish scientist Hans Christian Ørsted. In 1825 
he managed to extract a minute, relatively impure quantity of aluminum. Friedrich 
Wöhler however, is generally credited for purifying the metal. In 1827 he described 
a procedure, which produces powdered pure aluminum by reacting potassium with 
anhydrous aluminum chloride. This recipe was further improved by Henri Sainte-
Clair Deville, making the production commercially possible.  
Aluminum remained however precious and was not used industrially until in 1886 
two scientists developed independently a method to extract pure aluminum from its 
main oxide: alumina (Al2O3) via electrolysis. This Hall-Héroult process, named after 
its discoverers, is still the basis for the aluminum production today. The alumina is 
dissolved in cryolite (Na3AlF6), which acts as an electrolyte between cathode and a 
carbon anode. A small voltage is applied and the resulting high currents facilitate the 
production of pure aluminum at the cathode. This is still a costly procedure; 
approximately 16 kWh of energy is needed to extract one kilogram of aluminum 
from alumina. Consequently most of the aluminum produced today is recycled. After 
alloying and casting, the aluminum is mostly hot-rolled into plates of varying 
thickness or extruded with high pressure into the desired shape.  
 
The mechanical properties of an aluminum alloy are highly dependent on its 
microstructure. By alloying and heat treatment the strength, toughness, stiffness, 
hardness and ductility of the alloy can be adjusted to meet the requirements set by 
the application of the final product. To optimize the alloy properties, a good 
understanding is needed of the different processes that are in operation when a piece 
of material is deformed. Although deformation takes place on an atomic scale, 
studies of the deformation characteristics on a larger scale can be very relevant, for 
instance when the deformation is mainly governed by material properties that vary 
over larger length scales, such as grain orientations in polycrystalline material. 
Furthermore, in many instances only the collective processes are relevant. Statistical 
analyses over larger areas are in those instances essential. In this thesis we will 
address in particular the deformation of polycrystalline aluminum alloys at different 
length scales.  
 
At an atomic scale, the deformation characteristics are determined by the interaction 
among dislocations and between dislocations and other lattice imperfections, such as 
grain boundaries, impurity atoms and precipitates. In chapter 3 we present a 
summary of the concepts of dislocations and how they interact with a homogeneous 
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distribution of particles. The chapter is preceded by chapter 2 that describes the 
various experimental techniques used in this research. To study the deformation of 
the metal at different length scales, different techniques have to be employed. Most 
of them will be explained in a concise way. The images produced using transmission 
electron microscopy, are however less easily interpreted. Therefore, more space is 
reserved to explain this technique in detail. 
 
In this thesis dislocation-particle interactions are studied experimentally for the 
aluminum-scandium system. The results are presented and discussed in chapter 4. 
Recently the Al-Sc system has been given a great deal of attention, because of its 
remarkable hardening characteristics and its excellent performance at elevated 
temperatures, which is often the Achilles’ heel of conventional aluminum alloys. 
Only a very minute addition of 0.2 wt.% scandium to a pure aluminum will improve 
its mechanical properties substantially. The hardness for instance will increase from 
around 200 MPa for pure aluminum to more than 600 MPa for the Al-0.2wt.%Sc 
alloy. This is a hardness increase unbeaten by additions of any other elements at this 
concentration. Clearly, the Al3Sc precipitates that are formed during proper heat 
treatment are obstacles for the dislocation motion. This study will shed some light on 
this using (in-situ) transmission electron microscopy, which is, in the beginning of 
the chapter, also used to give an appropriate microstructural description of the 
alloys. 
 
On a much larger scale, plastic deformation of metal alloys leads to surface 
roughening of the material. Dislocation motion leaves steps at the surface, which 
appear not to be distributed randomly, but grouped in slip bands. Deformed metal 
pieces show a roughness, which is clearly visible with the naked eye. This roughness 
has some major industrial implications since it influences for instance the adhesion 
of coatings on the metal or because it determines the general (esthetic) appearance of 
the final product, which has often been subjected to major deformations during the 
production process. A rough surface may also cause the occurrence of stress 
concentration and eventually of crack nucleation sites. In chapter 5, the statistical 
characteristics of this roughness are studied along with its dependence on the grain 
structure, precipitation, thickness and crystal structure of the material.  
The roughness is determined for length scales comparable to the grain size and for 
smaller scales using confocal microscopy and atomic force microscopy, respectively. 
Since activity of slip in a grain depends on its orientation with respect to the applied 
stress, many orientation imaging microscopy measurements are made to determine 
the orientation of the grain of interest. 
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In chapter 6, the final experimental chapter of this thesis, a more practical industrial 
problem regarding deformation and fracture in aluminum alloys is treated. Low 
melting point metals with a low solubility in aluminum such as lead are often added 
to an alloy to improve its machinability or are an unwanted addition to the alloy due 
to improper alloying or cheap scrap recycling. The deliberate addition in order to 
increase machinability, a low temperature and low strain rate operation, may often 
prove detrimental when the material is deformed at elevated temperatures (above or 
even slightly below the melting point of lead) or at low strain rates. Stress-induced 
diffusion towards and over grain boundaries may transform the mode of fracture 
from highly ductile to very brittle. Chapter 6 aims at understanding the dependence 
of the mode of fracture of an AA6262 alloy, which has an addition of only 0.08 at.% 
lead, on temperature, strain rate and stress state using mainly scanning electron 
micrographs of fracture surfaces. 
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Chapter 2 

Experimental Techniques 

The experimental work described in the subsequent chapters is aimed at 

understanding different aspects of the deformation process in metals and alloys. The 

deformation is studied at various length scales, requiring multiple microscopic 

techniques. This chapter describes various techniques used and explains in a concise 

way how the deformation is applied to the testing materials.  

  

2.1 Microscopy 
 
Since its advent in the early 1930s, the electron microscope has become an 
invaluable tool in materials research. By utilizing the very short wavelengths of 
electrons, information about the microstructure of materials was obtained, that 
would have remained hidden if only light microscopy had been used. In our work 
two different types of electron microscopes are used. After a short description of the 
Scanning Electron Microscope (SEM), considerable more details are provided about 
the operation of a Transmission Electron Microscope (TEM) and in particular the 
image formation process which is less obvious than that of an SEM. Further details 
of electron microscopy can be found in the following textbooks [1-4]. 
 
2.1.1 Scanning Electron Microscopy 

When an electron beam of sufficient energy impinges onto a material, a number of 
different interaction processes take place, which can for a large portion be used in 
the SEM. Normal imaging in an SEM is done by scanning a highly focused electron 
beam, with an energy usually between 3 and 30 keV, over the surface of the material 
of interest while collecting the secondary electrons. These are electrons that are 
knocked out from the material by the primary electrons. Since their mean free path is 
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usually very small (~10 Å), they can be used to form high resolution images of the 
specimen surface. 
Primary electrons that are backscattered from the top surface of the material are 
interesting because the backscattering cross section depends strongly on the atomic 
number (Z) of the atom the electron collides with. Scanning the surface and 
collecting the backscattered electrons thus yields a map of the surface with high Z-
contrast.  
When a primary electron penetrates the inner electron shells and enough energy is 
transferred to one of the core electrons, it can be ejected. The ionized atom will relax 
to the ground state by filling the vacant position with one of the outer shell electrons. 
This process is accompanied by either the emission of an X-ray or an Auger 
electron, the energies of which are Z-specific. Collection of X-ray spectra in an SEM 
is quite common, making a chemical analysis of the surface possible. Auger 
detection is less common, although dedicated Auger microscopes exist. 
 
2.1.2 Transmission Electron Microscopy 

Figure 2.1 gives a schematic overview of a TEM. An electron beam is generated by 

Upper pole piece 
objective lens 

Intermediate lenses 

Electron gun 

Projector lens 

Condensor lenses 

Lower pole piece 
objective lens 

Viewing screen, 
camera or film 

Specimen 

Figure 2.1 Schematic impression of a transmission electron microscope. 
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the electron gun, which is either a thermionic or a field emission source. In a 
thermionic source electrons are emitted from a heated tungsten filament or from a 
LaB6 crystal. In a field emission gun (FEG), which is a cold source, the electrons are 
extracted from a very sharp tip using a high electric field. The electron beam 
produced by a FEG is more monochromatic, has a higher spatial coherency and a 
much higher brightness than the beam produced by a thermionic source. The latter 
however is more stable and since the FEG produces a very narrow beam, it is more 
difficult to illuminate large areas. In all sources the emitted electrons are accelerated 
to energies typically between 100 and 400 keV. The condenser lens assembly is used 
to create a parallel beam of electrons, which will pass the specimen, that has been 
thinned enough to make it transparent to the electron beam. It is this transmitted 
beam that is transferred through the microscope column and finally forms an image 
that can be recorded.  
Although the transmission of the electron beam depends on the mass of the atoms in 
the specimen foil and therefore so-called mass-thickness contrast can be seen in the 
image, the principal strength of conventional TEM lies in the possibility to create 
diffraction contrast. When the specimen is crystalline, electrons will be diffracted by 
crystal planes. With a TEM it is possible to switch easily between the imaging mode 
and the diffraction mode as is illustrated in Figure 2.2. The left picture shows the ray 
paths of the electron beam after passage through the specimen in imaging mode. The 
electrons are focused by the objective lens assembly. As can be seen by following 
the rays in the picture, electrons that have been diffracted by the same angle are 
focused at the same position in the back-focal plane of the objective lens. In the 
column, this is the first occurrence of the diffraction pattern. The image is 
reconstructed in the image plane of the objective lens. This image is then projected 
by the intermediate lenses and finally by the projector lens onto either a fluorescent 
viewing screen, an electron sensitive film or a CCD camera. To make the diffraction 
pattern visible, the microscope is switched to diffraction mode (Fig. 2.2b). The 
intermediate lens is weakened, making the back focal plane of the objective lens 
coincide with the object plane of the projector lens. 
Apertures can be inserted in the back focal plane of the objective lens to select 
specific regions of the diffraction pattern. The image is formed with only those 
electrons that have been diffracted by specific crystal planes. This is the basis of 
diffraction contrast imaging. Most commonly a two-beam technique is used, for 
which the specimen is tilted in such a way that only one crystal plane is in a 
diffraction condition. In the diffraction pattern only two beams are now visible: the 
direct beam of non diffracted electron and one diffraction spot. With the objective 
aperture one of the two beams is selected and an image is formed. If the direct beam 
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is used the image is called a bright field (BF) image. If the diffracted beam is used, a 
dark field (DF) image is formed. When dynamic effects are ignored, the origin of the 
contrast is straightforward. The darker regions in the BF image and the brighter 
regions in the DF image correspond to those regions where more electrons were 
diffracted i.e. where the planes are more in diffraction condition. Hence it becomes 
possible to create contrast between different phases, grains, defects etc. 
TEM research consists for a substantial part of interpreting the contrast that is 
observed in the recorded micrographs. Small differences in contrast under special 
diffraction conditions make it possible to distinguish between different kinds of 
defects. To observe these differences, a good understanding of the origins of the 
contrast is necessary and therefore the following sections will describe in detail the 
nature of diffraction by (non perfect) crystals. 

Specimen 

Objective lens 

Back focal plane 

Image plane 

Intermediate lens 

Intermediate image 

Projector lens 

Viewing screen 
Projected image Diffraction pattern 

Figure 2.2 Ray paths for the two main modes of operation in the TEM. Left: imaging 

mode. Right: diffraction mode. 
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Diffraction from a crystal 

The incoming electrons are scattered by the atoms in the material as a result of 
Coulomb interaction with the negatively charged electron cloud and the positively 
charged nucleus. The scattered electrons will only interfere constructively when 
certain diffraction conditions are met. One way to describe these conditions is by 
applying Bragg’s law, which states that the difference in path length traveled by two 
beams deflected from parallel planes has to be an integer number of wavelengths: 

 2 sin Bd nθ λ=  (2.1) 

where d is the interplanar spacing, θB is the so-called Bragg angle between the 
incoming beam and the diffracting plane, n is an integer and λ is the wavelength of 
the incoming electrons. 
Another way to describe the diffraction condition is by switching to reciprocal space. 
Diffraction occurs when: 

 = +
g 0

k k g  (2.2) 

where k0 is the wave vector of the incoming electron beam, kg is the wave vector of 
the diffracted beam and g is a reciprocal lattice vector. A very elegant and in 
electron microscopy very useful representation of this, is the Ewald sphere 
construction [5]. In reciprocal space the k0 vector is drawn with its endpoint 
coinciding with the origin of the reciprocal lattice and its starting point as the center 
of a sphere with radius 1/λ (Fig. 2.3).  

Diffraction now occurs if the Ewald sphere intersects another reciprocal lattice point, 
since only then the difference between the diffracted and incoming wave vector will 
be equal to a reciprocal lattice vector.  

g O 

kg 
k0 

Figure 2.3 Part of the Ewald sphere in the reciprocal lattice [1]. 
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The amplitude of the diffracted beam can be written as: 

 ( ) exp(2 )g L

L

A F iπ= ⋅∑g s A  (2.3) 

where Fg is the so-called structure factor and is defined as: 

 exp(2 )g j

j

F f iπ= ⋅∑ jg ρ  (2.4) 

Since ρj is the position of atom j in the unit cell and fj is the atomic scattering factor 
of the same atom, the structure factor defines the amplitude scattered by one unit cell 
in the direction defined by g. This structure factor is important because it turns out 
that for several g-vectors the summation (2.4) will for a specific crystal structure be 
equal to zero. For an fcc lattice for example, the {001} and {011} reflections, will 
not occur. They are referred to as forbidden reflections. In equation (2.3) the 
summation is made over all unit cells L. AL are the real space lattice positions and s 

is called the deviation parameter, which is defined as the vector pointing from the 
reciprocal lattice point G to the place on the Ewald sphere, where the diffracted 
wave vector k ends (k=k0+g+s). For diffraction in a bulk specimen, with many unit 
cells in all directions, this would mean that A(g) only takes a value unequal to zero 
when s is exactly zero. In the TEM however, the specimen is very thin and therefore 
the number of unit cells in the direction normal to the foil is not very large. As a 
result diffraction spots will be seen even if the diffraction condition (2.2) is not 
exactly met. In the Ewald sphere construction this can be expressed by replacing the 
spots in reciprocal space by little rods (so-called relrods) perpendicular to the foil 
plane. Considering also that due to the small wavelength of the electrons, the Ewald 
sphere is very large with respect to the reciprocal lattice spacing, it is now clear why 
in reality often a whole row of reflections (a systematic row) is visible in a 
diffraction pattern. 
 
Diffraction and imaging of defects 

Since the scattering angle of the diffraction events is very small (~1 mrad), it is 
justified to assume that they all take place in a narrow column parallel to the 
incoming electron beam. The diffraction inside the column is independent of what 
happens in neighboring columns. In a perfect crystal all the columns will diffract is a 
similar way and no contrast will be seen in the final image. If however, the crystal is 
not perfect, local variations in s=s(x,y,z) will be present. The amplitude of a 
diffracted wave for the column at (x,y) is: 
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 2 ( , , )

0

( , ) e
t

is x y z z
A x y F dz

π= ∫g g  (2.5) 

Using this column approximation a set of coupled differential equations can be 
derived for the case of only one strong diffracting beam (s is much larger or smaller 
than zero for all other g vectors). These Howie-Whelan equations [6] describe the 
change in amplitude of the direct beam φ0 and the amplitude of the diffracted beam 
φg considering also dynamical effects arising from multiple diffraction. A derivation 
can be found in any textbook on TEM (e.g. [1-4]). They are: 

 2
0

0

g isz

g

g

d i i
e

dz

π
φ π π

φ φ
ξ ξ

−= +  (2.6) 

and 

 20
0

0

isz

g

g

d i i
e

dz

πφ π π
φ φ

ξ ξ
= +  (2.7) 

where ξ0 and ξg are called the extinction coefficients for the direct and diffracted 
beam. From these equations it follows that the amplitude of the diffracted beam 
continuously increases and decreases when the beam moves through the specimen. 
These equations are valid for a perfect crystal but can be modified easily to account 
for defects by introducing the displacement field R, which defines the displacement 
at any point with respect to the normal lattice. It can be shown that the Howie-
Whelan equations can be written as: 

 2 ( )
0

0

g i sz

g

g

d i i
e

dz

π
φ π π

φ φ
ξ ξ

− + ⋅= + g R  (2.8) 

and 

 2 ( )0
0

0

i sz

g

g

d i i
e

dz

πφ π π
φ φ

ξ ξ
+ ⋅= + g R  (2.9) 

Therefore, when the displacement field of a specific defect is known, the Howie-
Whelan equations can be used to deduce the contrast that will arise in a micrograph 
formed by making a BF or a DF image using g.  
 
Contrast from a dislocation 

Dislocations are line defects inside a crystal, which contribute to the plasticity of 
materials. Therefore a study of the deformation behavior of a crystalline material is 
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in essence a study of the nucleation and propagation of dislocations. Chapter 3 
concentrates entirely on dislocations and their role in the mechanical properties of 
metals. For now it is only important that a dislocation can be characterized by a 
vector, the so-called Burgers vector b. Figure 2.4 is a schematic picture of an edge 
dislocation, showing the Burgers vector. In a BF or DF image contrast arises 
because, as can be seen in the figure, the planes around the dislocation are bent. 
Since in the through foil direction the Bragg condition is relaxed, i.e. the reciprocal 
lattice points are actually relrods, there will be contrast even if the component of s 

along the columns is unequal to zero. The value of s changes due to the bent planes, 
and therefore the contrast changes and the dislocations will be seen as a line. If the 
specimen is tilted such that in the parts of the lattice far away from the dislocation s 
slightly deviates from zero, the presence of the dislocation will bend the planes on 
one side more into perfect Bragg orientation and the planes on the other side farther 
away. This effect gives rise to the typical bright-dark line pairs often seen in BF or 
DF images. 

The displacement fields around different types of dislocations are known. For a 
screw type dislocation (explained in chapter 3) R is everywhere exactly parallel to 
the Burgers vector b. For an edge type dislocation this is only true to a first 
approximation. To determine the contrast caused by dislocations, the g·R product in 
the Howie-Whelan equations can be replaced by a term proportional to g·b. This 
implies that dislocations give no contrast when: 

 0⋅ =g b  (2.10) 

This is called the invisibility criterion and it is very useful in determining the 
Burgers vector of a dislocation. By tilting the specimen such that different g vectors 

Figure 2.4 Schematic drawing of an edge dislocation with Burgers vector b. The planes 

around the dislocation are bent. This curvature can be used to attain a diffraction condition 

for which only the dislocation region is in Bragg condition. 
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are used to image a dislocation and by finding two reflections g1 and g2 for which 
the invisibility criterion holds, the Burgers vector may be determined using: 

 1 2( )×g g b�  (2.11) 

Weak beam imaging 

When calculating the contrast produced by a dislocation, it can be shown that the 
width of the line contrast becomes smaller when s increases. This fact is used in 
what is called weak beam dark field imaging. By making s very large it becomes 
possible to create well-localized, sharp images of dislocations. A trade-off has to be 
made since the amplitude of the diffracted beam for such a high value of s is very 
low and long exposure times are necessary whereas drift may become a problem. 
The results however are dark pictures with bright sharp lines, indicating the positions 
of the dislocations. This technique is especially useful when dislocations close to 
each other have to be imaged or when small dislocation loops have to be identified. 
In practice the specimen is tilted in such a way that a g vector nearly obeys the 
Bragg condition, after which the beam is tilted until this g is on the optical axis. As 
can be seen in Figure 2.5, the Ewald sphere now passes almost through the 3g 
reflection that becomes excited. The image however is made with the g reflection, 
which has become very weak due to the large value of s.  
   
High Resolution Transmission Electron Microscopy    

According to the Huygens principle, the wave function ψ(r) at the exit face of the 
specimen can be considered as a planar source of spherical waves. The amplitude of 
the diffracted wave ψ(g), with g a reciprocal lattice vector or spatial frequency, is 
given by the Fourier transform of ψ(r). 

 ( ) ( )Fψ ψ=g r  (2.12) 

where F is the Fourier transform operator. The intensity distribution in the back 
focal plane of the objective lens (i.e. the diffraction pattern) is equal to |ψ(g)|2. In an 
ideal microscope the imaging system will, by an inverse Fourier transform, 
subsequently transform ψ(g) back into the final image wave function Φ(r). 
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However, a perfect microscope does not exist. In fact electromagnetic lenses are far 
worse than optical lenses. Especially the outermost beams are heavily influenced by 
spherical and chromatic aberrations and have to be blocked using an aperture. The 
spherical aberrations and the defocus in the remaining beam will however still cause 
a considerable phase shift χ(g) with respect to the central beam. The wave function 
in the image plane can be written as: 

 1( ) ( ) ( )F T Fψ−Φ =r g r  (2.13) 

where 

 ( ) ( )exp[ ( )]T A iχ= −g g g  (2.14) 

is called the contrast transfer function. A(g) describes the aperture. The function is 
unity for g’s allowed to pass the aperture and zero for g’s blocked by the aperture. 
The phase shift χ(g) is given by: 

 3 4 21
2( ) sC g gχ π λ πελ= +g  (2.15) 

where Cs is the spherical aberration coefficient, ε the defocus, λ the electron 
wavelength and g is the magnitude of g.  
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Figure 2.5 For weak-beam dark field imaging first a bright field two beam condition is 

set up (top). Next, the beam is tilted such that the initially bright g reflection is moved onto 

the optic axis. The Ewald sphere almost exactly crosses the 3g reflection, which therefore will 

be excited (bottom). The image is made using the now very weak g reflection [1]. 



EXPERIMENTAL TECHNIQUES 

 15

Figure 2.6 shows the typical shape of a transfer function. At low g, the function has a 
stretched plateau with values close to -1, which corresponds to a phase shift of π/2. 
For higher g, i.e. for higher spatial frequencies or smaller image details, the function 
starts to oscillate around zero and the resulting contrast is far less intuitive. The ideal 
defocus value is that which extends the plateau maximal. This is called Scherzer 
defocus. Now imagine we try to image a weak phase object, i.e. the phase part of the 
wave function ( ) 1ϕ r � . The object wave function can be approximated by: 

 ( ) 1 ( )iψ ϕ≈ +r r  (2.16) 

The constant term 1 contributes to the central beam and the term iφ to the diffracted 
beams. If the phase is shifted by the transfer through the microscope by π/2, the 
amplitudes of the diffracted beams are multiplied by exp(iπ/2) and iφ(r) becomes –
φ(r). The amplitude of the image wave function becomes: 

 ( ) 1 ( )ϕΦ = −r r  (2.17) 

 and, since φ is small, its intensity is given by: 

 
2

( ) 1 2 ( )ϕΦ ≈ −r r  (2.18) 

Due to the π/2 phase shift the final image has become a direct representation of the 
weak phase object. The same principle was used by F. Zernike in his phase contrast 
light microscope, which earned him the 1953 Nobel Prize in physics.  
A thin foil specimen will act as a phase object, in which the phase is proportional to 
the electrostatic potential projected along the beam direction. If the specimen 
therefore is tilted such that columns of atoms are parallel to the beam, the image will 
show atoms as dark spots and empty space as light areas. The point resolution of the 
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Figure 2.6 Contrast transfer function for a TEM with Cs is 0.97 mm, λ=1.6 pm and 

ε= 47 nm.  
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microscope is defined as the finest detail that can be directly interpreted in terms of 
the structure. At Scherzer defocus, the point resolution corresponds to the g of the 
first zero in the contrast transfer function. The information limit of the microscope is 
much better, but in order to get useful information out of the area beyond the point 
resolution, image simulations and a good knowledge of the contrast transfer function 
are necessary.  
Table 2.1 summarizes some of the important characteristics for the two types of 
microscopes used in this thesis. 
 

Table 2.1 Main characteristics of the two transmission electron microscopes used for 

this thesis. 

 JEOL 4000EX/II JEOL 2010F 
Emission LaB6 crystal Field emission gun 
Operating voltage (kV) 400 200 
Spherical aberration coefficient (mm) 0.97 1.0 
Information limit (nm) 0.14 0.11 
Point resolution (nm) 0.165 0.23 
Optimum defocus (nm) 47 58 
 
2.1.3 Orientation Imaging Microscopy 

Orientation Imaging Microscopy (OIM) is a rather recent technique, in which an 
SEM is used to collect information about the orientation of surface grains in the 
specimen. It uses the principle of Electron Backscatter Diffraction (EBSD). When 
the focused electron beam in the SEM collides with the specimen, electrons 
originating from a reasonable small volume are scattered in all directions. These 
scattered electrons can be diffracted from the lattice planes following the rules 
described above. Since the electrons hit the diffracting plane from all directions, 
those electrons exactly fulfilling the Bragg condition lie on the surface of two so-
called Kossel cones, one cone formed by the electrons diffracted from the top of the 
plane and one cone formed by those electrons diffracted from the bottom of the 
plane.  
The diffracted electrons are collected by placing a fluorescent screen close to the 
specimen. The intercepted cones will appear on the screen as two nearly straight 
lines forming a band. These Kikuchi bands will appear for all the planes provided 
the structure factor (Eq. 2.4) is not equal to zero. A typical EBSD pattern from an 
aluminum specimen is shown in Figure 2.7. To maximize the yield during an OIM 
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scan, the specimen is tilted 70° with respect to the incident electron beam. The beam 
is scanned over the surface and at every point, an EBSD pattern is collected. 
Software codes are subsequently used to index the patterns. Finally an orientation 
map of the specimen surface is obtained. In this research OIM is used to determine 
grain size values, texture information and deformation profiles within grains. 
 

2.1.4 Confocal Microscopy 

The most common way to obtain topographic height maps over micrometer scales is 
to use some kind of profilometer, where a needle like object is scanned over the 
surface and its vertical deviation is a measure of the topography of the specimen 
surface. A few disadvantages of this technique, mainly its poor lateral resolution due 
to the finite stylus radius, and the damage it can cause to the specimen, are not 
present when a confocal microscope is used. The principle of the confocal 
microscope is rather simple and dates back to 1957, when it was presented by 
Minsky [7,8]. Light emitted from a laser or white light source passes an illumination 
pinhole, a beam splitter and an objective lens, which converges the beam onto the 
sample. The setup is chosen such that only when the beam is focused on the surface 
the reflected light, converged again by the objective lens and redirected by the beam 
splitter, passes the confocal or detector pinhole after which it is collected by a 
detector. When the surface is slightly out of focus, less reflected light will pass the 
pinhole and reach the detector.  

Figure 2.7 Typical electron back-scattered diffraction pattern for an fcc lattice. 
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In the modern confocal microscope, the principle of Minsky is adapted slightly. A 
picture of such an instrument is seen in Figure 2.8 [9]. A collimator lens creates a 
parallel beam, which passes first through a beam splitter and then through a rotating 
Nipkow disk, which acts as a multiple point source scanning the surface. The light 
from a single hole in the disk is focused onto the surface by the objective lens. When 
the specimen is exactly in focus, the reflected light will be refocused onto the same 
hole in the Nipkow disk, after which the beam splitter and an imaging lens will form 
an image on the detector. The Nipkow disk, which is in fact both the illumination 
and detector pinhole, makes it possible to get topographic information from a fixed 
grid of points with a single capture of the CCD detector. The objective lens can now 

Laser / light source 

Collimator 

Imaging lens 

CCD camera 

Beamsplitter 

 Nipkow disk 

Nipkow disk 

Specimen 

Objective lens 

Motor Confocal aperture / 
Detector pinhole 

Figure 2.8 Schematic setup of a scanning confocal microscope. Only the light reflected 

off the surface that is focused by the objective lens on the detector pinhole is transmitted to 

the camera. A Nipkow disk is used to scan a regular pattern on the specimen surface [9]. 
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be moved very accurately using a piezo-device, bringing different parts of the 
specimen in focus. 
The intensity of the beam at the detector can be described with a simple formula: 
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where α is the aperture angle of the objective lens, k is the wavenumber of the 
radiation, z is the defocusing coordinate and I0 is the intensity at the detector when 
the sample is exactly in focus (z=0). The variation of I with z is given in Figure 2.9. 

Since we have moved every point in the grid completely through focus, the problem 
of finding the height at a point x,y is reduced to calculating the center of gravity of 
the peak in equation 2.19 i.e: 
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where the summation is only taken over those zk values within the peak’s full width 
at half maximum to reduce noise effects occurring in the profile’s tail. 
 

Figure 2.9 The intensity of the beam at the detector as a function of the specimen height z 

calculated for a 20x objective lens and a wavelength of λ=400 nm.  
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2.1.5  Atomic Force Microscopy 

Although the confocal microscope is very well suited to make topographic maps of 
larger surfaces, its lateral resolution is limited to several hundreds of nanometers. 
When height information on a smaller scale is required, an atomic force microscope 
(AFM) can be used. An AFM is a very small probing tip at the free end of a 
cantilever with a low spring constant. The tip is moved into close proximity with the 
specimen surface. Due to the forces acting on the tip that are exerted by the 
specimen surface atoms, the cantilever will be deflected. This deflection is detected 
and can be used as a measure of the distance between tip and surface. However, the 
relationship between the surface-tip distance and the force on the tip is not an easy 
one. Several forces play a role. The tip is close enough to the surface to feel the 
chemical forces, which can be attractive or repulsive, it will feel the Van der Waals 
forces and on some surfaces a layer of water or hydrocarbons will be present which 
can exert capillary forces on the tip. Therefore most AFMs do not work in constant-
height mode but rather in constant-force mode. They are equipped with a feedback 
system that will adjust the height of the tip using piezo-devices such that the 
deflection of the cantilever i.e. the force on the tip remains constant.  
To minimize surface damage while maintaining fast scanning times, in this work the 
so-called tapping mode AFM is used. A piezoelectric actuator drives the cantilever 
into an oscillatory motion with a frequency close to its natural frequency. Since in 
tapping mode the cantilever only touches the surface in the bottom of its swing, the 
forces exerted on the surface are low and no shear stresses will arise. The interaction 
forces with surface atoms will change the amplitude of the oscillation and its phase 
with respect to the driving signal. Again, topographic information is acquired by 

A 

B 

(A-B)/(A+B) 
Laser 

Figure 2.10 The deflection of the tip in an AFM is detected using a laser beam focused on 

the end of the cantilever. The differential signal of the two detectors A and B is a measure of 

this deflection and is used as the feedback signal in the AFM. 
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adjusting the height of the tip to compensate for these changes. 
The movement of the tip is detected by an optical lever technique (Fig. 2.10). A laser 
beam is focused on the end of the cantilever. The light reflected by the cantilever is 
collected by two or four closely packed photodiodes. A change in deflection of the 
cantilever will result in a change of the differential output signal of the detector 
(A-B)/(A+B). In tapping mode this signal will be sinusoidal and its rms-value serves 
as the AFM feedback signal. 
For the work described in this thesis, a Digital Instruments Dimension 3100 SPM is 
used, which allows scans up to 100x100 µm with vertical range of 6 µm. The height 
resolution is mainly limited by thermal noise. If sufficient measures are taken to 
reduce vibrational noise, the resolution may be as good as 0.05 nm. 
 
2.2 Experiments 
 
2.2.1 Tensile deformation 

In the subsequent chapters in this thesis the effects of tensile deformation on 
metallic, mainly aluminum, specimens is studied. To deform the material a special 
tensile stage is used. This small stage (Fig. 2.11) has especially been built to be 
mounted inside a scanning electron microscope and is later modified to be also fitted 
under an optical, a confocal and an atomic force microscope, enabling a diverse 
number of in-situ straining experiments. 
Figure 2.12 shows a typical tensile specimen. This particular one has a v-shaped 

Figure 2.11 Tensile stage used for most of the experiments. 
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notch but also samples without a notch or with a rounded notch are used. The 
thickness of the specimens is limited by the load cell of the tensile stage, which can 
only handle loads below 5000N. The crosshead speed of the stage can be varied 
from 0.2 up to 25 µm/s and the possibility exists to heat up the specimen during 
deformation. For this purpose, a ceramic heating element is mounted in the stage just 
below the specimen. This heating element is strong enough to heat the specimen up 
to a temperature of 1000 °C. All heating experiments in chapter 6 are performed 
with the tensile stage inside the vacuum of the SEM. This prolongs the lifetime of 
the element and minimizes the influence of corrosion on deformation and fracture.  

2.2.2 Sample preparation 

For most experiments described in this thesis, good sample preparation is essential. 
Most techniques, e.g. SEM, EBSD, confocal microscopy, AFM and nano-
indentation, require very flat surfaces for optimal imaging or accuracy. Polishing 
aluminum samples can be difficult since most of the alloys used are very soft. As a 
consequence polishing diamonds may get stuck in the aluminum or the material gets 
smeared out rather than polished away. The latter problems leaves an optically 
smooth surface but will not reveal any EBSD patterns since too much of the 
crystallinity in the surface layer has been lost. Basically, three different approaches 
have been used, depending on the problems encountered and the experimental 
techniques intended to be used. First, a strictly mechanical polishing approach has 
been used, consisting of grinding down the specimens with SiC-paper with grain 
sizes decreasing till a grade 1200 paper. Next, the ground specimens are polished 
with 6 µm, 3 µm and 1 µm diamond pastes. The final step is a polishing treatment 
with a SiO2 suspensions. This technique works fine for SEM imaging. 
Unfortunately, this mechanical approach will leave some sort of deformed surface 
layer, which will deteriorate the EBSD patterns and may influence hardness 
measurements using the nano-indenter. Also the surface morphology changes, which 
are to be detected by AFM and confocal microscopy, can be influenced by a 
deformed surface layer. This layer can be removed by chemical techniques. The best 

Figure 2.12 Typical shape of a tensile specimen. The notches are added only when large 

stress concentrations are desirable. 
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results are obtained using electrochemical polishing. The electrolyte used for this 
research is a 5% perchloric acid solution in methanol at a temperature of -30 °C. The 
specimen is used as anode and the stainless steel container as cathode. The applied 
voltage is 20V.  
For creating EBSD patterns, chemical polishing yields the best results. After 
mechanically polishing as described above, the specimens are submerged for no 
longer than 20 seconds in a solution consisting of 80% water, 20% nitric acid and 
0.5% HF to which 9 grams of CrO3 powder are added. This treatment will not 
actually polish the surface but the HF will remove all oxides such as SiO2 residues. 
Furthermore the top layer which contains all the deformation will be etched away. 
Roughening of the surface will not influence the EBSD maps, but makes this 
technique unsuitable for AFM, confocal microscopy and SEM). 
TEM specimens are all prepared similarly. Laser-cut discs with a diameter of 3 mm 
are ground to a thickness of 150 µm and are subsequently electrochemically polished 
inside a jet-polisher, which shoots electrolyte from both sides onto the disc. The 
electrolyte, temperature and voltage are similar as above. With an optical system, the 
jets are turned off at the moment a hole has been shot in the centre of the specimen. 
The material close to this hole is now thin enough to be observed inside the TEM.  
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Equation Chapter 3 Section 1Chapter 3 
Dislocations and Precipitation Hardening 

Dislocations are the principal carriers of plastic deformation in crystalline metals. 
Without insight in the nucleation and propagation of dislocations, basic concepts of 
mechanical behavior of crystalline metals cannot be understood. Since their motion 
is responsible for plastic deformation, the mechanical properties can be controlled 
by affecting their dynamical behavior. This chapter will present a historical survey 
of the discovery of the theoretical concept of the dislocation, followed by a section 
describing the basic properties of dislocations. The largest portion is devoted to the 
interaction of precipitation with dislocations, because it is the main strengthening 
mechanism in the alloys examined in this thesis. 
  
3.1 Historic overview 
 
The concept of a lattice dislocation as the crystallographic unit responsible for the 
deformation of crystalline solids is commonly attributed to three classical papers by 
Orowan [1], Taylor [2] and Polanyi [3], published in 1934. On the occasion of the 
50th anniversary of the dislocation, Nabarro compiled in 1984 a treatise on the ‘pre-
history of dislocations’ and the research and thoughts leading eventually to these 
papers [4]. He points out that in the decades preceding the discovery, several 
scientists were already remarkably close to postulating this idea. 
When a dislocation emerges at a free surface, locally the chemical and mechanical 
properties may differ from the surrounding matrix. This can be due to lattice 
distortions, to strain fields associated with dislocations, or due to preferential 
precipitation or segregation along the dislocation line. When such a surface is 
etched, the rate at which atoms are removed may increase in the affected region, 
causing so-called etch pits to occur. These pits have been studied from as early as 
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the 1850s, without real understanding, but numerous observations and increased 
knowledge of crystallography converged at the end of the 19th century to a direct 
link between etch pits and  crystallographic disturbances [5]. The first direct 
observation of decorated dislocations dates back to 1905 when Siedentopf performed 
microscopy experiments on rock salt [6]. Around the same time calculations were 
made within elastic continuum models of, what are with hindsight, stress fields 
around dislocations. Nonetheless, never was the connection made between 
continuum and atomic models [7-9]. 
In the 1920s a deadlock was reached, since none of the models was able to explain 
how a lattice defect could be the cause of crystal plasticity and simultaneously be 
responsible for the observed hardening of the metal with increased deformation. 
Another problem was the inconsistency that, if one were to calculate the stress 
required to displace all atoms on one side of a slip plane, the result would be much 
higher than the experimentally observed stress required for plastic flow. 
Furthermore, by such a displacement the lattice would remain perfect, again offering 
no explanation for strain hardening.  
In his 1934 paper, Taylor discards the idea that in a perfect crystal glide is easy and 
that faults or lattice rotations impede the glide causing hardening. He works out an 
idea, which starts from the assumption that a perfect crystal can withstand very large 
stresses and the observed weakness of the crystal is caused by local stress 
concentrations. Taylor solves the problem of the high stress required to displace all 
atoms simultaneously by stating: 

It seems that the situation is completely changed when the slipping is 
considered to occur not simultaneously over all atoms in the slip plane but 
over a limited region, which is propagated from side to side of the crystal in 
a finite time. 

The paper continues by introducing the dislocation as a unit slip (Fig. 3.1) and by 
calculating the low stress values required for its movement. Taylor finally shows that 
this stress increases as the stress fields of multiple dislocations interact, thus 
explaining strain hardening. 
Orowan’s starting point was not a mechanical one, but rather taken from 
thermodynamics. Starting with the arguments made by Becker [10], namely that slip 
in crystalline solids is the result of spontaneous fluctuation in the neighborhood of a 
glide plane extending over a larger number of atoms, Orowan thought of a particular 
kind of lattice defects that could produce a stress concentration high enough for 
those fluctuations to occur. The breakthrough came when he realized that these 
Fehlstellen need not be pores or tears in the lattice: 
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Diese Fehlstellen brauchen nicht Hohlräume oder Risse zu sein, bei denen 
der Zusammenhang zwischen den beiden Ufern unterbrochen ist; es genügt 
z.B., wenn beide Ufer gegeneinander in tangentialer Richtung um eine oder 
mehrere Gitterteilungen versetzt sind. 

He sketches a picture of a piece of material inside the interior of the crystal that has 
slipped and is separated from the rest of the crystal by a dislocation loop. These 
loops themselves produce a shear stress on the slip plane that added to the applied 
stress increases the change of the occurrence of a critical stress fluctuation that will 
enlarge the region that has slipped. Orowan realized that the transition zone between 
slipped and unslipped material is identical to the lattice defects described to him by 
Polanyi during their discussions. After Orowan consulted with Polanyi, the two 
decide to publish separate papers in the same edition of the Zeitschrift für Physik.  
Polanyi’s article is by far the shortest of the three. In fact there is only one point 
made. In reaction to earlier work by Taylor, in which is proposed that little cracks 
are responsible for the stress concentration necessary for slip, Polanyi writes: 

Viel plausibler als die Annahme von spältformigen Löchern scheint mir die 
Eventualität zu sein, daß die geringen Schubfestigkeit durch das 
Vorhandensein einer art Störung verursacht wird, die ich als 
“Gitterversetzung” bezeichnen möchte. 

The following description of this Versetzung is similar to that of Taylor. Polanyi 
estimates that the stress necessary to move a dislocation, which has a width of n 
atomic spacings, is only 1/2n times the shear modulus. 
 

Figure 3.1 Picture taken from the classic article by Taylor explaining how a dislocation 
can gradually shear the material [2]. 
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Figure 3.2  (a) Schematic picture of an edge dislocation with Burgers circuit. (b) If the 
same circuit is drawn in a faultless material a vector QM is needed to close the circuit. This 
is by definition the Burgers vector [11]. 

After this rather slow start, progress was made rapidly. Shortly after the concept of 
the dislocation was introduced, theories were proposed on dislocation multiplication, 
on dislocation dissociation, on dislocations in different crystal structures, on the 
influence of dislocations on recrystallization and on different hardening 
mechanisms. 
 
3.2 Basic properties of dislocations 
 
Dislocations are present in crystals in three different forms. They can be either of the 
edge type (Fig. 3.2), or of the screw type (Fig. 3.3). Finally a dislocation can be 
mixed i.e. partly edge and partly screw. In all cases the dislocation is a line defect 
and can be identified by its Burgers vector, which is determined by making an atom-
by-atom path clockwise around the dislocation line until the starting point is reached 
again. If this same path is made in a perfect crystal the loop will not close. The 
Burgers vector is defined as the vector that will close the loop. However, the Burgers 
vector is not a vector in the usual mathematical sense, because its sign depends on 
the line sense of the dislocation and thereby on the orientation of the coordinate 
system. By convention, the direction of the Burgers vector is such that when looking 
along the dislocation line, hereby defining the positive line sense of the dislocation, 
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and drawing the Burgers circuit in a clockwise manner, the Burgers vector is that 
vector that runs from the finish to the start point of the reference circuit in the perfect 
crystal. This implies that reversing the line sense of the dislocation also reverses the 
direction of the Burgers vector. Furthermore, dislocations with the same line sense 
but opposite Burgers vectors are physical opposites and will, when brought together, 
annihilate and restore perfect order in the crystal. 
As can be seen in the figures, the Burgers vector for an edge type dislocation is 
normal to the line of the dislocation. For a screw type dislocation the Burgers vector 
is parallel to the dislocation line. It is geometrically impossible for a dislocation line 
to end suddenly inside the crystal. The line can end either at grain boundaries or free 
surfaces, branch into other dislocations or form a closed glide loop. Such a loop has 
a unique Burgers vector and will at two points be a perfect edge type dislocation and 
at two points a perfect screw type but has mostly a mixed character. 
A straightforward analysis of the elastic energy associated with dislocations leads to 

Figure 3.3 (a) Schematic picture of a screw dislocation with Burgers circuit. (b) If the 
same circuit is drawn in a faultless material a vector QM is needed to close the circuit. For a 
screw dislocation the Burgers vector is parallel to the dislocation line [11]. 
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the simple but very useful expression: 

 2
elE bαµ=  (3.1) 

with α=0.5~1.0 and µ is the shear modulus of the material. Frank’s rule is a form of 
this expression. It states that for it to be energetically favorable for a dislocation b1 to 
split up into two dislocations b2 and b3, the following has to hold: 2 2

2 3( )b b b2
1+ < . 

 
3.2.1 Slip 

Dislocation movement can be either conservative or non-conservative, depending on 
whether or not the volume is preserved. The conservative motion of dislocations is 
called glide; the dislocation moves in the plane that contains both its line and 
Burgers vector. Non-conservative motion or climb occurs when the dislocation 
moves out of the glide plane. Slip is the collective motion of many gliding 
dislocations and is the most common manifestation of plastic deformation in 
crystalline materials [11]. Figure 3.4 shows a piece of material that has slipped on a 
number of distinct planes. Over each of these slip planes a large number of 

Figure 3.4 Slip occurring on two slip planes, which have a high-valued Schmid factor 
cosλcosφ [11]. 
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dislocations have glided. Slip is easiest on the planes with the highest atom density 
and in these close-packed planes the direction of slip will also be most likely the 
direction with the highest atom density. In certain cases it is possible for a 
dislocation to change slip plane. For this cross slip to occur, the Burgers vector of 
the dislocation has to lie in both planes. Only screw dislocation can cross slip, since 
only for screw dislocations the Burgers vector is parallel to the dislocation line (see 
Figure 3.6 for an example of cross slip in an fcc crystal). 
 
Slip in face-centered cubic materials 

For a face-centered cubic (fcc) material like aluminum, the most closely packed 
planes are the {111} planes and the most densely packed directions are the <110> 
directions. Here, as in the remainder of this thesis, use is made of the Miller index 
notation, in which specific planes and directions are indicated by respectively (hkl) 
and [uwv] and the set of symmetrical equivalent planes and directions by 
respectively {hkl} and <uwv>. In an fcc lattice, there are four {111} planes each 
containing three <110> directions. This means that there are twelve different slip 
systems available for slip. The plane on which slip actually takes place is determined 
by the direction of the applied stress. Slip takes place on that slip system for which 
the shear stress resolved on the slip plane in the slip direction is highest. Looking at 
Figure 3.4, this resolved shear stress can be written as: 

 cos cosF
A

τ ϕ= λ  (3.2) 

where φ is the angle between the applied force F and the slip plane normal and λ is 
the angle between F and the slip direction. A is the cross-sectional area over which 
the force acts. The factor cos cosϕ λ is called the Schmid factor and its size is a 
measure of the ease or the likelihood of slip on the slip system. 
The most common dislocation in fcc structures has a Burgers vector 1

2 110a= <b >  
with  the lattice parameter of the material. Such a dislocation with a Burgers 
vector equal to a lattice translation vector, is called a perfect dislocation. An fcc 
lattice consists of an ABCABC stacking of close-packed {111} planes. The 
occurrence of a perfect dislocation will not hamper this stacking. Figure 3.5 shows a 
ball model of a {111} plane, indicating the A, B and C positions [12]. A perfect 
dislocation will cause the material on one side of the slip plane to be translated by a 
vector b

a

1, such that the atoms originally in a B position will glide into another B 
position. It is however, also possible to make the same translation in two steps. First 
the atoms glide in the direction of vector b2 moving the atoms in a B position to a C 
position followed by a glide b3 moving them back to a B position and restoring the 
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Figure 3.5 Atomic arrangement on {111} planes in an fcc metal indicating the three 
different positions A, B and C. The vector b1 is a perfect lattice translation, while a 
translation of the type b2 or b3 will cause a stacking fault [11]. 

normal order. Basically the perfect dislocation splits up or dissociates into two 
partial dislocations. This can be written as: 

 1

1 1 1
2 6 6110   211 12 1

→ +

< > → < > + <
2 3b b b

>
 (3.3) 

These 1
6 112< >  partial dislocations in fcc crystals are called Shockley partials. 

According to Frank’s rule their formation is energetically favorable. There is 
however a repulsive force between the two partials, which can be approximated by: 

 
2

2 4
bF

d
µ

d
µ

π π
⋅

= =2 3b b
 (3.4) 

where d is the spacing between the two Shockley partials. Therefore there will be a 
tendency for the two partials to separate, creating a region of stacking fault in 
between them. The normal ABCABC stacking of {111} planes will be changed to an 
ABCACABC stacking, since one B-layer glided into a C-position. Associated with 
this stacking fault is a stacking fault energy γ, which is the force per unit length 
pulling the two dislocations together. The equilibrium separation is found when the 
repulsive and attractive forces balance i.e. when F=γ and: 
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2

4
bd µ
πγ

=  (3.5) 

In a gliding dissociated dislocation, the leading partial creates the stacking fault and 
the trailing partial restores the perfect order on the glide plane. The stacking fault 
energy varies from one fcc metal to another. For instance, silver has a low stacking 
fault energy (γ≈20 mJ m-2), implying easy dissociation with broad stacking fault 
ribbons. Aluminum on the other hand has a much higher stacking fault energy 
(γ≈140 mJ m-2). Dissociation is confined to the dislocation core and no partial 
dislocations are developed.  
Cross slip in fcc crystals is possible for perfect dislocations. This is illustrated in 
Figure 3.6. The figure shows a dislocation loop with Burgers vector [101]  slipping 
in the (111) plane. The Burgers vector lies also in the (111)  plane. The screw side of 
the dislocation loop at z can therefore cross slips onto this plane. The figure also 
shows double cross slip as at reaching the line CD, the dislocation slips back onto 
the (111) plane. For the dissociated dislocations, cross slip is not possible since a 
unique 1

6 112< >  dislocation only lies in one {111} slip plane. The only possibility 
is for a screw dislocation to form a constriction in the stacking fault, cross slip and 
subsequently restore the stacking fault. This process requires energy and is unlikely 
in materials which have low stacking fault energy. Aluminum on the other hand has 

Figure 3.6 Cross slip in an fcc metal. The screw part at z of the dislocation loop with 
b=1/2a [101]  cross slips from the (111) plane onto the (1 plane. In the final picture 
double cross slip occurs back onto the (111) plane [11]. 

11)
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high stacking fault energy and cross slip is relatively easy. 
 
Dislocations in other crystal structures 

In body-centered cubic (bcc) materials the number of slip systems is less trivial, 
because slip occurs not only on the most densely packed {110} planes, but also on 
the {112} and {123} planes. The slip direction is always the close packed <111> 
direction, with perfect dislocation Burgers vectors of the type 1

2 <111>. A single 
<111> direction is shared by no less than three {110}, three {112} and six {123} 
planes, making cross slip of screw dislocations easy. 
The core of a dislocation is the region near the center of the fault in which the 
displacements become too large for a realistic description by linear elasticity. The 
strain fields in the cores have to be calculated using computer models in which the 
atomic displacements are determined by applying appropriate interatomic interaction 
functions. For screw dislocations in bcc materials, these models predict a non planar 
core structure, meaning that, when looking along the <111> Burgers vector, the 
displacements parallel to this line of view do not exhibit a radial symmetry around 
the dislocation as is the case for fcc materials, but instead, the displacements are 
concentrated on the three intersecting {110} planes. This complicated strain field 
changes when an external stress is applied or when the temperature is varied. It can 
be shown that the non planar core structure is responsible for many experimentally 
observed characteristics of bcc crystals when deformed, for instance the fact that the 
mechanical response of bcc crystals is not the same in compression and tension.  
Slip on {123} planes is generally only observed at elevated temperatures and will 
not be discussed further. Still, there remain 24 theoretical slip systems, twelve 
{110}<111> and twelve {112}<111>. The choice of slip system is temperature 
dependent. At low temperatures the 1

2 <111> screw dislocation is in its ‘ground 
state’, its core having a three-fold screw symmetry which will allow slip on {110} 
planes. At elevated temperatures however, the dislocation will enter a metastable 
‘excited state’. The core configurations is now such that slip on {112} planes is 
allowed. The temperature at which this first order phase transition occurs for bcc 
iron is approximately 100K, making the {112} planes the dominant slip planes at 
room temperature [13,14]  
 
In hexagonal close packed (hcp) crystal structures, slip is primarily confined to the 
basal planes [15]. There are only 3 basal (0002) 1120< >  slip systems available. 
Other probable deformation modes are the prismatic {1100} 1120< >  and pyramidal 
{110 } 1120l < >  slip systems but also second-order pyramidal slip 
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{1122} 1123< > has been observed in zinc [16,17]. Furthermore deformation 
twinning is common in hcp metals, with for zinc only the most common {1012}  
twins active [18]. In general the kind of slip systems active in hcp crystals depends 
highly on the material, since non of the hcp metals have the ideal close packed c/a 
ratio, which would be (8/3)1/2=1.633. Due to this difference in directionality of the 
atomic bonds hcp metals can be very brittle (Be) or quite ductile (Zr, Ti). 
 
3.3 Precipitation hardening 
 
In 1911 Wilm described experiments performed on aluminum alloyed with small 
amounts of copper, silicon, magnesium or iron, which was quenched from a 
temperature just below the melting point [19]. He showed that the alloys became 
harder after being kept for a longer time at room temperature. For this age hardening 
no plausible explanation existed until Merida et.al. in 1920 postulated that age 
hardening occurs in alloys for which the solid solubility increases with increasing 
temperature [20]. They argued that the quenching results in the formation of a 
supersaturated solid solution, from which with time new phases can grow. In the 
following years the focus of the research was mainly on understanding the 
mechanisms behind this precipitation and not on the resulting hardening. Even 
though the discovery of the dislocation as described earlier occurred in 1934, it took 
until 1940 before an explanation of precipitation hardening in terms of dislocations 
was given. In that year Mott and Nabarro suggested that the hardening was a 
consequence of the interaction between dislocations and the misfit strain fields of 
coherent particles [21]. In 1948, Orowan wrote down his famous equation, which 
predicts the strength of alloys strengthened by non-deformable particles [22]. In the 
late 1950s the research on the different mechanisms of precipitation strengthening 
took solid ground, culminating in more or less quantitative theories in the following 
decade of coherency strengthening, order strengthening, modulus hardening and 
stacking fault strengthening, which will be described in the following text for which 
the excellent review article by Ardell was most helpful [23]. 
 
3.3.1 The statistics of dislocation-particle interactions 

The aim of this section is to describe how the motion of dislocation is influenced by 
the presence of obstacles in the lattice. It turns out that the critical resolved shear 
stress τc at which the dislocation overcomes the obstacles depends on the one hand 
highly on the nature of the obstacle. Its size, coherency with associated coherency 
strains, crystal structure and chemical characteristics determine the ease and also the 
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manner of the passage. On the other hand, the distribution and concentration of 
obstacles is obviously very relevant. This first part will deal with this latter aspect, 
for which, according to Nabarro, it is useful to make a distinction between strong 
obstacles, which only interact when the dislocation is in close contact and diffuse 
obstacles, which interact with dislocations over a certain distance [24].  
 

Figure 3.7 A dislocation line pinned by obstacles a distance L apart. Under influence of a 
shear force the dislocation bows out between the obstacles. When this configuration is static, 
the pinning force Fm is counteracted by the line tension of the dislocation. 

Localized obstacles 

For localized obstacles, the problem can be treated as the simple force balance 
drawn in Figure 3.7. The dislocation line is pinned behind the obstacles and bows 
out between them. In the picture Fm is the maximum force the obstacle can sustain 
and φc is the critical breaking angle. T is the line tension of the dislocation. The force 
balance becomes: 

  (3.6) 2 cos( / 2)mF T ϕ= c

To find a relation between the forces in this expression and the applied shear stress 
we have to consider that if a piece of dislocation line dl is to be moved a distance ds, 
the crystal above and below the slip plane will be moved by the Burgers vector b. 
This means that the average shear displacement of the crystal by this glide is: 

 ds dl b
A
⋅⎛

⎜
⎝ ⎠

⎞
⎟  (3.7) 

with A the surface of the slip plane. The work done by the external force Aτ is equal 
to: 

 ds dldW A b
A

τ ⋅⎛= ⎜
⎝ ⎠

⎞
⎟  (3.8) 
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dl dθ 

R

T

dθ/2

dislocation 

Figure 3.8 A schematic view of a piece of dislocation line dl, which bows under influence 
of a shear stress. The line tension T tries to straighten the dislocation. At a curvature R the 
forces are balanced [11]. 

Therefore, the glide force on a piece of dislocation of unit length is: 

 dWF b
ds dl

τ= =
⋅

 (3.9) 

The shear stress can be related to the curvature of the dislocation line by considering 
a piece of dislocation line as depicted in Figure 3.8. The shear stress acts to maintain 
the curvature, while the line tension tends to straighten the line. According to Eq. 
3.9, the outward force acting on this piece of dislocation is equal to τbdl this force is 
balanced by an inward forced caused by the line tension of 2 sin( / 2)T dθ . The 
balance for small values of dθ becomes: 

 Td bdlθ τ=  (3.10) 

Since /d dl Rθ = , this can be written as: 

 T
bR

τ =  (3.11) 

Going back to Figure 3.7, the relationship between obstacle spacing L and curvature 
R is: 2 cos( / 2)L R ϕ= , which substituted into Eq 3.11, leads to the following value 
for the critical resolved shear stress: 

 2 cos( / 2)c
T

bL
τ ϕ= c

b

 (3.12) 

Since the line tension T is just the increase in energy per unit increase in the length 
of a dislocation line (ignoring angular dependence of dislocation line and Burgers 
vector), Eq. 3.1 can be used to show that 2T αµ=  and write down the shear stress 
in terms of material constants. 
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Figure 3.9 To calculate the effective obstacle spacing LF using Friedel statistics, the area 
SF has to be considered, which is swept out by a dislocation after breaking free of one 
obstacle whilst retaining its critical curvature R. This area is assumed to contain exactly one 
obstacle [23]. 

The choice of L however is not a trivial one, since it is found to depend on the 
applied stress. This problem was solved by Friedel by postulating what is now called 
Friedel statistics [28], although surprisingly it is not a description dealing with 
statistics. When a pinned dislocation breaks free from an obstacle, the curvature of 
the dislocation line will remain constant and the dislocation will bow out until it 
reaches another obstacle. If at the flow stress a steady state flow is reached, on 
average the area swept by the dislocation after breaking free of an obstacle contains 
exactly one obstacle. Looking at the geometry shown in Figure 3.9, this means in 
mathematical terms that: 

 1F sS n =  (3.13) 

where SF is area of the large circle segment in Figure 3.9 minus the two smaller 
segments, all having radius R and ns is the number of obstacles per unit area on the 
glide plane. Expressed in the distance between obstacles on the glide plane 

, a simple geometric analysis for yields: 1/ 2
s sL n−= L R

 
33 3

2 2
3 6 2

F cF F
F s

L bL LS L
R R T

τ
= − =  (3.14) 

Substituting LF for L in Eq. 3.12 shows that the effective obstacle spacing is 
 changing expression 3.12 into: 1/ 2/(cos( / 2))s cL ϕ

 3/ 22 (cos( / 2))c c
s

T
bL

τ ϕ=  (3.15) 

For strong obstacles, i.e. when φc approaches zero, this analysis has to be slightly 
adjusted. Based on computer simulation several expression are proposed, which all 
increase the effective obstacle distance e.g. [31]:  
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 20.8 (cos( / 2))c c
s

T
bL

τ ϕ=  (3.16) 

Figure 3.10 A dislocation line in a field of diffuse obstacles.

Diffuse obst

When the obs ation line, for 
lt of misfit strain fields, the situation may change drastically as 

.10. Here the dislocation line is not pinned behind the obstacles 

acles 

tacles exert attractive or repulsive forces on the disloc
instance as a resu
illustrated in Figure 3
but instead follows a contour of minimum interaction energy. This arrangement 
requires a different approach, which has first been developed by Mott [29]. A useful 
parameter following from the work of Mott and others is 0η defined as: 

 1/ 2
0 (cos( / 2))c

sL
ωη ϕ=  (3.17) 

where ω is the distance over which the force acts. The prediction is made that when 
, i.e. in case the forces are felt everywhere 

statistics has to be applied and in the limi , Friedel statistics accurately 

disloca
can be

here are several ways in which a precipitate can impede the motion of a dislocation 
ude chemical strengthening, stacking 

fault strengthening, modulus hardening, coherency strengthening and order 

0 1η between the obstacles, Mott 
t 0 1η

describes the interaction. When solute atoms are the predominant barriers to mobile 
tions, as has been shown in earlier in situ pulsed nuclear magnetic resonance 

(NMR) experiments, the mean jump distance  predicted by Mott-Nabarro’s 
model of weakly interacting diffuse forces between Mg solutes and dislocations in 
Al rather than by Friedel statistics [25,26,27]. The details and consequences of Mott 
statistics can be found in literature [29,23]. 
 
3.3.2 Precipitation hardening mechanisms 

T
and thereby strengthen the material. These incl

strengthening. For most of these hardening mechanisms quite accurate theories exist, 
which will be shortly described in the following sections. The type of hardening 
depends highly on the type of precipitate. For some alloys just one of the 
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aforementioned mechanisms is active but in most cases several of them play a 
significant part in determining the size of the critical resolved shear stress. Upon 
aging, not only the size of the precipitates may change. For many alloys, the Al-Cu 
system being the most extensively studied, other characteristics as for instance the 
shape, chemical composition and coherency changes dramatically with aging time. 
Since the size of the precipitates will be relevant in the following sections, it is 
useful to give the relation between Ls, the average particle radius r〈 〉 , the average 
planar particle radius sr〈 〉  and the volume fraction ƒ [23]: 

 
1/ 2 1/ 2

32 2
3 3s sL r r

f f
π

π
⎛ ⎞ ⎛ ⎞

= 〈 〉 = 〈 〉⎜ ⎟ ⎜ ⎟
⎝ ⎠ ⎝ ⎠

 (3.18) 

Bypassing or cutting 

When the critical bending angle φc is larger than zero, the dislocation will pass the 
This shearing mechanism itself creates some resisting forces 
d later. 

 in Figure 3.11. The two segments of the dislocation 

obstacles by cutting. 
which will be describe
For very strong impenetrable precipitates for which φc=0, the dislocation has to 
bypass the obstacle. The most common bypass mechanism is the so-called Orowan 
mechanism which is sketched
line at either end of the precipitate attract and finally this constriction leads to the 

Figure 3.11 The Orowan mechanism. (a) The obstacle is strong enough for the dislocation 
bow completely around it. The parts of dislocation line constrict until (b) the dislocation has 
passed the obstacles leaving dislocation loops around the particle [11]. 
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advancement of the dislocation line and a dislocation loop around the particle. The 
critical shear stress is given by Eq. 3.16. Making the substitution 21

2T bµ=  and 
adding some factors to correct for the nature of the dislocation and the finite particle 
size, the final version of the Orowan equation becomes [30]: 

 1
2

0ln( / )0.84
22 (1 )c

s s

rb
L r

µτ
π ν

Λ
=

− 〈 〉−
 (3.19) 

In this expression ν is Poisson’s ratio and Λ and r0 are the outer and inner cut-off 
istances used to calculate the line energy of the disloca

 

pitate-matrix interface. 
w surface with interfacial energy γs produces a resisting 

d tion. 

Chemical strengthening 

he shearing of a precipitate creates two new ledges of preciT
The formation of this ne
force such that [31]: 

 
1/ 23

16 s
cC

bf
r

γ
τ

Tπ
−⎛ ⎞

= 〈 〉⎜ ⎟  (3.20) 
⎝ ⎠

This expression predicts that for a constant volume fraction the critical shear stress 
ecreases when the particle size increases, which is

observation. It is therefore believed that chemical hardening does not play an 

 the precipitate differ, the spacing 
ions will vary between the two phases causing an 

ifferent relationships between the size of the 

d  in contrast with experimental 

important role in the strengthening of aged alloys. 
 
Stacking fault strengthening 

hen the stacking fault energies of the matrix andW
between the partial dislocat
increase in the flow stress. D
precipitates and the separation of partial dislocations in the matrix and in the 
precipitate require separate analyses. Several of these scenarios have been worked 
out by Hirsch and Kelly [32] and later by Gerold and Hartman [33]. In its simplest 
form the expected relationship between the flow tress and the difference in stacking 
fault energies γ∆ is given by: 

 
( ) 1/ 23/ 2 23

c
f r

γ

γ πτ
∆ ⎛ ⎞

32b T
〈 〉

= ⎜ ⎟  (3.21) 
⎝ ⎠

where the assumption is made that 2 sr〈 〉  is smaller than the width of the stacking 
fault ribbon in the matrix. 
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odulus Hardening M

Assuming the shear modulus µ  of th ecipitate is not equal to that of the matrix, 
the elastic energy of a dislocation wil ange when it enters a particle. The force 
ssociated with this change 

e pr
l ch

in energy has been studied by, among others, Melander 
 Nembach [35]. Their results are slightly different. Nembach 
an be expressed as: 

a
and Persson [34] and
argues that the force c

 2
0

m

m
rF C b
b

µ 〈 〉⎛ ⎞= ∆ ⎜ ⎟
⎝ ⎠

 (3.22) 

Here, µ∆ is the shear modulus difference between precipitate and matrix and C0 and 
m are constants equal to 0.05 and 0.85 respectively. Substituting this force in Eq. 
3.15 and utilizing Eq. 3.6 and Eq. 3.18 yields the following expression for the 

crease in shear stress by modulus hardening: in
3

 
21/ 2 1

3/ 20.0055c
f rb
T bµτ µ

m−〈 〉⎛ ⎞ ⎛ ⎞= ∆⎜ ⎟

 
oherency hardening 

lds which will interact with the 
mpede their motion. This is the earliest source of hardening 

me time it is also the least accurately described 

⎜ ⎟
⎝ ⎠ ⎝ ⎠

 (3.23) 

Unfortunately, it is very difficult to create experimental conditions, in which the 
different theories can be validated. 

C

In most cases the atomic spacing in the precipitate will differ from that in the matrix. 
In other words the particle does not fit exactly in, or is not coherent with, its 

rroundings. This misfit gives rise to strain fiesu
dislocations and may i
recognized but in the sa
quantitatively. Most models consider solely the case of the straight edge dislocation 
interacting with the strain fields around a completely spherical precipitate 
[31,36,37]. The results for the increase in resolved shear stress are of the form: 

 
1/ 2

3/ 2( )c
r fb
Tετ χ εµ 〈 〉⎛ ⎞= ⎜ ⎟

⎝ ⎠
 (3.24) 

where χ is a constant between 2 and 3 depending on the theory followed and ε is the 
misfit parameter defined as: 
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 1 (1 ) 2ν
3 (1 ) 3

ε δ δ
⎛ ⎞+

= ≈  (3.25) 
ν⎜ ⎟−⎝ ⎠

herew  δ  is the classical misfit parameter, relating the l
with that of the precipitate ap: 

attice parameter of the matrix 
a

 pa a
δ

a
−

=  (3.26) 

A  data on different copper alloys and 
co ing due to coherency strain possibly 

rdell compares these theories to experimental
ncludes that Eq. 3.24 overestimates the harden

hen a perfect dislocation (

due to the fact that they ignore screw dislocations and consider only straight 
dislocations i.e. weak obstacles [23]. 
 
Order strengthening 

1
2 110= < >b aW  in fcc materials) shears an ordered 

ase boundary (APB) may be created with a specific APB precipitate, an antiph
energy APBγ . This energy per u  slip plane is equal to the force per unit 
length opposing the motion of the dislocation entering the precipitate. In the simplest 
analysis this force is therefore equal to: 

 2m APB s

nit area on the

F rγ= 〈 〉  (3.27) 

Using Eq. 3.6 and Eq. 3.15 leads to the expression [31]: 
1/ 2

 
23 f rγ π γ⎛ ⎞

32
APB APB

cO b T
τ

〈 〉  (3.28) 

or strong obstacles of course, Eq. 3.16 should be used in
Dislocations in a material with ordered precipitates are often found to travel in pairs, 

 the first. If order 

= ⎜ ⎟
⎝ ⎠

F stead.  

the second dislocation removing the disorder left behind by
hardening is a dominant strengthening mechanism, the resistance experienced by the 
second dislocation when shearing a precipitate can be very low, resulting in a 
straight dislocation line. To calculate the total effect of both dislocations the 
following force balances, in which the terminology of Figure 3.12 is utilized, have to 
be considered [38]: 
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Figure 3.12 A coupled pair of dislocation cutting through ordered precipitates. The first 
dislocation creates an anti-phase boundary within the precipitates. Perfect order is restored 
by the second dislocation. The colored precipitates contain an APB [38]. 

 
for the leading dislocation: 

2 (1 )

for the trailing dislocation: 
2 (1 )

I
cO

I

II
cO

II

db
l b L

db
l b

µ γτ
π ν

µ γτ
π ν

⎛ ⎞⎛ ⎞+ = ⎜ ⎟⎜ ⎟− ⎝ ⎠⎝ ⎠
⎛⎛ ⎞= + ⎜ ⎟⎜ ⎟− ⎝ ⎠⎝ ⎠L

⎞
 (3.29) 

leading to: 

 2 I II
cO APB

I II

d db
L L

τ γ
⎛ ⎞

= −⎜
⎝ ⎠

⎟  (3.30) 

If we consider the second dislocation to be perfectly straight /II IId  becomes equal 
to 

L
f  and the first dislocation will bow out between the obstacles following Friedel’s 

hardening model: / 2 /I Id L r L= 〈 〉 F  resulting in: 

 
1/ 223

2 32
APB APB

cO
f r f

b T
γ π γ

τ
⎡ ⎤⎛ ⎞〈 〉
⎢ ⎥= ⎜ ⎟ −
⎢ ⎥⎝ ⎠⎣ ⎦

 (3.31) 

Equation 3.29 finally, can be used to calculate the distance l between the two 
dislocations. 
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Figure 3.13 Al-rich end of the binary aluminum-copper phase diagram. The solubility of 
copper in aluminum increases with increasing temperature, enabling age hardening. 

Age hardening 

As stated in the beginning of this section, age hardening occurs in alloys for which 
the solubility of the alloying element in the matrix material increases with increasing 
temperature. Such occurs in the aluminum-copper system for which the aluminum-
rich side of the phase diagram is shown in Figure 3.13. When an Al-2at.%Cu alloy is 
kept at a temperature of 550 °C, all the copper atoms will eventually dissolve in the 
aluminum. On slowly cooling down this stable solid solution, Al2Cu precipitates will 
be formed starting at a temperature of around 500 °C. When room temperature is 
reached, the system will contain very large Al2Cu precipitates in thermal equilibrium 
with the aluminum matrix. However, if the solid solution is quenched very rapidly 
from 550 °C to room temperature, there will not be sufficient time for precipitation 
and a super saturated solid solution is obtained. 
Since the solubility of copper in aluminum at room temperature is very low, there is 
a driving force for the nucleation of Al2Cu precipitates. When sufficient thermal 
energy is put into the system, for instance by annealing at 150 °C, precipitates will 
nucleate. If this process is allowed to continue long enough, eventually the 
equilibrium configuration is reached. In the aluminum-copper system, as in many 
other alloys, this transition from a solid solution to the equilibrium precipitated state, 
occurs via the formation of a number of metastable phases, for which a lower 
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thermodynamical threshold exists. They may differ from the equilibrium phase in 
e.g. composition, coherency and shape. 
In the early stages of aging, the yield stress will increase rapidly through the 
nucleation of many small precipitates, which act as obstacles for dislocation motion 
as described in the previous section. As the precipitates grow, initially the yield 
stress will continue to increase, since for a constant volume fraction, all 
strengthening mechanisms, with the exception of chemical hardening, predict a 
higher critical resolved shear stress when the precipitate radius increases.  
Precipitates cannot grow indefinitely without losing their coherency. After reaching 
a specific size, depending on the misfit, they become at first semi-coherent, i.e. the 
misfit strains are relieved by the formation of a dislocation at the precipitate-matrix 
interface. Eventually the precipitate becomes completely incoherent with its 
surroundings causing the misfit strains to become very small. The hardening due to 
coherency strengthening disappears. Furthermore, when their size increases, the 
obstacles might become too strong to be sheared by the dislocations and the Orowan 
bypassing mechanism (Fig. 3.11) takes over. According to Eq. 3.19 further aging 
will cause the yield stress to drop steadily. A typical hardening curve therefore might 
look like the one sketched in Figure 3.14. In the underaging regime, the yield stress 
increases with increasing precipitate size. Either due to coherency loss or due to 
Orowan looping, a peak strength is reached, after which overaging sets in and the 
material softens. 
 

Figure 3.14 Yield stress versus aging time. Initially the yield stress increases since 
shearing of the precipitates becomes increasingly difficult when they grow. Due to the 
Orowan mechanism and coherency loss, a peak strength is reached. Prolonged aging will 
cause the yield stress to drop. 
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Equation Chapter 4 Section 1Chapter 4 
Aluminum-Scandium Alloys 

Aluminum can be alloyed to meet the requirements set by quite diverse applications. 
The alloy strength however, is always considerably lower than that of comparable 
steels. Increasing the alloys strength, implies creating microstructural obstacles for 
dislocation motion in the material. In the binary aluminum-scandium system 
precipitation hardening causes a large increase in yield strength with only minute 
scandium additions. In this chapter this system is studied in depth. The theory of 
precipitation hardening as described in the previous chapter is applied in an attempt 
to explain the hardening characteristics of the alloy. 
 
4.1 Introduction 
 
In the 19th century, the little village of Ytterby near Stockholm, Sweden played a 
remarkably large role in the quest for new elements. From the local mine, the 
mineral Ytterite was extracted, which was later renamed Gadolinite in honor of the 
Finnish chemist Johan Gadolin. From this mineral a long list of new earths was 
discovered, which in those days was regarded being equivalent to the discovery of 
an element. With an apparent lack of imagination, four of these new elements were 
even named after the village (Ytterbium, Yttrium, Erbium and Terbium). In 1871, 
Uppsala professor Lars Fredrik Nilson, still studying the Gadolinite mineral, 
managed to split the earth ytterbia into a new ytterbia and a new element, which he 
named scandium after his homeland Scandinavia [1]. In the meantime Mendeleev 
had introduced his periodic table of elements and Nilson was able to show that the 
properties of his scandium matched exactly those of eka-boron, a missing element 
predicted by Mendeleev.  
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Scandium is widely dispersed in minute quantities in the Earth’s crust. Only the 
mineral Thortveitite possesses a significant quantity of scandium oxide (30-40%). 
Consequently, scandium is not generally mined economically, but it is extracted 
mainly as a byproduct of iron, uranium or tantalum mining. The first pound of pure 
scandium was not produced until 1960. Due to its costs, applications of scandium 
were at first limited. It is used in mercury vapor lamps to imitate natural sunlight and 
has applications in laser research and aerospace technology. 
The demand for scandium increased however, when in 1971 Willey patented the first 
aluminum-scandium alloy [2]. He found that adding minute quantities (0.1-1.0%) of 
scandium to a number of aluminum alloys, significantly improved their mechanical 
properties. Al-Sc alloys are characterized as having superior corrosion resistance and 
weldability; they are strong, light weight and very stable at elevated temperatures. 
Furthermore Al-Sc alloys turned out to be well suited for superplastic forming 
operations. Nowadays the alloys are used for instance to make sporting equipment 
that has to be light weight and very strong, e.g. bicycle frames and baseball bats. 
There is a growing interest from industry, but the price of aluminum-scandium 
master alloys is still too high for most commercial applications. There are plans 
however, to extend existing Bayer process plants, which extract alumina from 
bauxite, to produce also scandium oxide [3]. This would reduce the scandium costs 
enormously and it is thus expected that scandium will be used much more 
extensively in the forthcoming years. 
This chapter aims at understanding the effects of scandium additions to aluminum. 
The first section will deal with the microstructural examination of the alloy and in 
the second part, the effect of the microstructure on the mobility of dislocations will 
be studied. Finally, the ternary Al-Mg-Sc alloy will be treated, which has some very 
interesting properties due to the complementary effects of the scandium and 
magnesium additions. 
 
4.2 Microstructure of an Al-0.2wt.%Sc alloy 
 
No element other than scandium is, with the same atomic fraction, such an 
impressive strengthener of aluminum. To understand the large increase in yield 
strength after proper alloying and heat treatment, accurate knowledge of the 
microstructure is essential. The binary Al-Sc phase diagram is a good starting point. 
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660 °C 

Figure 4.1 Binary aluminum-scandium diagram, showing the stable Al-Sc compounds 
and low solubility of scandium in aluminum. 

4.2.1 Phase diagram 

Figure 4.1 shows the binary Al-Sc phase diagram [4]. The first study of the entire 
composition range was done by Naumkin et.al. [5]. They showed that in this system 
four compounds exist: Al3Sc, Al2Sc, AlSc and AlSc2, all with narrow homogeneity 
ranges. At the aluminum-rich end, a peritectic was reported at 665 °C, but later 
studies demonstrated that this was incorrect [6-9]. As can be seen in the aluminum-
rich end of the phase diagram shown in Figure 4.2, Al and Al3Sc form eutectically 
from the melt: 

  (4.1) 3L α(Al) Al Sc+

The reported eutectic temperature varies between 655 and 659 °C and the scandium 
concentration at the eutectic is approximately 0.6 wt.% [3]. The maximum solubility 
of scandium in aluminum is approximately 0.35 wt.%. This already very low 
solubility drops rapidly upon cooling. At 500 °C only 0.075 wt.% scandium 
dissolves in the aluminum matrix [7]. 
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Figure 4.2 Aluminum-rich end of the phase diagram. The different symbols correspond to 
measurements taken from [6,7 and 12]. 

4.2.2 Material and heat treatment 

For the experiments described in this chapter a cast binary Al-0.2wt.%Sc alloy is 
used for which the composition is given in table 4.1. 
 
Table 4.1         Composition of Al-0.2wt.%Sc alloy 

element Al Sc Mg Si Fe other 
content (wt.%) 99.7 0.19 0.001 0.03 0.07 <0.005 

 
Due to the difference in cooling rate, the solidification characteristics vary from the 
bottom to the top of the cast. This can have a large influence on the resulting 
microstructure. Therefore, an EDS analysis of the as-cast alloy has been performed, 
which shows that the composition is fairly homogeneous throughout the cast. 
Nevertheless, to ensure optimal homogeneity, especially of scandium, the alloy has 
been subjected to a homogenization heat treatment for 24 hours at 640 °C. This 
temperature is extremely high for an aluminum alloy, which melts at 660 °C. The 
treatment is however necessary in order to avoid the rapid formation of the Al3Sc 
phase. According to [3], the minimum temperature at which 0.19 wt.% scandium 
dissolves completely in aluminum is approximately 600 °C. Although the risk of 
some small Al3Sc formation exists, because of temperature fluctuations, this 
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approach is preferred above the risk of local melting, which would be extremely 
detrimental to the mechanical properties of the material.  
The concentrations of impurity elements iron and silicon are relatively high, as a 
consequence of the use of commercially pure aluminum, but they tend to form 
intermetallic compounds at grain boundaries (Fig. 4.3), which are not believed to 
influence the overall mechanical properties of the alloy very much. Furthermore, in 
all TEM samples studied, only occasionally an intermetallic particle has been 
observed and the concentration of impurities in solid solution in the aluminum 
matrix as measured by EDS is negligibly low. This indicates that most impurities are 
tied up with intermetallics upon solidification and are not influenced much by 
further heat treatments.  

Figure 4.3 SEM picture of homogenized microstructure. Some grain contrast can be seen, 
indicating a large grain size. Intermetallic particles are present throughout the sample, but 
have a tendency to form at grain boundaries. 

After homogenization, the grain size has become extremely large due to the long 
time at a very high temperature and the low number of grain refining particles. These 
millimeter sized grains are not very practical in a TEM analysis of grains, because in 
the entire electron transparent area only one orientation may be present. The grain 
size is reduced by performing one or two cold rolling treatments, during which the 
thickness of the material is reduced by 70%. This reduction is achieved by rolling in 
small steps. After each step the material is rotated in order to avoid the development 
of a texture. The reduction is followed by a recrystallization heat treatment for ten 
minutes at 640 °C. Again, this high temperature is to avoid the formation of the 
Al3Sc phase. The resulting grains are still large (~200 µm) but significantly smaller 
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than after homogenization. When the sample is taken out of the oven, it is 
immediately quenched in cold water to create a supersaturated solid solution. 
After recrystallization, all scandium is assumed to be in solid solution and the 
material is free of defects. To strengthen the material it has to be aged as explained 
in chapter 3. Upon aging the Al3Sc phase will grow. Since diffusion of scandium in 
aluminum is slow, aging has to be performed at temperatures that are relatively high 
compared to other aluminum alloys. For this research aging has been performed at 
300, 350 and 400 °C for periods of time ranging from 10 minutes to 96 hours. To 
study precipitation in a deformed matrix, one set of samples has been aged 
immediately after the final rolling treatment, thus without a final recrystallization. 
After the aging treatment the samples are air cooled instead of water quenched to 
relax the stresses that arise from cooling.  
 

Figure 4.4 Atomic arrangement of the Al3Sc phase. This L12 ordered structure is very 
similar to an fcc lattice but is in fact simple cubic with a four atom base. 

4.2.3 Al3Sc precipitates 

When aged from the supersaturated solid solution, a fairly simple two phase system 
develops. The α(Al) phase can, as a consequence of the extremely low scandium 
solubility at moderate temperatures, be considered to behave as pure aluminum. 
Therefore, it is apparent that the hardening observed in aluminum-scandium alloys is 
caused by the formation of Al3Sc precipitates.  
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Figure 4.5 A [001] diffraction pattern from Al3Sc precipitates aged for 24 hours at 
350 °C in an aluminum matrix. The superlattice reflections are clearly visible. 

Crystallographic structure 

The first to describe the Al3Sc phase were Rechkin et.al. in 1964 [10]. They found 
that the crystal structure was cubic with a lattice parameter of 4.10 Å. A few years 
later the correct crystallography was determined to be of the L12 type, space group 
Pm3m [11]. This ordered structure is found in many intermetallic compounds, most 
renown are Cu3Au, Ni3Al and Ni3Fe. In Figure 4.4, the atomic arrangement in Al3Sc 
is shown. The structure appears to be face-centered cubic but in fact it is simple 
cubic with a base consisting of one scandium and three aluminum atoms. The lattice 
spacing has been most accurately determined to be 4.105 Å using X-ray diffraction 
[8]. According to Eq. 3.26, this leads to a lattice mismatch with the aluminum matrix 
of .0 0136δ = . 
In diffraction mode transmission electron microscopy, the diffraction patterns of 
Al3Sc precipitates are almost similar to that of fcc materials, with one significant 
difference. Due to the different atomic scattering factors of aluminum and scandium 
the structure factor (Eq. 2.4) will never be really zero. That means that the 
reflections that are forbidden in an fcc material (e.g. {001} and {011} reflections) 
will be visible in a diffraction pattern from an Al3Sc precipitate. An example is 
shown in Figure 4.5. It depicts the [001] diffraction pattern of a sample aged for 24 
hours at 350 °C. Due to the small difference in lattice constant and the cube-on-cube 
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orientation relation, the {200} and {220} reflections of the matrix and the 
precipitates are not distinguishable, but the {001} and {011} superlattice reflections 
are a clear indication of the presence of the precipitates. 
 
Size and shape 

TEM studies of the size and shape of the precipitates are not always in good 
agreement with each other. An accurate study was done fairly recently by Marquis 
et.al. [12]. With high-resolution TEM two binary alloys were studied with different 
scandium content (0.1 and 0.3 wt.%). The 0.3 wt.% alloy showed diffusion-
controlled coarsening of precipitates in accordance with the t⅓ time dependence 
predicted by the Lifshitz-Slyosov-Wagner (LSW) theory. The precipitates have a 
facetted shape, which is established to be a regular Archimedean solid, namely a 
Great Rhombicuboctahedron. The alloy with 0.1 wt.% scandium shows a completely 
different behavior. The growth is unstable and the shapes of the precipitates show 
cusps and lobes and after longer aging times they become cuboidal or rod-shaped. 
Novotny used conventional TEM to examine a 0.2 wt.% scandium alloy [13]. 
Already after five hours of aging at 350 °C, a constant precipitate size is reported, 
which is clearly not in accordance with LSW-theory. The shape of the precipitates in 
this research was ‘cauliflower’-like for aging times up to 25 hours, after which a 
process of ‘spheroidization’ takes place. Also coexisting spherical and cuboidal 
particles were observed in this alloy. Signs of coherency losses were not observed 
for aging times shorter than 3000 hours. 
 
There are three different TEM modes that can be used to visualize the Al3Sc 
precipitates: by means of strain contrast, by using the superlattice reflections or by 
applying phase contrast. An example of strain contrast is shown in Figure 4.6a. This 
sample has been aged for two hours at 400 °C. The inset shows the two beam 
condition used to create this bright field image. When the precipitates are small and 
there is still coherency with the surrounding matrix material, coherency strains can 
be large. Figure 4.6b is a schematic drawing of the strains around a coherent particle 
with a smaller lattice constant than the matrix. All the planes around the precipitate 
are bent and as explained in chapter 2, this will give rise to a change in contrast in a 
two beam bright or dark field image. The contrast is determined by the ⋅g R  
product in the Howie-Whelan equations (Eqs. 2.8 and 2.9). This implies that there is 
a line of no contrast, where the lattice displacements are perpendicular to g. In the 
case of Al3Sc precipitates in aluminum, the lattice spacing of the precipitates is 
actually larger than of the matrix, but the principle remains the same. Hence the 
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(b) 

(a) 

Figure 4.6 (a) Strain contrast in a sample aged for two hours at 400 °C. The typical 
coffee-bean contrast arises since there exists a line, over which the strain is perpendicular to 
g as explained in (b). 

coffee bean shaped contrast in Figure 4.6a. Strain contrast imaging is especially 
useful when information about the coherency and distribution of precipitates is 
desired. 
As stated earlier, the superlattice reflections are a result of diffraction in the 
precipitate. When one of these spots is selected, using the objective aperture, to form 
the image, only electrons that have been scattered by the lattice planes of the 
precipitates will contribute to the image. The images 4.7a and 4.7b are made in this 
fashion. The sample in Figure 4.7a has been aged for two hours at 350 °C and the 
sample in Figure 4.7b for two hours at 400 °C. In the insets the superlattice 
reflection that is used to form these images has been circled. There is a significant 
size difference between the precipitates in both samples. One of the consequences is 
the much smaller intensity in the superlattice reflection as can be seen in the insets. 
As is the case with light diffraction from a grating, the smaller precipitates will 
produce less sharp diffraction spots. Even though the volume fraction of Al3Sc is 
probably similar in both samples, the reflections from the larger precipitates are 
much more pronounced. That is why the contrast in the second picture is much better 
than in the first. A considerable problem, when making these kinds of images, is the 
long exposure time needed to get an acceptable signal to noise ratio. These two 
images were taken with an exposure time of one minute. When really small 
precipitates have to be imaged, the magnification is set high and drift becomes a 
serious problem. These superlattice reflection images have been used in previous 
investigations to estimate the size and shape of the precipitates [13]. For the larger  
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Figure 4.7 Two examples of superlattice reflection TEM images. (a) Aged for two hours 
at 350 °C. (b) Aged for two hours at 400 °C. The bigger precipitates produce a better defined 
superlattice reflection and hence better contrast. The particle distribution in (a) is slightly 
more homogeneous than in (b), where some traces of heterogeneous nucleation can be found. 



ALUMINUM-SCANDIUM ALLOYS 

precipitates such as the ones in Figure 4.7b, this is not impossible, but for the smaller 
particles this method becomes highly unreliable. The most accurate information 
about the precipitates is acquired when high resolution TEM is used. The theory 
behind this phase contrast imaging is described in chapter 2. 
 
In Figure 4.8 some examples of high resolution TEM images of Al3Sc precipitates 
are shown. These samples are aged at 350 °C for 1, 8, 24 and 96 hours. Especially 
for the smallest precipitates it is not easy to distinguish the precipitates from the  

(c) (d) 

(a) (b) 

Figure 4.8 high-resolution TEM images of Al3Sc precipitates formed at 350 °C for (a) one 
hour (b) eight hours (c) 24 hours and (d) 96 hours. (a), (c) and (d) are taken along a [100] 
zone axis; (b) along a [110] zone axis. 
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Figure 4.9 MacTempas high-resolution TEM simulations of a 5x5 unit cells piece of Al3Sc 
embedded in an aluminum matrix for varying foil thickness and defocus. For thin foils and 
Scherzer defocus (580 Å) the contrast is poor. 

aluminum matrix. To explain the poor contrast in these images, high resolution 
image simulations are made using the MacTempas software package [14]. The 
results for a foil thickness varying between 20 and 140 Å and a defocus value 
varying between 0 and -720 Å is depicted in Figure 4.9. The simulated material 
consists of a square of 5x5 Al3Sc unit cells surrounded by aluminum. The 
simulations are acquired by applying the multislice method as described for instance 
in [15]. Especially for lower thicknesses, the contrast between the precipitate and the 
aluminum is very poor. At Scherzer defocus (580 Å), the contrast in minimal. The 
smallest precipitates in this research are only a few nanometers in diameter. 
Furthermore, they are very likely covered on top and bottom with aluminum, which 
causes the contrast to be even lower than in the simulation. When the precipitates are 
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larger the contrast in the high resolution image will be more similar to that of the 
columns on the far right of Figure 4.9 and they will be more easily detected.  
The high resolution images in Figure 4.8 are made with the JEOL 2010F microscope 
instead of with the JEOL 4000EX, which is normally the first choice for HRTEM, 
since it has the better point resolution. There are two reasons for choosing the 
2010F. Firstly, in the 4000EX, the material did not remain stable under the electron 
beam. The higher energy of the 400 keV electrons induces dislocation loop 
formation and motion, which makes it nearly impossible to make good images. 
Secondly, the contrast in the 4000EX is worse than in the 2010F, caused by the 
smaller difference in scattering factor of scandium and aluminum atoms when the 
primary electron energy is higher.  
 
A problem of the 2010F microscope is delocalization. This TEM effect is caused by 
the high spatial coherency of the field emission gun [16]. The high frequency 
oscillations in the contrast-transfer function are transferred to the final image, 
whereas in a microscope with a LaB6 source they are not. As a result, a line will be 
imaged as a line with some weaker parallel lines nearby. In the 2010F, there will 
always be more or less delocalization present in the HRTEM images, which will 
make it more difficult to determine the exact size and shape of the precipitates. 
 
With prolonged aging at 350 °C, the particles clearly coarsen. When aged at 400 °C, 
the growth is faster as can be concluded from the two precipitates in Figure 4.10. 
Due to the delocalization, determining the exact shape of the precipitates is difficult.  

(a) (b) 

Figure 4.10 High-resolution TEM images of Al3Sc precipitates aged at 400 °C for (a) one 
hour and (b) two hours. 
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Figure 4.11 Image processing to determine particle size. (a) Original HRTEM image. (b) 
FFT of original image (c) Masking of the frequencies produced by the precipitate image (d) 
Inverse FFT of the masked transformation (e) Profile across the precipitate area (f) 
determination of the precipitate size. 

(f) (e) 

(d) (c) 

(b) (a) 
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They are more or less spherical but especially the larger particles (Figs. 4.8d, 4.10a 
and 4.10b) show some signs of faceting. 
 
An accurate estimate of the precipitate size is important for the strengthening 
analysis that will follow in section 4.3. Determination of the size from the HRTEM 
images is however less trivial than it seems. Assuming spherical particles, their 
thickness and hence their visibility will decrease near the edges and consequently the 
measured size will be underestimated. To overcome this problem, an image 
processing trick is used as illustrated in Figure 4.11. In Figure (a), an HRTEM image 
is shown, from which the fast Fourier transform is calculated (b). This FFT has the 
same characteristics as the TEM diffraction pattern. The ‘superlattice reflections’ 
caused by the precipitates can be selected as shown in Figure (c). This masked FFT 
is subsequently transformed back using an inverse FFT algorithm. The result is 
shown in Figure (d). The precipitate stands out much more than in the original 
image. Its size can now be determined by plotting the intensity profile over the 
image as shown in Figures (e) and (f). The shape of the envelope drawn over the 
profile is such that it is highly unlikely that this precipitate has the Great 
Rhombicuboctahedron shape predicted by Marquis et. al. [12]. When viewed from 
the [100] direction, the central region of this Archimedean solid is of constant 
thickness (Fig. 4.12).  
Using the method described above, the average size of the precipitates is determined 
for samples aged at 350 °C for times varying between 1 and 96 hours. The results 
are plotted in Figure 4.13. At least ten precipitates are analyzed for each aging time. 
The large errors indicated in the figure are firstly a consequence of the 
delocalization, which as explained above will cause an overestimation of the 
precipitate size and secondly of the fact that when looking for the precipitates in 
high resolution TEM, the larger particles are more likely to be found and analyzed. 

Figure 4.12  Great Rhobicuboctahedron shape predicted by Wulf analysis. (a) 3D view (b) 
[001] projection (c) [110] projection [12]. 
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In samples aged for very short times at a low temperature e.g. 30 minutes at 300 °C 
some precipitates are found, which have an unexpectedly large size (~4 nm). 
Evidently in the early stages of aging a broad size distribution is present, making the 
size determination using HRTEM nearly impossible, since the average-sized 
precipitates will be almost invisible.  

Figure 4.13 Precipitate sizes determined by means of the image processing technique of 
Figure 4.11. The samples are aged at 350 °C. 

In the figure, the particle size is plotted as a function of the aging time to the power 
one third. Clearly the precipitate growth does not follow the t⅓  relation predicted by 
the LSW-theory. After aging for 96 hours, the average particle size is only slightly 
larger than after 24 hours of aging. This arrested coarsening is one of the most useful 
microstructural properties of the aluminum-scandium system. Whereas the 
hardening phase in other heat-treatable aluminum alloys will continue to coarsen 
when subjected to quite moderate temperatures (150 – 200 °C) until most of the 
beneficial mechanical properties are lost, the Al3Sc precipitates will remain small 
and coherent when aged at 350 °C. 
Comparing our results with those of Novotny [13], some differences are observed. 
Where Novotny signals a constant precipitate size already after five hours of aging at 
350 °C, we observe a continued coarsening up to at least 24 hours of aging. 
Furthermore, the observed spheroidization process as aging continues is not 
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observed in our experiments. Instead, the smallest particles appear spherical and the 
larger particles show more signs of faceting. 
 
Coherency 

Since coherency strengthening may form a major contribution to the hardness of an 
alloy, it is important to keep the size of the precipitates below the critical value at 
which the first misfit dislocation is formed to relieve the misfit strains. 
Approximately this will happen when the number of lattice planes at the boundary 
multiplied by the lattice misfit is equal to one Burgers vector. For the aluminum-
Al3Sc interface the critical diameter is: 

 21.0 nmcrit
bd
ε

= =  (4.2) 

However, this critical value will be higher at elevated temperatures due to the larger 
thermal expansion coefficient of aluminum and also due to the higher concentration 
of scandium in solid solution, which will slightly increase the lattice spacing of the 
matrix [17]. Correcting for these effects, the critical size for precipitates aged at 350 
°C increases to 29 nm. This indicates that the precipitates in our research, aged at 
350 °C should remain coherent for all applied aging times and indeed, no signs of 
coherency loss are observed in the TEM experiments. 
 
Homogeneous / heterogeneous precipitation 

In an annealed microstructure, the precipitates nucleate from the supersaturated solid 
solution homogeneously as can be seen in Figure 4.7. Only on grain boundaries, the 
precipitates will nucleate sooner and coarsen faster, due to the rapid diffusion along 
the boundary (See Fig. 4.14a). The shape of these larger grain boundary precipitates 
is not spherical but rather irregular as can be seen in the corresponding superlattice 
reflection image. In a deformed microstructure, the precipitation is less 
homogeneous. Precipitates will then nucleate preferentially on cell walls and on 
individual dislocations as shown in Figures 4.14b and c. These heterogeneous 
nucleation effects are more prominent when the aging has been performed at 400 °C 
as compared to aging at lower temperatures.  
 
Superlattice reflection images are used to calculate the volume fraction of Al3Sc 
precipitates after aging. When the size of the particles is determined using HRTEM 
images, the volume fraction f can be obtained by counting the number of precipitates 
in the image. Of course, the thickness of the foil has to be known. This can be  

 65



CHAPTER 4 

 66

Figure 4.14 Heteregeneous precipitation at (a),(b) Grain boundaries (c),(d) cell strcutures 
and (e),(f) individual dislocations. The samples are aged for (a),(b) 24 hours at 350 °C (c),(d) 
one hour at 400 °C and (e),(f) two hours at 400 °C. 

(f) (e) 

(d) (c) 

(a) (b) 
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calculated from the electron energy loss spectrum. In an EELS spectrum a peak at 
zero energy loss is present caused by electrons that have not or elastically interacted 
with the material. Another peak is present around 50 eV energy loss arising from 
electrons that have lost energy by the formation of a plasmon in the specimen. This 
peak will be higher when the foil is thicker. From the ratio of the plasmon to zero 
loss peak intensity, the thickness of the foil can be determined. The volume fraction 
is consequently calculated as: 
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where n is the number of particles counted in the superlattice reflection image, A is 
the area of the image, d the foil thickness as determined from the EELS spectrum 
and r is the average precipitate radius. This analysis has been performed for samples 
aged for two and for 24 hours at 350 °C. For each sample five superlattice reflection 
images are analyzed. The calculated volume fractions are listed in Table 4.2. 
 
 
Table 4.2        Volume fractions calculated using Eq. 4.3 

sample radius r (nm) volume fraction f (%) 
2 hours 350 °C 3.5 1.4±0.6 
24 hours 350 °C 5.0 0.5±0.2 

 
The maximum volume fraction, that will be obtained if all the scandium is in the 
precipitates, is equal to: 
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In this equation 0.19 is the weight percentage of scandium in our alloy, uAl and uSc 
are the atomic masses of aluminum and scandium. The factor 4 is present since only 
25% of the atoms in a precipitate are scandium atoms and the matrix and precipitate 
lattice constants correct for the difference in density between the matrix and the 
precipitate. For the second sample, the calculated experimental value is equal to this 
theoretical maximum, indicating that all the scandium is in fact present in the Al3Sc 
phase. The experimental value obtained for the first sample is however much higher 
than the maximum. This can be caused by a very inhomogeneous distribution of 
precipitates but that is not very likely, since the five measurements are taken from 
very distinct regions in the specimen. A more likely explanation is an overestimation 
of the precipitate size. The value for the volume fraction is due to the r3 term very 
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sensitive to the size of the precipitates. If the value is changed from 3.5 nm to 2.5 
nm, a value f = 0.5 is obtained. These measurements suggest therefore, that the 
overestimation could be even larger than the error bars in Figure 4.13 indicate. 
 
4.3 Dislocation mobility in an Al-0.2wt.%Sc alloy 
 
Mechanical properties of crystalline metallic systems are almost always 
predominantly determined by dislocation dynamics. This section will start with a 
description of some of the most useful properties of aluminum-scandium alloys, 
namely the increased hardness and the delayed recrystallization, which are both the 
result of the interaction between dislocations and the Al3Sc precipitates. An attempt 
is made to explain these properties by combining conventional TEM images of 
dislocation structures with the theory of precipitation strengthening explained in 
chapter 3. 
 
4.3.1 Hardness measurements 

The hardness of a material is thought to be a measure of the ease with which 
dislocations are nucleated and start to move. For a series of differently heat-treated 
Al-0.2wt.%Sc alloys, the hardness has been determined by means of three distinct 
methods. The first method is the classical Vickers micro-indentation technique. A 
square-based pyramidal indenter tip is pressed with a known load into the specimen. 
The size of the resulting indent is accurately determined using an optical 
microscope. The Vickers hardness number HV is now the ratio between the applied 
load and the contact area between the indenter and the specimen. 
The other two techniques used to obtain hardness values are based on nano-
indentation measurements. A nano-indenter is a computer-controlled device with 
which a small indenter can be pressed into a material under continuous monitoring 
of load and displacement during both loading and unloading. The use of a nano-
indenter has several advantages. The experiments are fully automated and the 
accuracy of the load and displacement measurements is high. No further microscopic 
analysis of the indents is necessary and besides a value for the hardness, the 
technique also provides the Young’s modulus of the material in the unloading 
regime.  
As said, there are two ways in which the hardness can be deduced from nano-
indentation. The most common technique is to use the slope of the unloading curve 
at the maximum indentation depth. The second technique continuously measures the 
hardness during loading by superimposing a small sinusoidal oscillation on the 
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primary loading signal. This continuous stiffness method (CSM) facilitates the 
continuous measurement of the material stiffness, from which the hardness can be 
deduced. A more detailed description of the machine and the techniques used to 
deduce mechanical properties from the indentation can be found in references 
[18,19]. 
 
In Figure 4.15 the results from the different hardness measurements are shown as a 
function of the aging time. The micro-indentation values are the average of five 
indentations per sample and the resulting hardness values are converted to SI units 
(MPa) by multiplying the HV numbers by 9.81. All samples are electrochemically 
polished before indentation to avoid any additional hardening caused by surface 
deformation resulting from mechanical polishing. For each heat treatment 20 nano-
indentations are performed. The maximum load was set at 15 mN, which for these 
materials corresponds to an indentation approximately one micrometer deep. The 
indentations are at least 100 micrometer apart, which ensures that there is no cross-
talk between the indents. The indenter used is of the Berkovich type, i.e. with a 
triangular pyramidal shape. 
There is a large difference between the values obtained with the Vickers micro-
indenter and the results obtained from the nano-indentations. The micro-indentation 
results are comparable with literature values [20], but the nano-indentation results 

Figure 4.15 Hardness measurements plotted against aging time at 350 °C. Although the 
trend is similar the values obtained from nano- and micro-indentations differ considerably.  
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from both the CSM analysis and the unloading data are too high. A possible 
explanation is the formation of a pile-up as described in [21]. Especially in soft 
materials, a pile-up may form next to the indenter during loading, which leads to an 
underestimation of the contact area and consequently of an overestimate of the 
hardness. This problem is however, more prominent for the more shallow indents 
and should become negligibly small for deep indentations. From the CSM data the 
changing hardness with in increasing indentation depth can be monitored. Indeed the 
hardness is higher during the first part of the indentation but stabilizes after 
approximately 500 nm (See Figure 4.16). The values used in Figure 4.15 are an 
average of the values measured between 700 and 800 nanometer indentation depth 
i.e. after the hardness has reached a constant value. 
Fortunately, the trend in the three hardness curves is identical. The increase in 
hardness after ten minutes of aging is large and already after 1-2 hours the peak 
hardness is reached.   

Figure 4.16 Hardness development during nano-indentation. The hardness values in 
Figure 4.15 are an average over the measured values between 700 an 800 nm indentation 
depth i.e. after the hardness has stabilized. 

4.3.2 Recrystallization effects 

The increased strength is only one of the useful consequences of the formation of the 
Al3Sc phase. Another aspect is the influence the precipitates have on the 
recrystallization behavior of the material. It is well known that randomly distributed 
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dispersoids hinder the motion of advancing grain boundaries. This so-called Zener 
drag can be expressed in the form: 

 z
k fp

r
⋅

=
〈 〉

 (4.5) 

where k is a factor based on the interfacial energy between the dispersoid and the 

24 hrs 300 °C 20 hrs 350 °C 2 hrs 400 °C 

1 hr 450 °C 1 hr 500 °C 30 mins 550 °C 

1 min 640 °C 10 mins 640 °C 

Figure 4.17 OIM results showing delayed recrystallization due to Al3Sc precipitation. An 
aged sample has been deformed by cold rolling and recrystallization is attempted at the 
indicated temperatures. Up to 550 °C no new grain nucleation occurs. 
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matrix. If at constant volume fraction, the precipitates coarsen, the Zener drag will 
decrease rapidly. This drag is such that after the aged microstructure is deformed, the 
temperature required for recrystallization increases. For the Al-Sc system this 
increase is enormous as illustrated by the measurements shown in Figure 4.17. An 
aged microstructure has been deformed by 70% by means of cold rolling and is 
subsequently annealed at the indicated temperatures. The images are orientation 
imaging microscopy results, which give a good impression of the state of 
recrystallization. Every shade of gray corresponds to a unique orientation of the 
crystal. An OIM image of a recrystallized microstructure shows areas with the same 
orientation. Clearly the presence of the precipitates has prevented the 
recrystallization of the heavily deformed microstructure completely up to 
temperatures of 550 °C. At these temperatures most of the scandium dissolves in the 
aluminum and the remaining precipitates will coarsen rapidly, minimizing the Zener 
drag on the boundaries. 
The last two OIM images show the recrystallized microstructure. All scandium 
atoms are dissolved in the aluminum and no precipitates are present to obstruct the 
recrystallization front. This leads to very rapid grain formation and growth. 
 
The Zener drag reaches its maximum for very small precipitates. Even if an annealed 
microstructure is deformed, after which a recrystallization is attempted, the 
immediate nucleation of precipitates will prevent this. This is illustrated in Figure 
4.18. Here an annealed microstructure is deformed by 70% and is subsequently 
heated at 350 °C for two hours (Fig. 4.18a) and for 24 hours (Fig. 4.18b). The 
deformed microstructure consists of (screw-)dislocations, which arrange themselves 
in a cell structure with nearly defect free interiors and small orientation differences 
between the cells. This microstructure is typical for deformed aluminum specimens 
and is a consequence of the high stacking fault energy and hence the easy with 
which screw dislocations cross-slip. At the start of the heat treatment, these cells are 
present but the precipitates are not, but they will nucleate fast enough from the solid 
solution to preserve the cell structure. After annealing for 24 hours at 350 °C, the 
dislocations in the cell walls form a more ordered structure but the cell size remains 
unchanged. 
The conservation of this microstructure also preserves the increased strength 
introduced by the cold work deformation. Hardness values for some samples that 
have been aged from a deformed state are given in Table 4.3. The hardness 
differences between the samples aged from the annealed state and those aged from 
the deformed state are largest after short aging times. The hardening effect of the cell 
structure decreases as a result of the reordering of the cell walls.  
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Table 4.3       Nano-indentation results for sample aged from the annealed and deformed state 

Heat treatment HCSM (GPa) HUnloading (GPa) 
annealed at 640 °C 0.33±0.01 0.31±0.01 
annealed + 30 mins 350 °C 0.83±0.03 0.77±0.03 
annealed + 2 hrs 350 °C 0.87±0.02 0.79±0.02 
annealed + 24 hrs 350 °C 0.81±0.02 0.73±0.01 
70% def. + 30 mins 350 °C 0.99±0.04 0.91±0.03 
70% def. + 2 hrs 350 °C 1.08±0.05 1.01±0.04 
70% def. + 24 hrs 350 °C 0.88±0.09 0.80±0.09 

 
4.3.3 Strengthening analysis 

In this section the theory of precipitation hardening as described in Chapter 3 will be 
applied to the Al-Sc alloy. This analysis follows closely the approach of Seidman 
et.al. [22], who analyzed an Al-0.3wt.%Sc alloy and compared its hardness to 
calculated values for the different contributions of precipitation hardening. Since 
stacking fault strengthening is not considered to play a major role in these alloys, 
due to the high stacking fault energy of aluminum and the small size of the 
precipitates, we will focus our analysis on coherency hardening, modulus hardening 
and order strengthening. In Figure 4.19, the different strengthening contributions as 
explained in the following text are plotted as a function of the precipitate radius. The 
material constants used are given in Table 4.4. 

(a) (b) 

Figure 4.18 After deformation of an annealed microstructure, aging at 350 °C does not 
lead to recrystallization but to a stabilization of the cell structure. (a) After two hours aging 
the cell walls are formed by many dislocations which (b) after 24 hours have partly 
annihilated and partly rearranged to form a more ordered, recovered microstructure. The 
cell size however remains unchanged. 
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Figure 4.19 Contributions of the different strengthening mechanisms plotted against the 
precipitate size. In the underaging regime, the sum of coherency (τcC) and modulus (τcµ) 
strengthening or order strengthening (τcO) determines the yield stress, depending on which 
has the highest contribution. 

Coherency hardening 

The theory derived in Chapter 3 leading to Eq. 3.24 is in fact an analysis of the 
elastic interactions between the stress fields present around a coherent spherical 
particle and a straight edge dislocation. The assumption that the precipitates are 
spherical is justified in our material since the HRTEM images show little evidence 
of other shapes. The fact that the analysis only takes into account straight edge 
dislocations, is questionable. For an edge dislocation the interaction is maximal. For 
many systems, including aluminum alloys, the flow stress is however considered to 
be mainly governed by screw dislocations. A pure screw dislocation in an isotropic 
medium has no elastic coupling with the coherency stress fields. Furthermore, when 
an edge dislocation interacts strongly with a precipitate it will never remain straight 
and more screw parts will arise. All this leads to the conclusion that Eq. 3.24 
strongly overestimates the actual critical resolved shear stress due to coherency 
strains. 
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When the precipitates are strong and the break away angle consequently becomes 
small, Eq. 3.16 has to be used instead of Eq. 3.15. This can be used to calculate the 
maximum contribution of coherency hardening before the Orowan bypassing 
mechanism takes over. According to Brown and Ham [23], still under the straight 
edge assumption, this maximum stress is given by: 

 ,max . 1
2

c 1 84 fετ µε=  (4.6) 

This maximal value is also taken into account in Figure 4.19. The meaning of the 
different variables in this and following equations is explained in Chapter 3 and can 
also be obtained from Table 4.4.  
 
Modulus hardening 

In Figure 4.19 the increase in critical resolved shear stress as a consequence of the 
modulus mismatch between the matrix and precipitates is plotted. The values are 
obtained by applying Eq. 3.23.  
 
Order strengthening 

The Al3Sc precipitates are of the L12 ordered crystal structure. This implies that 
when a dislocation passes through the material and displaces the atoms above a 
{111} plane by a Burgers vector with respect to the underlying material, the 
resulting stacking is not perfect anymore. In fact, an anti-phase boundary (APB) is 
created. The energy associated with this planar defect is hard to establish. According 
to [3], reported values vary between 0.3 and 0.7 J/m2. 
For weak obstacles the increase of the critical resolved shear stress is given by Eq. 
3.28. This equation does not consider the possibility of a second dislocation, which 
would restore order in the precipitate. The presence of such a dislocation would 
lower the critical stress significantly. This is expressed in Eq. 3.31. However, in our 
material the volume fraction Al3Sc is very low and the distance between the two 
paired dislocations can be calculated to be 32 nm, which is larger than in the systems 
for which such coupled dislocations are actually observed. In the TEM investigation 
in section 4.3.4, no coupled dislocations are observed and the application of Eq. 3.31 
therefore likely underestimates the hardening effect of the APB formation in these 
alloys. 
For strong obstacles close to the Orowan limit, substitution of Eq. 3.27 in Eq. 3.6 
and Eq. 3.16 and further using Eq. 3.18 leads to a maximum value for τcO of: 
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Again, this is without considering the possibility of a trailing dislocation. The 
counterpart of Eq. 3.31 for strong obstacles is: 
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In Figure 4.19, Eq. 3.28 and Eq. 3.31 are plotted until they reach the maximum value 
predicted by Eqs. 4.7 and 4.8. In reality the transition is of course more gradual than 
shown here. 
 
Since both modulus and coherency strengthening are at a maximum when the 
dislocation is just about to enter the precipitate, these contributions can be added as 
is done in Figure 4.19. The order strengthening term τcO however, reaches a 
maximum when the dislocation is exactly halfway the precipitate, i.e. when the 
largest amount of new APB surface has to be created. The yield strength of the 
material is now determined by the highest of the two contributions namely order 
strengthening and the sum of coherency and modulus hardening.  
Looking at the different curves in Figure 4.19, it can be concluded that coherency 
strengthening is indeed the least important contributor to the hardness. In addition, 
this value is, as explained above, most likely overestimated. The difference between 
the two order strengthening curves is large. If we assume that the dislocations travel 
in pairs, then in the underaging regime the hardness is almost entirely determined by 
modulus hardening. This leads to an increase in critical resolved shear stress of 
around 75 MPa at peak hardness, which occurs at a precipitate radius of 3.0 nm. If 
however the assumption is made, the dislocation do not pair up and every dislocation 
can be treated as existing solitary, the order contribution suddenly is the major 
hardening contributor, increasing the critical resolved shear stress by no less than 
106 MPa until at a critical radius of 2.3 nm and overaging sets in and Orowan 
looping takes over. 
To compare these theoretical results to our hardness measurements we have to 
correct for the fact that our indents are made on arbitrary grains in a polycrystalline 
material. The hardness is determined as in an uniaxial compression test, i.e. equal to 
the average yield stress. For a polycrystalline material, exhibiting Taylor-like 
behavior, the shear stress is approximately equal to one third of the hardness. From 
Figure 4.15, the difference between peak hardness and the hardness before aging is 
0.42 GPa for the micro indentations, 0.48 GPa for the unloading curve results from 
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nano-indentations and 0.53 GPa from the CSM measurements. If only the ordering 
contribution to the strength is considered, the maximum increase in shear stress is 
according to Figure 4.19 equal to 106 MPa. Multiplied by three this leads to values 
comparable to the hardness measurements. 
 
Table 4.4       Material constants used in strengthening analysis 

Constant Value 
Shear modulus µ 25 GPa [24] 
modulus mismatch ∆µ 43 GPa [25] 
Coherency pre-factor χ 2.6 [26] 
Burgers vector b 0.286 nm 
Constrained lattice mismatch ε 9.07·10-3

Poisson’s ratio ν 0.34 
Anti-phase boundary energy γAPB 0.5 J/m2 [3] 
Volume fraction f 0.0048 

 
4.3.4 Observation of dislocations 

To study the dislocation mobility on the scale of the precipitates, a large number of 
TEM specimens are made. Most of them are deformed ex-situ. A TEM sample is cut 
out of a macroscopically deformed piece of material. Another option is to deform the 
specimens in-situ in the TEM. For this purpose a single-tilt straining holder is used. 
Both methods have their specific advantages and disadvantages. The ex-situ 
deformed samples will contain a homogeneous distribution of dislocations and is 
well suited to look for signs of Orowan by-passing. The observed dislocation 
structure is however a relaxed one. Not only is the sample not loaded during 
observation, but also during the preparation stages some degree of relaxation may 
take place.  
The samples that are deformed in-situ will show the dislocations under an applied 
load, but the situation in the thin foil is not the same as in a bulk specimen. Only 
when the slip plane is more or less parallel to the foil, a good observation of moving 
dislocations can be made. Another disadvantage of the in-situ technique is that the 
deformation will be concentrated in the weakest part of the specimen, which may for 
instance be a slight tear in the edge of the hole. Furthermore, when deformation is 
induced inside a thin foil, it will have a tendency to buckle. This will cause 
orientation gradients over the field of view in the microscope, which will decrease 
the quality of the image.  
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(a) (b) 

Figure 4.20 (a) Weak beam TEM image of dislocations in an ex-situ deformed sample aged 
for 1 hour at 400 °C. In this overaged state many small loops can be seen, indicative of the 
Orowan bypass mechanism. (b) Enlarged view of framed section. 

A good alternative is to take the best of both techniques i.e. with ex-situ deformation 
a high homogeneous dislocation density is introduced after which TEM samples 
suitable for in-situ deformation are prepared. By subsequently applying loads in-situ, 
the already present dislocations may be observed under tension. 
Figure 4.20 and 4.21 show weak beam TEM results obtained with the 4000EX 
microscope. The samples are ex-situ deformed by tensile straining and subsequently 
prepared for TEM. The sample in Figure 4.20 is aged for one hour at 400 °C, which 
leads to precipitates with an average diameter of around 15 nm. According to Figure 
4.19 this is clearly in the Orowan regime. Indeed many dislocation loops are 
observed as is visible in the enlarged section of Figure 4.20. The loops are examined 
using the invisibility criterion explained in Chapter 2. The Burgers vector of these 
dislocations is of the type 1

2 110a= <b > . This excludes the possibility of the 
dislocations being quenched-in Frank loops, since these dislocations would possess a 
Burgers vector 1

3 111a= <b > . 
Figure 4.21 shows similar results but now for an alloy aged for only 30 minutes at 
300 °C, so a sample which is without doubt in the underaged state. Theory predicts 
pairs of dislocations shearing through the ordered precipitates. Except for the pair 
marked by the arrow, no coupling of dislocations is observed. Some loops however 
are visible. Since it is highly unlikely that the average-sized precipitates in this 
sample, which are not expected to be larger than one nanometer, are bypassed by the 
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(a) (b) 

Figure 4.21 (a) Weak beam TEM image of dislocations in an underaged sample (aged for 
30 minutes at 300 °C). The arrow indicates a possible pairing of dislocations but this is not 
observed regularly.(b) Enlarged view of framed section showing dislocation loops. 

Orowan mechanism, we conclude that the loops are caused by the large size 
distribution present in the underaged samples. The density of loops is much lower 
than in the overaged sample.  
An example of an in-situ deformation experiment is shown in Figure 4.22. In this 
experiment a sample aged for 30 minutes at 350 °C is inserted into the microscope 
nearly defect-free. On straining this sample, several slip planes are activated, two of 
which are shown in Figure (a). The contrast in this picture is caused by dislocation 
activity on two planes intersecting the specimen foil at an inclined angle with respect 
to the viewing direction. Outside these planes no dislocation activity occurs. In the 
weak beam image (Fig. 4.22b), one of the slip planes is shown. The dislocations 
traversing this plane are bent through large angles around the precipitates as seen in 
the regions indicated by arrows. This implies that the precipitates in this sample, 
which is according to Figure 4.15 in an underaged state, can be considered as strong 
obstacles for dislocation motion. After breaking free of the particles, the dislocations 
leave a contrast at the precipitates, which is not seen outside the slip planes. This 
band of contrast is not caused by bending of the foil, since its location is not 
influenced by a slight tilt of the specimen. The most logical explanation is the 
formation of Orowan loops when the dislocations pass the precipitates. Again since 
this is an underaged specimen, only a fraction of the precipitates is assumed not to 
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be sheared. This fraction is however considerable as can be concluded from these 
images. 
It is concluded that in an overaged specimen the dislocations pass the precipitates by 
use of the Orowan looping mechanism. In the underaged specimens the size 
distribution is large and some precipitates are too strong to be sheared, resulting in 
dislocation loops. Hardness measurements indicate however, that shearing must be 
dominant, since for these heat treatments the hardness has not reached its maximum 
value. No paired dislocations are observed. This implies that the corrections to the 
contribution of order strengthening caused by the second dislocation, which lower 
the critical resolved shear stress, should not be applied and Eqs. 3.28 and 4.7 are to 
be used. This makes order strengthening the dominant hardening mechanism in 
underaged alloys. 

(b) (a) 

Figure 4.22 (a) Bright field TEM image taken during an in-situ deformation experiment of 
a sample aged for 30 minutes at 350 °C. Most dislocation activity is confined to two slip 
planes, which intersect the foil at an inclined angle with respect to the sample surface. (b) 
Weak beam image of one of the slip planes. The arrows indicate dislocations which are bent 
through large angles around the precipitates. This indicates the strength of the precipitates in 
this underaged state. Upon traversing the plane, dislocations leave contrast at the 
precipitates most likely a consequence of Orowan bypassing. 

4.4 Addition of scandium to other alloys 
 
Aluminum alloys are generally categorized in two classes: heat-treatable and non-
heat-treatable alloys. Following the international AA designation, the heat treatable 
alloys are the 2xxx series (Al-Cu alloys), the 6xxx series (Al-Mg-Si) and the 7xxx 
series (Al-Zn-Mg). These are the alloys get their strength from artificial aging 
procedures and hence from precipitation hardening. At first, addition of scandium to 
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one of the heat-treatable alloys in order to benefit from the added effect of the Al3Sc-
induced hardening, seems the most obvious. However, the temperatures at which 
these alloys are normally heat-treated differ significantly from the high temperatures, 
which are as explained before, necessary to heat-treat the Al-Sc system. For instance 
the aging temperatures for 2xxx alloys vary between 160 and 190 °C, for 6xxx 
alloys between 160 and 205 °C and for 7xxx alloys between 95 and 180 °C [27]. All 
these temperatures are considerably lower than 350 °C, at which the Al3Sc phase in 
this research is formed.  
Adding scandium to non-heat-treatable alloys as for instance the 1xxx series (>99% 
pure Al), the 3xxx series (Al-Mn) and the 5xxx (Al-Mg) is however promising. 
These alloys get their strength from strain hardening and from solid solution 
strengthening. The 5xxx alloys are characterized by their good corrosion resistance, 
workability and weldability but they have a reduced strength and a low 
recrystallization temperature, which results in large grain sizes when used in the cast 
or recrystallized state [28]. The complementary qualities of the addition of scandium 
are obvious. 
For this research an alloy has been made, which has the composition shown in Table 
4.5. 
 
Table 4.5         Composition of Al-2.1wt.%Mg-0.2wt.%Sc alloy 

element Al Sc Mg Si Fe other 
concent. (wt.%) 97.6 0.19 2.1 0.04 0.07 <0.005 

 
The solubility of magnesium in aluminum is high with a maximum at 450 °C. At this 
temperature 17.4 wt.% magnesium dissolves [24]. Most 5xxx alloys therefore 
contain more than 2 wt.% magnesium. In combination with scandium however, 
some care has to be taken at the solution temperature. To dissolve 0.19 wt.% 
scandium in aluminum, the temperature has to be raised to at least 600 °C. This is 
however also the temperature above which an Al-2.0wt.%Mg alloys starts to melt. 
There is therefore only a narrow temperature regime, in which both the magnesium 
and the scandium form a solid solution with the aluminum. For this reason a lower 
solution heat treatment temperature of 600 °C is used for these alloys than for the 
binary Al-Sc material. 
In Figure 4.23 the results of hardness measurements are shown obtained with the 
CSM method from nano-indentations. The samples in these measurements have been 
solution treated at 600 °C for 30 minutes and water quenched. Subsequently, they 
are aged at 350 °C during periods varying between 10 minutes and 96 hours. 
Contrary to the binary alloys these samples are not electrochemically polished, since 
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Figure 4.23 Hardness measurement of an Al-2.1wt.%Mg-0.2wt.%Sc alloy aged at 350 °C 
compared to the binary Al-0.2wt.%Sc alloy. The added effect of solid solution strengthening 
increases the hardness by at least 100 MPa. 

magnesium tends to diffuse out off the material layer and form a magnesium oxide 
layer at the surface. Instead they are mechanically polished to a mirror like finish 
using a SiO2 colloidal suspension. This might leave a thin deformed layer at the 
surface. However, since the observed hardness has attained a constant value with 
increasing indentation depth, it is believed that no significant hardening from the 
polishing is present in our results. The results for the binary Al-Sc alloy are also 
plotted for comparison. The hardness increase for the annealed specimens is 
enormous. The ternary alloy in this state is more than 300 MPa harder than the 
binary alloy. This difference however depends on the aging time and at peak 
strength is only 100 MPa. The shape of the hardness curve for the ternary alloy is 
slightly flatter than for the binary alloy, which can be attributed to a more dominant 
role of the size independent order strengthening. According to [20], the lattice 
mismatch between matrix and precipitates is decreased by the addition of 2 wt.% 
magnesium from 0.1365 to 0.111. This will decrease the hardening effect due to 
coherency strengthening. 
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4.5 Conclusions 
 
Scandium additions to aluminum alloys are promising. Due to the homogeneous 
distribution of nano-sized Al3Sc precipitates high strengths can be achieved. The 
formation of the precipitates increases the hardness by several hundreds MPa. 
Furthermore, these precipitates exert a strong Zener drag on advancing dislocations 
and grain boundaries, which hinders recrystallization and thereby facilitates the 
formation of small grained materials.  
These alloys differentiate themselves from other aluminum alloys by their excellent 
properties at elevated temperatures. The diffusion of scandium in aluminum is slow 
and consequently the precipitates coarsen slowly. After 24 hours of aging at 350 °C, 
the coarsening has stopped almost completely. This implies that contrary to other 
aluminum alloys the mechanical properties at temperatures up to 350 °C can be 
preserved. Since also the cell or grain structure remains largely unaltered, the entire 
microstructure is stable at these temperatures. 
The strengthening qualities of the Al3Sc phase can be attributed to modulus 
hardening, coherency hardening and order strengthening. In-situ TEM results 
indicate no coupling of dislocations in underaged specimen. This increases the 
contribution of order strengthening by more than a factor two, making it the 
dominant strengthening effect in this material.  
Scandium can be added to other aluminum alloys, but this often gives rise to 
difficulties concerning heat treatments. Adding scandium to aluminum magnesium 
alloys can be very useful. The precipitation strengthening and grain refining qualities 
of scandium are complementary to the mechanical properties of the aluminum 
magnesium alloy. 
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Equation Chapter 5 Section 1Chapter 5 
Surface Roughness of Deformed Metals 

When a crystalline metal deforms plastically, lattice dislocations become mobile on 
slip planes and disappear upon reaching the free surface. An emerging dislocation 
will leave a slip step at the surface and a large number of slip steps will lead to a 
complex topography. A detailed examination of the evolution of the surface 
roughness can provide information about the crystal plasticity. This chapter will 
present a statistical tool to describe surface topography and it will be used to study 
the dependence of the roughness on the amount of deformation and on the 
microstructure of the material. 
 
5.1 Introduction 
 
Metal surfaces become rough upon deformation. This roughness affects not only the 
appearance of the material but also other surface properties such as lubricant 
transport, weldability and adhesion. A rough surface may also facilitate sites for 
crack nucleation, which may seriously deteriorate the mechanical properties. As a 
consequence, the roughening process has been the subject of numerous 
investigations, including both experimental and theoretical studies. These have 
shown that the surface roughness depends on the strain, grain size and texture. The 
relationships between roughness and strain and between roughness and grain size are 
often found to be linear [1,2] but some authors report deviations from the linear 
behavior, especially at higher strains [1,3]. 
In several studies, texture was found to have a significant influence on the roughness 
[4-10]. Most of these studies are aimed at understanding the development of a 
typical roping or ridging roughness that is characteristic for rolled highly textured 
aluminum sheets. Numerical studies [4,6] show that differences in crystallographic 
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orientation, causing differences in strain incompatibilities between neighboring 
grains, lead to grain scale roughening, which is observed as the typical ‘orange peel’ 
surface topography.  
This chapter aims at gaining a better understanding of the nature and evolution of 
roughness of polycrystalline metal surfaces, which have been deformed by uniaxial 
tension. In particular we have adopted a height-height correlation technique to 
analyze the self-affine nature of grown surfaces. To our knowledge, a similar 
approach has been attempted once before by Zaiser et. al., who showed that a 
uniaxially deformed polycrystalline copper sample exhibits a self-affine roughness 
over a large range in length scales with a roughness exponent of approximately 0.75 
[11]. One of the great advantages of this technique is that it gives direct insight in the 
typical length scales that play a role as the roughness develops. It also facilitates a 
comparison between values of roughness that are present at these scales and it 
provides a description of a rough surface, which is more powerful in comparison 
with more conventional methods. The latter provide only root-mean-square 
roughness values or apply pre-defined cut-off frequencies. In this chapter, our 
approach is applied to an extensive data set obtained from confocal microscopy. An 
attempt is made to explain how the occurring roughness depends on the grain size, 
specimen thickness, crystal structure and grain orientation of the material. One 
section is devoted to atomic force microscopy measurements, which provide a 
description of the roughness at the nanometer scale. 
 
5.2 Experimental Method 
 
5.2.1 Materials and preparation 

To study the influence of the various microstructural properties on the roughness, 
different materials have been investigated. For the grain size analysis, the aluminum 
alloy chosen is an Al-8.5%Mg. This alloy has been selected because, due to the high 
solubility of magnesium in aluminum, no secondary phases will be present, while 
still the solid solution strengthening will guarantee sufficient hardening. 
Furthermore, after a considerable amount of cold rolling, a recrystallization 
treatment at various temperatures and for different time periods, offers the 
possibility to obtain a wide range of grain sizes without a significant texture and, 
most importantly, without changing any other microstructural property.  
After deforming the material over 80% by cold rolling, four different grain sizes are 
obtained through recrystallization for 30 minutes at 350 °C, 400 °C and 450 °C and 
for 10 minutes at 450 °C. Before each new step in the cold rolling process, the 
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Figure 5.1 Orientation imaging microscopy plots of the polished surface of the tensile 
specimen before deformation showing the differences in grain size after a heat treatment of 
(a) 30 minutes 350 °C, (b) 30 minutes 400 °C, (c) 10 minutes 450 °C and (d) 30 minutes 450 
°C. The insets show the corresponding (001) pole figure. 

material is rotated 90 degrees in order to minimize the occurrence of texture after 
recrystallization. The resulting grain structures are imaged using orientation imaging 
microscopy (OIM). Inverse pole figure maps are shown in Figure 5.1. The insets 
show the corresponding (001) pole figures. Although the number of grains in these 
scans is insufficient to conduct a thorough texture analysis, they still show that the 
materials used in this investigation are not strongly textured and that no obvious 
difference in texture exists between the four different microstructures. 
To examine the effect of the crystal structure, alongside with fcc aluminum, 
materials with a body-centered cubic (bcc) and hexagonal close packed (hcp) crystal 
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Figure 5.2 Inverse pole figures for (a) iron sample and (b) zinc sample. The insets show 
respectively the (111) and (0001) pole figures. 

structures are examined. The bcc material is 3N pure iron. It has been cold rolled to 
40% and recrystallized for 30 minutes at 800 °C to obtain a grain size comparable to 
the aluminum specimens. The hcp material selected is 5N pure zinc, cold rolled to 
50% and recrystallized for 30 minutes at 220 °C. In Figure 5.2, inverse pole figure 
maps are shown for the iron and zinc materials. The insets show the (111) and the 
(0001) pole figures, respectively. The figures show that the grains are fairly 
uniformly shaped and not strongly textured.  
 
Table 5.1 lists all the materials investigated. The grain sizes given in the table are 
obtained from OIM scans over an area of 800 µm x 800 µm. The grain sizes are 
determined by calculating the area average: 

 1

1

N

i i
i
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A d
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A

=

=

=
∑

∑
 (5.1) 

where Ai and di are the area and diameter of grain i. This method of calculating the 
grain size, which gives more weight to the larger grains, is chosen for two reasons. 
First, because effectively this also happens when determining the correlation length, 
as explained in one of the following sections, and second, to make the grain size 
determination insensitive to badly indexed points in the OIM scan. These can falsely 
be interpreted as grains, causing the average grain size to drop.  
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Table 5.1 Summary of the materials used in this chapter 
Sample Material Crystal structure Heat treatment Grain size 

(µm) 
A Al-8.5%Mg fcc 30 min 350 °C 30.8 
B   30 min 400 °C 44.9 
C   10 min 450 °C 68.1 
D   30 min 450 °C 90.1 
E Iron 3N bcc 30 min 800 °C 32.1 
F Zinc 5N hcp 30 min 220 °C 52.3 
G Aluminum 4N fcc -- > 5 mm 

 
 
5.2.2 Experimental setup 

From the materials described above, long flat tensile specimens are spark cut eroded 
with gauge dimensions 28 mm x 6.3 mm x 1.0 mm. Before deformation the 

Tensile stage 

Objective 
lens 

Specimen 

Height adjusting screws 

Figure 5.3 Experimental setup. A small tensile stage is mounted under a confocal 
microscope. In the image to the right the specimen is indicated as well as the three height 
adjusting screws, which assure the specimen is in a perfect horizontal position. 
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specimens are mechanically polished to mirror finish. The uniaxial tensile 
deformation is provided by a small portable tensile stage, which can be mounted in a 
white light reflection confocal microscope and under an atomic force microscope. 
Figure 5.3 is a photograph of the tensile stage as mounted under the confocal 
microscope. The stage is standing on an XY-table. During measurements the stage 
and consequently the specimen can be moved under the microscope. In this way 
multiple positions can be analyzed and accurately retrieved after a certain amount of 
straining. In the magnified photograph on the right in Figure 5.3, the specimen can 
be seen being clamped in the tensile stage, only a few millimeters below the 
objective lens. Three height adjusting screws are used to position the specimen in the 
best horizontal position possible under the microscope. This enhances the height 
resolution of the confocal maps considerably. The crosshead speed of the tensile 
stage is set at 10 µm/s, corresponding to a strain rate of 3.6x10-4 s-1. Because of its 
lateral and height resolution, a confocal microscope is an ideal instrument to acquire 
topographic information of larger surfaces. Using a 20x objective lens, an area of 
700 µm x 660 µm can be scanned with an axial resolution of 40 nm. A number of 
times during the deformation experiments the tensile stage is halted after 
predetermined strain values are reached and confocal images are acquired at three 
positions. Care is taken to ensure that those positions are the same at every 
measurement in order to be able to accurately study the local roughness evolution 
with increasing strain. 
In Figure 5.4 a photograph of the tensile stage under the AFM is shown. Care has to 

Camera 

Specimen 

Figure 5.4 Experimental setup. Tensile stage mounted under the AFM. 
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be taken that no vibrations are transferred to the specimen. The entire tensile stage is 
therefore connected to the AFM XY-table using damping rubber strips. On the AFM 
a camera is fixed, which is useful to keep track of the measurement location. 
 
5.2.3 Data analysis 

To analyze the surface morphology, we have chosen to extract roughness parameters 
from height-height correlation functions, assuming a partially self-affine scaling 
behavior [12]. The height-height correlation function: 
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applied to a matrix of digitized height values takes the form: 
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where Nx and Ny are the dimensions of the height matrix. The correlations are 
calculated in one direction and averaged over the other.  
Assuming a self-affine scaling behavior: 

  (5.4) ( ) ~ ( )h x b h bxα−

where b is a constant, α is the scaling or Hurst exponent, provides a very useful set 
of parameters to characterize the surface. The height-height correlation function of a 
self-affine surface takes the form: 

 2( ) 2 ( / )g r w f r ξ=  (5.5) 

where w is the root-mean-square (rms) width of the height distribution and ( )f x  is a 
function that takes the following values: 

 2( )f x x α=  (5.6) 

for  and , for . For the height-height correlation function this 
means: 

1x ( ) 1f x = 1x

 2( )g r mr α=  (5.7) 

for r ξ  and 

 2( ) 2g r w=  (5.8) 
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Figure 5.5 Height-height correlation function of a self-affine profile created using the 
Voss-algorithm with α=0.8, ξ=30 and w=1. 

for r ξ  with 2 22 /m w αξ= . Therefore, plotting the correlation function (Eq. 5.3) 
of a self-affine surface in a double logarithmic plot will result in a straight line with 
a slope of 2α up to r of the order of ξ. At larger values of r, the function will take a 
constant value of 2w2, see Figure 5.5. In this figure, a height-height correlation graph 
of a simulated surface is plotted. The topography is generated using the Voss 
algorithm, which produces self-affine statistical data [13]. The deviations from the 
horizontal line towards the end of the curve are the results of the smaller number of 
height differences in the summation of Eq. 5.3 for higher values of p. To maintain 
good statistics, correlations are calculated for points with a separation up to 75% of 
the total profile length. 
The heights of points at distances smaller than ξ are correlated, whereas points 
further apart are uncorrelated. Hence, the parameter ξ is called the correlation 
length. The scaling parameter α is a measure of this correlation. If the roughness is a 
result of a random walk displacement, α will be 0.5. Values of α larger than 0.5 
indicate a positive correlation, whereas a value smaller than 0.5 means that the 
heights are anti-correlated. 
The height images generated by the confocal microscope are flattened before the 
correlation function is calculated. The correlation function ( )g p (the average of the 
correlation functions of the individual lines) is then plotted on a double logarithmic 
scale and fitted to the self-affine approximation (Eq. 5.5). A linear fit to the first 
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section of the correlation function is used to determine the scaling exponent α. The 
root-mean-square value w is calculated directly from the height data. Finally, the 
correlation length ξ is determined from the intersection of a straight line with slope 
2α through the first part of the correlation curve and the horizontal line 2( ) 2g r w= . 
The resulting three parameters α, ξ and w describe the statistical morpho  
surface within the experimental limits set by the resolution of the confocal 
microscope. Within our work, we focus on the dependence of these parameters with 
increasing strain and examine the influence of various microstructural properties. 
Alongside with information about the grain size and the texture of the material, OI

logy of the

M 
scans are used to determine the susceptibility of the grain to deformation. This 
‘hardness’ is expressed as the Schmid factor cos cosm ϕ λ=  where ϕ  is the angle 
between the applied force and the slip plane the angl  between the 
force and the slip direction (see Figure 3.4). The slip system for which m is plotted is 
always the slip system with the highest Schmid factor. Finally, OIM is used to get an 
estimate of the deformation inside an individual grain by calculating the grain 
orientation spread, which is the standard deviation of all orientations within the 
grain. 
 

normal and λ e

.3 Confocal Microscopy Measurements 
 

 this section the experimental results obtained with the confocal microscope will 

.3.1 Grain size 

The grain size dependence is studied for four Al-8.5%Mg specimens (samples A-D). 

tress strain curves 

strain curves obtained from the tensile experiments. The 

5

In
be shown. These measurements are aimed at understanding the influence of the grain 
size, specimen thickness, crystal structure and grain orientation on the roughness 
parameters described above. This section is subdivided accordingly. 
 
5

Due to the different heat treatments, the grain size of these specimens varies between 
30.8 µm and 90.1 µm. Since all the magnesium remains in solid solution, no other 
microstructural differences are expected. 
 
S

Figure 5.6 shows the stress-
small dips in the curves are a result of relaxation at the strains at which the 
deformation is halted in order to perform the confocal microscopy. The curves are 
presented to demonstrate that aside from the grain size, the microstructures of the 
four samples used are identical. Every difference found in the surface roughness 
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Figure 5.6 Stress-strain curves belonging to the tensile experiments on the four Al-
8.5%Mg alloys. The small differences indicate that apart from the grain size no other 
microstructural differences exist that can influence the plasticity. 

analysis can therefore be directly attributed to the different grain size of the 
specimens. In Figure 5.6, with longer aging time or higher aging temperature, a 
slight decrease in yield stress and a slightly higher strain at fracture is observed, but 
these effects can be related to the increase in grain size. 
 
Local roughness evolution 

, the confocal height maps are made at the same location Since with increasing strain
on the sample surface, the local evolution of the roughness can be studied. In Figure 
5.7 this evolution is visualized by plotting one linear cross section of the confocal 
height maps for (a) the sample with the smallest grain size (30.8 µm) and (b) the 
sample with the largest grains (90.1 µm). It appears that the manner in which the 
roughness evolves is highly non-random. The resemblance between the profiles at 
low and at high strain is all the more striking if they are rescaled as is shown in 
Figure 5.8. When the rescaled profile after just 2% strain is compared with the 
height profile of the same line after 19% strain, the similarity is remarkably good, 
apart from a smoothening on a scale smaller than the grain size. 
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Figure 5.7 Local roughness evolution. (a) for the sample with the smallest grains and 
(b) for the sample with the largest grains. 

Height-height correlation graphs 

In Figure 5.9, the height-height correlation function for sample A ( 30.8d mµ= ) 
after 12% strain is plotted. The resemblance with the model curve of Figure 5.5 is 
good. The linear first part of the curve indicates a self-affine scaling behavior on 
smaller length scales, whereas the horizontal tail implies that a correlation length ξ 
exists above which this scaling behavior has disappeared. In this regime the 
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roughness can be described using the rms-roughness w. Figure 5.10a shows the 
correlation curves for all four samples A-D after 15% straining.  
With increasing grain size, the curves are shifted upwards and the linear, self-affine 
regime increases in size. Figure 5.10b shows the curves for sample B ( 44.9d mµ= ) 
for all strain values. The uppermost curve in this graph corresponds to the surface at 
the largest strain, whereas the bottom curve corresponds to the surface before 

Figure 5.8 Three profiles taken from Figure 5.7 rescaled. The similarity between the 
profiles is remarkable considering that they are obtained at very different strains. 

Figure 5.9 Experimental height-height correlation graph for sample A after 12% strain. 
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straining commenced.  
The striking resemblance between the experimental and theoretical height-height 

 

correlation curves supports the use of this analysis technique. Its power lies in the 
combined information about large scale roughness (parameter w) and small scale 
height correlations (roughness exponent α) as well as in the detection of typical 
lengths at which the roughness develops (correlation length ξ).  

Figure 5.10 (a) Height-height correlation functions for all four samples after 15% strain. 
(b) All correlation curves for the sample with grain size 44.9 µm. Higher curves correspond 
to measurements performed after a larger strain. 
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Roughness exponent α 

Values determined for the scaling parameter α, as obtained by fitting a linear 
function to the first points of the height-height correlation graphs, are plotted in 
Figure 5.11. For small strains, α is small but it increases with increasing strain, until 
a constant value of 0.88±0.05 is reached for sample A and of 0.92±0.03 for the 
samples B, C and D. The error in α for sample A is larger than for samples B, C and 
D, because the points in the correlation curve start to deviate from the straight line 
earlier, making the linear fit less accurate.  
The strong correlation between points at a small length scale, resulting in high 
values for the roughness exponent α, is another manifestation of the highly non-
random roughening. At the initial stages of straining a high roughness at small 
length scales develops as is apparent from the low α-values at low strains. This can 
also be observed in the uppermost profile of Figure 5.8. This roughness disappears 
slowly until, after about 10% strain, the small scale roughness remains constant. In 
effect, although there is a large scale roughening during straining, on a smaller scale 
the surface  smoothening. The small-scale roughness does not seem to depend 
strongly on the grain size. The α-values for the sample with the smallest grains are a 
little lower than for the other three samples, but this can be explained by the greater 
difficulty to determine the correct values as ex

 is

plained above.  
 

Figure 5.11 Roughness parameter α as determined by fitting a straight line to the first few 
points of the correlation functions. 
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Rms-roughness w 

In Figure 5.12 the increase in rms width of the height distribution with increasing 
strain is plotted. The values for w appear to lie on a straight line. If the slopes of 
these lines are plotted against the grain size of the corresponding sample material as 
is executed in Figure 5.13, it is clear that w scales linearly with both the strain and 

Figure 5.12 The rms-roughness w scales linearly with strain for all four samples. 

Figure 5.13 The slopes dw/dε of the curves in Figure 5.12 plotted versus grain size. 
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the grai

 

n size as:  

w c dε= ⋅ ⋅  (5.9) 

ε is the true strain and c is a constant which for these specimens is equa
. 

 figures clearly show that in these samples the same linear relationship ho
een rms-roughness and both strain and grain size as was found by other auth

]. This is a clear indication that roughening is by no means a random proces
d by the arbitrary occurrence of dislocation slip steps at the surface. Assum

 the number of steps scales linearly with the strain, it would result in an in
bed by the relation w ~ ε½. 

rrelation length ξ 

ng the intersection of the linear fit of the first section of the correlation func
2

where l to 
0.19
These lds 
betw ors 
[1,2 s 
cause ing 
that crease 
descri
 
Co

Findi tion 
and ( ) 2g r w= he correlation length ξ. The values for ξ determined for 

ples A-D are plotted in Figure 5.14. Apart from the first few points they ar
 yields t

sam e 
ge values for ξ (excluding the first two points) are listed in Table 

 accuracy in α and the observed spread in the values of ξ, the 
constant. The avera
5.2. Based on the
accuracy of the values listed in Table 5.2 is estimated at ±8 µm for sample A and at 
±5 µm for samples B, C and D. 
 

Fig es. ure 5.14 The correlation length ξ, determined from the fitted α and calculated w-valu
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Table 5.2 Average correlation length 
Sample Grain size (µm) ξ (µm) 
A 30.9 38±8 
B 44.9 52±5 
C 68.1 74±5 
D 90.1 91±5 

 
From the values in Table 5.2 it is clear that the correlation length ξ can be linked to 
the grain size. This is reasonable since dislocation mechanisms associated with 
plasticity are correlated within grains. Again the relatively large difference between 
grain size and correlation length for sample A can be explained by the larger error in 

etermining α for this sample. 
size and pixel size may influence the results of a statistical 

sure that th

 out of our four experiments. Due to experimental 
onstraints the sample with the largest grain size shows a correlation length (ξ = 90 

d
The choice of scan 
analysis on sampled data quite dramatically. In these measurements care was taken 
to en e distance between individual sampling points is at least one order of 
magnitude smaller than the correlation length. This is important for obtaining a 
reliable value for the roughness exponent α and to avoid correlation-induced size 
effects. For the determination of the correlation length, a general rule of thumb is to 
use a scan size, which is at least ten times larger than the expected value for ξ. This 
condition is easily met in three
c
µm) which is slightly less than ten times smaller than the scan size (700 µm). 
 
The roughness explained  

Combining these results, determination of the three parameters α, w and ξ leads to 
the conclusion that, after a certain amount of strain, points within one grain are 
highly correlated and that these relatively smooth patches are the building blocks for 
the large scale roughness w. All these observations suggest that the roughness w is 
not caused or strongly influenced by microstructural features at a length scale 
smaller than the grain size. Of course this holds for roughness within the resolution 
of the confocal microscope. A more dedicated high-resolution apparatus like an 
atomic force microscope should be used to study the small-scale roughness and its 
statistical properties in detail.  
The self-affine roughness exponent α found in our experiments is larger than the 
values obtained by Zaiser et al., who found self-affine behavior in copper alloys with 
an exponent α = 0.75. This difference can be explained by the fact that their 
measurements were almost completely performed with scan sizes smaller than, or of 
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the order of the grain size, thereby excluding the influence of the roughening 
m  g  scale. This mechanism, which causes the 
ro hness w ur experiments, becomes apparent as large relatively flat facets 
a oximate he same size grains, which can easily be seen in Figure 5.7a 
and b. Addi ir effect to t ll scale roughness will result in a value for α 
closer to 1.  

 conclusion, the rms-roughness appears to be dominated by microstructural 

of what might happen in these materials. The results 

s. The 
eformation of a grain will therefore be determined by the combined deformation of 

the total deformation and resulting surface roughness 
somewhat hard to predict. The relationship between roughness and the orientation of 

 thickness of 0.3 mm. The thicker tensile specimen 

echanism that acts on the rain size
ug  in o

ppr ly of t  as the 
ng the he sma

In
dissimilarities, which manifest themselves on the scale of a grain. In this experiment, 
on this scale the only difference between the grains is their orientation, or more 
precisely: the orientation of their slip planes and slip directions with respect to the 
tensile axis and with respect to the orientation of the neighboring grains. Zhao et al. 
[4] propose a physical picture 
of their numerical model show that softer grains or in other words grains which are, 
due to their orientation, more susceptible to plastic flow, deform more than the 
harder grains. As a result, these grains, which can also be characterized as having 
high Schmid or low Taylor factors, stretch more than harder grains. Effectively this 
causes an inhomogeneous thinning of the material under tensile deformation and an 
accompanying roughening of the surface. Since the orientation of the grains does not 
change drastically during straining, this deformation at a grain size scale is a fairly 
constant process, explaining the linear relationship observed between the roughness 
w and strain. In a polycrystalline material the grains are part of a large three 
dimensional structure comprised of grains with all different orientation
d
its surrounding grains, making 

both surface and non surface grains will be studied in section 5.3.4. 
 
5.3.2 Sample thickness 

In Figure 5.15 a similar graph as in Figure 5.12 is shown for two aluminum 
specimens, which have experienced exactly the same heat treatment (10 minutes 
at 450 °C, which results in a grain size of 68 µm). The only difference is the 
thickness of the tensile specimens. One is polished at a thickness of 1.0 mm and 
the other is ground down to a
roughens considerably more than the thinner one. 
In a simplified analysis, one might say that the surface roughness is mainly due to 
the different deformation of surface grains. Softer grains will deform more easily, 
stretch and cause a local depression on the surface. If this explanation is valid, the 
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two curves in Figure 5.15 should not differ as much as they do. The top 150 µm in 
both specimens are comparable. Since the grain size in these specimens is 68 µm, 
this amounts to at least the two top layers of grains. Still, upon straining, the 
roughness developing on the surface of the thicker specimen is much larger than the 
roughness on the thinner specimen. Clearly more grains should be taken into account 
than just the first couple of top layers. 
 
5.3.3 Crystal structure 

Figure 5.15 rms-roughness versus true strain plot for two aluminum specimens with 
similar grain size (68 µm) but with different thickness. (o) 300 µm thick. (+) 1.0 mm thick. 

The crystal structure may influence the surface roughness, since it determines the 
at are active during plastic deformation. In this section, fcc 

aluminum samples will be compared to bcc iron and hcp zinc specimens. In Chapter 

 particular for the zinc samples 

bottom curve (ε=0), it appears that a correlation is present between points less than a 

number of slip systems th

3 the possible slip systems for the different crystal structures are described. 
 
Height-height correlation graphs 

In Fig. 5.16, height-height correlation graphs are shown for the iron and zinc 
specimens for a selected number of strain values. In
the correspondence with the curve expected for partially self-affine behavior is good. 
Initially the points lie on a straight line and for large distances correlation is lost. For 
the iron specimen the curves at lower strains are not as straight. Looking at the 
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Figure 5.16 Height-height correlation graphs for (a) zinc sample for strains between ε=0 
owermost curve) and ε=0.10 (uppermost curve). (b) iron sample between ε=0 and ε=0.19. (l

few microns apart. This correlation, which is probably a result of the polishing, only 
slowly disappears with increasing amounts of strain. 
It should be noted that for the zinc specimen, the curves are not shown for all strain 
values. Above a strain of ε=0.1, the surface has become too rough for the confocal 

icroscope to make a scan of the full area. Crevices appear which reflect m no light. 
ts is never higher than a few percent of the total 
e influence on the first section of the correlation 

Although the number of bad poin
number of pixels, this has a larg
graphs. To find out if ignoring of the bad points is justified, a good scan has been 
recalculated with the omission of a few percent of its lowest points. The change in 
the correlation graph is significant. Hence it was decided to ignore the measurements 
at strains ε>0.1 for the calculation of the roughness exponent α and the correlation 
length ξ.  
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Roughness exponent α 

A linear fit is made to the first five points in each height-height correlation graph to 
obtain values for the scaling exponent α. For the aluminum specimens the α-values 
increased upon straining until they saturated at values close to or even slightly above 
0.9. In Figure 5.17 the fitted α-values for iron and zinc are plotted. They show a 
similar increase at small strains but it saturates at much lower values. Figure 5.17a 
shows a plateau for strains in between 0.12 and 0.16 of α=0.80 but the final value at 
a true strain of 0.19 is much lower: α=0.69. For the zinc measurements, the values 
appear comparable. Unfortunately, only α-values for low strains could be calculated 
as explained above. 
The values obtained for α from the correlation graphs show that both iron and zinc 
are much rougher at the smaller length scale than aluminum with its nearly flat 
facets. An explanation for this fairly large difference in small scale roughness is the 
formation of dislocation structures inside the grain, typical of aluminum. Screw 

Figure 5.17 Fitted values for the roughness exponent α. (a) for iron specimen. (b) for zinc 
specimen. 
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dislocations assemble in cell walls and eventually in more ordered subgrain 
boundaries [14]. These structures, with a typically size of 0.5-2 µm, relax the 

resses inside the material and may therefore also diminish the amount of roughness 
the surface, which effectively leads to a more positive 

f the three tensile specimens is exactly the same and assuming 

and zinc, one can divide the slope of the curves by the grain size and calculate the 
constant c in Eq. 5.9: For aluminum this yields c=0.19, for iron c=0.20 and for zinc 
c=0.32. The zinc specimen becomes much rougher than aluminum and iron at 

systems responsible for plastic deformation in these materials. As explained in 

Figure 5.18 rms-roughness plotted versus true strain. (*) iron sample. (o) aluminum 
sample with grain size 44 µm. (+) zinc sample. 

st
features observed on 
correlation between neighboring points on the surface. 
 
Rms roughness w 

The effect of the bad points in the zinc measurements on the rms-roughness w is 
negligibly small. Therefore these values are included in Figure 5.18, which shows an 
increase of w with increasing strain for the iron, zinc and one of the aluminum 
specimens. All three curves in Figure 5.18 are remarkably straight. The linear 
relationship between the rms-roughness w and strain holds for all three materials. 
Since the geometry o
that the linear relationship between rms-roughness and grain size also holds for iron 

comparable strains and grain sizes. The iron and aluminum behave similarly. An 
explanation for this difference is found when looking at the possible number of slip 
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Chapter 3, the number of available slip systems at room temperature is equal for fcc 
and bcc materials but much lower for hcp metals such as zinc. 
The point to be made here is that when two randomly oriented grains are observed, 
on average the difference in their hardness, i.e. the difference in the shear stress 
resolved on the primary slip system, will be higher for zinc, while this difference 
will be approximately equal for aluminum and iron. The roughness is believed to be 
the result of these kinds of hardness differences between neighboring grains. Softer 

rains, i.e. grains with a higher stress resolved on the primary slip system, will have 
rm more than the harder grains. They are restrained however by 

the linear increase of the rms-roughness w with strain (Fig. 5.18, Eq. 5.9) and also 
the constant shape of the roughness profiles (Fig. 5.8). 
 
Correlation length ξ 

Calculations of the correlation length ξ for the iron and zinc specimens show that it 
is of the same order of magnitude as the grain size, as is also found for aluminum. 
Averaging ξ-values for the last five iron curves yields a value of ξ=20±4 µm and 
averaging all results for zinc yields ξ=44±5 µm. Both values are slightly below the 
grain size. 
 
5.3.4 Grain orientation 

From the above it is concluded that differences in crystal orientation are responsible 
for the large scale surface roughening. To study this dependence in detail, a series of 

of the tensile specimen. 
 

g
a tendency to defo
the neighboring grains. These strain incompatibilities may lead to an inhomogeneous 
rotational deformation within the grain and subsequently also in a part of the 
surrounding grains. Since the number of available slip systems in the zinc is limited, 
the average differences in hardness between the grains will be higher for non-
textured materials. The higher straining discrepancies will lead to a rougher surface. 
As long as the hardness differences between the grains does not change significantly, 
and their elongation due to the tensile deformation is well below the grain size, the 
total deformation of the grain assembly will be more or less constant. This explains 

Surface grains 

Figure 5.19 shows the relation between the orientation of the surface grains and the 
topography resulting from a considerable amount of tensile deformation. These 

OIM measurements is made. First to study only the surface grains and subsequently 
also the grains through the entire thickness 
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Figure 5.19 A comparison between (a) the initial Schmid factor and (b) the height map on 
the same position after 10% tensile deformation. The scale in figure (a) runs from black for 
low values to white for the highest Schmid factors. The sample is aluminum with a grain size 
of 30 µm. The overlay in figure b showing the grain boundaries is taken from an OIM scan on 
the deformed specimen. The height is depicted from black for the lowest values to white for 
the highest points on the specimen surface. 

measurements are performed on an aluminum sample with an average grain size of 
s an OIM map from an area before deformation started. Plotted 

he grains as a measure of their hardness. In Figure 5.19b the 

over 5%. The same scan is used to plot in Figure 5.20 the grain 
rientation spread as a function of the Schmid factor.  

monstrate the importance (or lack of importance) of the 
surface grains on the roughness. For some grains the topography can be understood 

pposite relation. 
hey have a Schmid factor close to the maximum 0.5 and will easily deform, when 

allowed by other grains. Their deformation causes local depressions on the sample 

31 µm. Figure 5.19a i
is the Schmid factor of t
confocal height map is shown of the same area after 10% deformation. The black 
areas correspond to the lowest points on the surface and the white regions to the 
highest points. The overlay is taken from an OIM scan performed after the 
deformation and shows the grain boundaries dividing grains with orientation 
differences 
o
Figures 5.19 and 5.20 de

when looking at the grain orientation. Grain number 1 in Figure 5.19a is the grain 
with the lowest Schmid factor. This very hard grain deforms only little and 
corresponds with one of the highest points on the surface as can be observed from 
Figure 5.19b. The grains in section 2 and grain number 3 show the o
T
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Figure 5.20 The Schmid factor plotted as a function of the grain orientation spread in the 
same aluminum sample as used in Figure 5.19 after 10% straining. 

surface. These correlations are only incidental. Grain number 4 for example has a 
low Schmid factor but lies on a ridge on the surface. The overlay in Figure 5.19b, 
indicating the grain boundaries, does not overlap with local minima or maxima in 
the height map, nor can the Schmid factor explain the multiple peaks and valleys 
present on the surface of grain number 5.  
At a first glance Figure 5.20 looks perhaps rather random. There are some comments 
to be made about the quantities used in this picture. The Schmid factor does not 
completely describe the susceptibility of the grain to plastic deformation, since it 
only focuses on the primary slip system. Also the grain orientation spread does not 
bear a one-to-one relation with the amount of deformation in the grain. Not only will 
the larger grains probably have a higher spread in orientation, which is then not 
related to the orientation of the grain, there is also the problem that only deformation 
leading to a rotation of a part of the grain will cause the orientation spread to 
increase. Normal slip of course does not change the orientation of the lattice. Still 
this picture shows that it is not justified to assume that the softer surface grains (i.e. 
those grains with a high Schmid Factor) automatically deform the most. All the 
points are clustered in the top left corner of the graph, indicating that the grains must 
have a suitable orientation for a high deformation to occur. The opposite is not true. 
Grains with a high Schmid factor can be confined by their neighbors and deform 
only little. 
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Through thickness grains 

Finally in Figure 5.21a, a Schmid factor plot is shown of an aluminum sample with 
90 µm grains in cross section. This sample has been deformed 20% after which a 
confocal height map is made and the sample is ground from the side to reveal the 
grains responsible for the roughness profile (Fig. 5.21c). Figure 5.21b shows the 
cumulative Schmid factor, obtained by a through-thickness summation of the values 
in each column of pixels in Figure 5.21a. The last figure, Figure 5.21d, shows what 
the cumulative Schmid factor is, when the sum is not taken through the entire 
thickness of the sample but only of the first top 100, 200 or 400 µm. 
This figure shows that when the Schmid factors of all the grains of the cross section 
are summed, there is a correspondence with the surface height profile. If the 
cumulative Schmid factor across the specimen is high, that section will stretch easily 
without much hindrance. This will lead to a depression on the surface as can be seen 
in region 1. In region 2 the opposite occurs. On average there are many hard grains 
here that will deform less. Consequently, the height profile shows a higher region at 
these points. As can be seen from the different curves in Figure 5.21d, the 

ther than just by the surface grains. 

correspondence is only present when the summation is made over the entire 
thickness of the specimen. 
For thick samples without texture, the absolute difference in cumulative Schmid 
factor from position to position will be larger than for thin samples. This is evident 
from Figure 5.21d and is consistent with the results of Figure 5.15, which show a 
higher rms-roughness for a thick sample than for a thin sample of the same material. 
From all the previous results the conclusion is justified that the roughness is 
determined by multiple ‘layers’ of grains ra
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Figure 5.21 The cumulative Schmid factor through the thickness of the specimen appears 
to be related to the roughness on the surface. (a) Schmid factor on the cross section of a 
deformed aluminum sample with a grain size of 90 µm. The scale runs from black for low 
values to white for the highest Schmid factors. (b) The same Schmid factor summed through 
thickness. (c) The height profile on the surface. (d) The cumulative Schmid factor over only a 
part of the thickness of the specimen. 
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5.4 Atomic Force Microscopy measurements 
 
The confocal microscopy measurements provide the statistical properties of the 
rough surface within the resolution limits of the apparatus. To study the roughening 
on a scale closer to that of the individual slip events, another technique has to be 
used. An atomic force microscope is very suitable for this kind of research since it 
has the resolution and furthermore, the technique is very versatile. The scan area can 
be varied several orders of magnitude and since no vacuum is required, it is 
relatively easy to mount a tensile stage under the tip to do in-situ deformation 
experiments. 
The statistical nature of slip patterns has been studied extensively. In [15] for 
instance the slip patterns on deformed copper single crystals are found, using 
Mandelbrot’s fractal description [16], to obey self-similar scaling. In [17] very 
impressive in-situ AFM results on GaAs/GaAlAs heterostructures reveal fractal 
behavior. In the early stages of straining the dislocation motion is individual and the 
fractal behavior is weak. As straining progresses the dislocations are believed to start 
moving more collectively resulting in a more fractal topography. 
 
5.4.1 Results 

In this section two in-situ deformation experiments performed with the AFM are 

Figure 5.22 AFM images of deformed Al-8.5%Mg sample with grain size 30.8 µm at 
strains of 1%, 3% and 13%. The images show an area of 21 µm x 21 µm. The profiles are 
averaged over 25 lines perpendicular to the slip lines. The heights are in nm. 
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desc %Mg alloy with a grain 
ze of 30.8 µm (sample A in table 5.1) and the other is a pure aluminum with a very 

In Figure 5.23a larger profiles are shown taken from the AFM images at 1%, 5% and 
13% strain at the same position with an averaging of 50 lines exactly perpendicular 
t e
T
i hese two 

ribed. The specimens used are a polycrystalline Al-8.5
si
large grain size of at least 5 mm. Since the tensile specimens are 1 mm thick, the 
grains in this sample will be completely through-thickness. An attempt is made to 
understand the origin of the fractal behavior observed in the confocal microscopy 
measurements. 
 
Small grained specimen 

In Figure 5.22 a series of AFM images are shown made on the same position at 
different strains (1%, 3% and 13%). The images show an area of 21 µm x 21 µm and 
consist of 512 x 512 pixels. Unfortunately a lot of polishing residue can be seen in 
these images. It is very hard to remove these SiO2 particles, especially on relatively 
soft aluminum samples. In this experiment the larger particles are also beneficial, 
since they are used to locate the correct place for a measurement after each 
deformation step. A short profile is shown of each image indicating the height in 
nanometers of the individual slip steps. To reduce the noise the profile is an average 

ken over 25 lines perpendicular to the slip lines.  ta

a b 

Figure 5.23 (a) Three profiles taken from AFM images at strains of 1%, 5% and 13%. The 
profiles shown are averages over 50 lines perpendicular to the slip lines. (b) The 
corresponding height-height correlation graphs. 

o the slip lin s. The two bottommost lines show almost solely individual slip lines. 
he distance between the slip lines is more or less constant and is decreasing with 

ncreasing strain. It is not so difficult to spot a characteristic length in t
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lines. The topmost line is different. Here the surface structure has become more 
complex and this reflects also on the height-height correlation graphs of these three 
curves shown in Figure 5.23b. Since the profiles at 1% and 5% strain contain only 
individual slip steps more or less equally spaced, no self-affine scaling or correlation 
length can be obtained from these surfaces. With increasing strain however the 
roughness becomes more complex and the correlation graph of the profile at 15% 

sembles slightly the results obtained from the confocal measurements.  
also performed on the same specimen over a larger area of 

re
AFM measurements are 
110 µm x 110 µm, covering several grains. In Figure 5.24 the AFM image is shown 
after 13% strain. As in the confocal microscopy maps the grains can be easily 
distinguished in the surface topography. Over the line indicated in Figure 5.24a a 
profile is made for several strain values. The result is shown in Figure 5.24b. The 
height of the peak in the curves scales linearly with strain.  

100806040200

Large grained specimen 

Figure 5.25 shows six 3D maps of AFM measurements on the sample with the 
through-thickness grains. The AFM scans are taken after strains of 0.5%, 2%, 4%, 
6%, 10% and 12%. The scan area for the first four images is 100 µm x 100 µm, the 
last two show areas of 20 µm x 20 µm and 50 µm x 50 µm respectively. At larger 
deformations the absolute height difference between the highest and lowest point of 
the scan is too large for the AFM tip to follow and a smaller scan area has to be 
chosen. Figure 5.26 shows a profile over the scan taken after 10% strain and gives an 
indication of the step height at this amount of deformation. 

100
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Figure 5.24 (a) AFM height map after 13% strain over an area of 110 µm x 110 µm. The 
grains are clearly visible. (b) Height profiles at various strains. The line in figure (a) 
indicates the position of the profile. The height increase of the peak in the profile is linear 
with strain. 
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50 x 50 µm 20 x 20  

100 x 100 µm 

µm

Figure 5.25 AFM images of the surface of a pure aluminum sample with a grain size much 
larger than the specimen thickness. The images are taken with increasing plastic strains of 
0.5%, 2%, 4%, 6%, 10% and 12%. The first four images show an area of 100 µm x 100 µm 
The fifth image is a detailed view of 20 µm x 20 µm. The final image shows an area of 50 µm 
x 50 µm. The line on the fifth image indicates the position on which the profile of Figure 5.26 
is made. 

5.4.2 Discussion 

These AFM results serve to show that the roughness development depends highly on 
the constraints on deformation generated by the microstructure and experimental 
geometry. In the final experiment on the large-grained aluminum specimen the 
constraints are minimal.
influence of neighboring gr

 The grains are very large and as a consequence the 
ains is small. Through-thickness there is only the single 

grain, eliminating the influence of subsurface grains as observed in the previous 
section. Furthermore, since this is an annealed pure aluminum dislocation motion 
through the lattice is relatively easy. The main constraint in this configuration is 
enforced by the experimental geometry, which forces the specimen to remain more 
or less straight. Upon deformation, only a few widely spaced slip planes become 
active. The number of slip events on a single plane is large. A step height of 500 nm 
as in Figure 5.26 corresponds roughly to 2.5x103 Burgers vectors. Since there is no 
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Figure 5.26 Height profile after 10% straining.  

difference between the different slip planes and the effect of the slip on these planes, 
it is to be expected that the slip planes are roughly equally active. 
A different picture is seen in the small-grained specimen. Due to the polycrystalline 
nature of the material, the individual gr lowed to defo  
already at a moderate slip step height of eters, the ma es 

 roughness observed in the earlier sections of this chapter and in Figures 
5.22-5.24.  

 

ain is not al
several nanom

rm freely and
terial address

different slip planes. The slip planes remain more or less equally spaced as can be 
seen in Figures 5.22a and 5.22b. When deformation continues the influence of the 
other grains becomes dominant as can be concluded from the larger scans such as in 
Figure 5.23. It is this accommodation to the deformation of the grain collective that 
causes the activity on the different slip planes to vary, which eventually leads to the 
complex
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5.5 Conclusions 
 
This study sh crystalline metal 
surface in term nd a correlation 
length ξ can be tal structures. It 
helps to identify aller scale the 
roughening is inum but 0.8 for 
iron and zinc. between different 
points and ncreases 
linearly with i ra that local hardness 
differences between t ns are respons ng. On average, the 

ows that the statistical description of a rough poly
s of the rms-roughness w, the scaling exponent α a
 applied to metal systems with strongly varying crys

 two different regimes of roughening. On a sm
 self-affine with roughness exponents of 0.9 for alum
 On a multiple grain scale there is no correlation 

the surface can be described by an rms-roughness, which i
ncreasing st in. These experiments suggest 

he grai ible for this rougheni
limited number of available slip systems in the zinc causes larger differences in 
hardness between neighboring grains. Hence, zinc roughens more than aluminum 
and iron. The experimental OIM results presented justify the conclusion that the 
roughness is determined by multiple layers of grains rather than just by the surface 
grains, and in particular it is hypothesized that the spatial variation of the cumulative 
Schmid factor (determined along a column below a certain point) determines the 
local surface heights. AFM measurements indicate that when the constraints mainly 
originating in the polycrystalline nature of the material are removed, the material 
deforms on a limited number of highly active slip planes. When constraints are 
present, more slip planes are addressed to accommodate for the different 
deformation of the grains, resulting in a more complex surface roughness. 
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Equation Chapter 6 Section 1Chapter 6 
Lead Induced Intergranular Fracture in 

Aluminum Alloy AA6262 

The ultimate consequence of plasticity is fracture. The way in which a metal 
fractures depends strongly on its microstructure. Small changes to the composition 
of an alloy may often have drastic consequences for the stresses at which fracture 
occurs but also for the type of fracture. Such a system is the alloy AA6262, which is 
studied in this chapter. Small amounts of lead are added to increase the properties 
of the alloy at room temperature but at elevated temperature under certain 
conditions the alloy embrittles under influence of the mobile lead atoms.  
 
6.1 Introduction 
 
Low concentrations of heavy metal impurities may cause considerable changes in 
the mechanical properties of aluminum alloys. These impurities may enter the metal 
in cost reducing scrap-recycling processes or by diffusion processes, which can be 
accelerated at elevated temperatures, like liquid metal embrittlement. Sometimes 
they are also added intentionally and this is the case in the aluminum alloy AA6262. 
This alloy composition is rather similar to that of the more known AA6061 alloy, i.e. 
high concentrations of magnesium and silicon that form the strengthening precipitate 
Mg2Si. The main difference is the presence of lead and bismuth, which are added to 
increase the alloy machinability. Since most of these heavy metal impurities have a 
very low solubility in aluminum, they have a tendency to segregate towards grain 
boundaries, free surfaces or heterophase interfaces. At those planar defects they may 
cause the fracture resistance of the alloy to change in a number of different ways. 
Since in these alloys bismuth reacts with magnesium to form Bi2Mg3, which is stable 
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in a large temperature range, it is not considered to influence considerably the 
fracture behavior [1]. The focus of our research therefore is on the influence of lead, 
which is present around intermetallic particles and is also found at small grain 
boundary precipitates.  
Aluminum alloys usually fracture in a transgranular way i.e. through the bulk of the 
grains. Under certain conditions however, the fracture mode may change, under the 
influence of the lead, to intergranular i.e. along the grain boundaries. In this chapter 
we will first describe the various trans- and intergranular fracture mechanisms that 
may occur in this alloy. The remainder is aimed at scrutinizing the parameters that 
govern the occurrence of these fracture mechanisms. To this end, a large number of 
tensile tests are performed in which the parameters temperature, strain rate and stress 
state are varied. The resulting fracture surfaces are studied extensively using 
scanning electron microscopy (SEM) to distinguish between the various fracture 
mechanisms. 
 
6.2 Fracture mechanisms 
 
Fracture surfaces of metals have been studied ever since the Bronze Age. A short 
historic account can be found in [2]. They can, when correctly interpreted, say 
something about the cause of the failure. Small differences in microstructure can be 
responsible for a completely different fracture mechanism, which may lead to very 
different surfaces. In this section the fracture mechanisms that can occur in the 
AA6262 alloy together with the appearance of the corresponding fracture surfaces 
are described. 
 
6.2.1 Transgranular microvoid coalescence  

In most structural alloys transgranular microvoid coalescence is the dominant mode 
of fracture. On loading microvoids originate near regions of localized stress 
discontinuity, such as second-phase particles, inclusions or dislocation pile-ups. In 
the high strength commercial aluminum alloys, many intermetallic particles are 
present, most of which are formed already during casting. Typically these phases are 
brittle and relatively large.  
After extensive deformation small voids originate near intermetallic particles either 
due to decohesion at the particle/matrix interface or due to fracture of the brittle 
particle itself. These voids grow as a result of extensive plastic deformation until 
they coalesce. The resulting fracture surface is characterized by many depressions or 
dimples, which are a direct result of coalesced voids. 
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6.2.2 Liquid metal embrittlement 

At temperatures above the melting temperature Tm of the lead (327 °C), liquid metal 
embrittlement can occur. Above this temperature, liquid droplets of lead are present 
at the grain boundaries as schematically drawn in Figure 6.1.  

Figure 6.1 Schematic representation of liquid metal embrittlement. (a) Liquid lead 
particles are present at a grain boundary but lead to incomplete wetting (θ>0). (b) Complete 
wetting (θ=0) [3]. 

The contact angle between the droplets and the aluminum θ depends on the grain 
boundary energy σGB and the energy of the solid/ liquid interface σSL according to: 

 cosGB SL2σ σ= θ  (6.1) 

Because σSL decreases with increasing temperature faster than σGB, there is a 
temperature at which θ becomes zero (See Fig. 6.2). This temperature is denoted as 
Tw, the wetting transition temperature and refers to the temperature at which the 
boundary is replaced by a layer of the liquid phase i.e. when complete wetting 
occurs. The value Tw depends on the GB energy. Special boundaries have lower 
energies and are therefore found to have higher values for Tw than random 
boundaries. For the Al-Pb system values are reported of 560 °C for Σ7 boundaries 
and 535 °C for a random boundary [3].  
Below Tw the grain boundary is not wetted completely but the liquid lead is highly 
mobile and may under the influence of an applied stress assist in crack forming. 
Various models have been proposed to explain liquid metal embrittlement. The most 
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Figure 6.2 Temperature dependence of the interfacial energies. With increased 
temperature, the solid/liquid interfacial energy drops faster, leading to complete wetting of 
the grain boundary at Tw. [3] 

commonly accepted is the adsorption-induced reduction in cohesion model [4,5]. 
When an atom of the liquid metal is adsorbed at the crack tip, electronic 
rearrangement will cause the strength of the first bond at the crack tip to decrease. 
After the bond breaks the embrittling atom is adsorbed at the next bond and the 
process is repeated. Since hardly any plasticity is involved in this process, it results 
in microscopically flat fracture surfaces. Another popular model is the so-called 
enhanced dislocation emission model [6] in which the presence of the liquid metal 
atoms does not reduce the tensile cohesive strength but rather diminishes the shear 
strength of the bonds. This leads to enhanced nucleation of dislocations at the crack 
tip and failure occurs by localized plasticity and void growth and coalescence 
directly ahead of the crack tip. Fractography results by Lynch show intergranular 
fracture surfaces covered with little dimples [7,8]. The large strains in the precipitate 
free zones are assumed to promote the occurrence of a microvoid coalescence 
process over decohesion. 
 
6.2.3 Dynamic embrittlement 

At temperatures below its melting point, the lead may still contribute to intergranular 
brittle fracture. It is well known that high strength alloys may suffer from brittle 
fracture if they contain a mobile embrittling element at their surface. Under the 
influence of a high stress and at elevated temperatures, the surface element 
experiences a driving force for inward diffusion. This is the same force that controls 
the processes known as Herring-Nabarro and Coble creep [9]. The embrittling 
element need not be on the surface in order for this dynamic embrittlement to occur. 
Upon application of a tensile force, diffusion of the embrittling element from the 
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bulk or from grain boundaries towards regions of high stress causes a reduction in 
coherence, which can accelerate failure dramatically [10]. Dynamic embrittlement, 
being a diffusional process, needs elevated temperatures and low strain rates. This 
type of fracture is characterized by step-wise crack propagation at a very low speed 
(~ 1 µm/s). According to the model proposed by Bika and McMahon [11], this 
stepwise propagation arises because the small diffusive zone in front of the crack tip 
only fractures when the impurity concentration in the zone is high enough (See Fig. 
6.3). After this decohesion the crack rests until the concentration in the new diffusive 
zone reaches the critical value for decohesion. Although this mechanism has been 
demonstrated by microscopic observations of fracture surfaces, which clearly show 
striations [10,12], other models predict a more continuous form of fracture [13]. 
Small amounts of lead are shown to cause intergranular fracture in aluminum alloys 
when tested under very low strain rates (10-6 s-1) or under sustained load conditions 
at near ambient temperatures [14,15]. 
 
6.2.4 Intergranular microvoid coalescence 

During aging of most aluminum alloys, a so-called precipitate free zone (PFZ) 
originates. Upon deformation, strain will initially be highly localized in these regions 
and because of strengthening effects plastic deformation will be enhanced in the 
interior of the grains. This will result in transgranular fracture. If however the strain 

Figure 6.3 Dynamic embrittlement. (a) at the crack tip the stress concentration causes an 
increased concentration of embrittling atoms. (b) Typical stepwise cracking. The Pb- 
concentration at the crack tip has to build up before decohesion takes place. 
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in the PFZ is high enough to cause decohesion of the grain boundary precipitates, 
these voids may coalesce resulting in intergranular microvoid coalescence. It is 
believed that a high hydrostatic stress promotes the growth of existing voids and 
thereby increases the changes for intergranular microvoid coalescence to occur [16]. 
Transmission electron microscopy studies on AA6061 have shown that a heat 
treatment comparable to the one used in this research results in a large amount of 
grain boundary precipitation and a PFZ-size of several tenths of nanometers [17]. 
 
6.3 Experimental method 
 

.3.1 Material and preparation 

n of the AA6262 alloy. 

able 6.1 Composition of alloy AA6262 
 Fe Cu Mn Cr Pb Bi 

6

Table 6.1 lists the complete compositio
 
T

Element Mg Si 
Concentration (at.%)       1.14 0.78 0.30 0.13 0.06 0.06 0.08 0.07

 
he alloys are received in as-extruded condition. To convert the brittle α-T

intermetallic into the more ductile β-intermetallic and refine its distribution the 
following thermomechanical processing route is followed. First the samples are 
homogenized for 6 hours at 560 °C and water quenched. A thickness reduction is 
achieved by three cold rolling steps alternated with short anneals at 560 °C. The 
reduction in the last rolling step is 40 %. Finally, the alloy is solution heat treated for 
15 minutes at 560 °C and aged for 18 hours at 160 °C to achieve a T6 aging 
condition. Flat tensile specimens are cut from the processed alloy using a high power 
YAG laser for thin samples (~1 mm) and spark erosion cutting for thicker sample 
(2.5 mm). Figure 6.4 shows the geometry of the tensile specimens, i.e. a specimen 
with a rounded notch and a specimen with a v-shaped notch. Samples without a 
notch were also made to vary the stress state. 
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Figure 6.4 Geometry of notched tensile specimens. (a) rounded notch. (b) V-shaped 
notch. Measures in mm. 

6.3.2 Experimental procedure 

To deform the specimens the special tensile stage is used that can be mounted inside 
a scanning electron microscope (SEM). This offers the possibility to view the 
surface of the sample during deformation and insures good vacuum conditions, 
thereby eliminating the occurrence of environment assisted fracture such as stress 
corrosion cracking. This tensile stage is equipped with a heating element that can 
heat the sample up to at least 600 °C. The crosshead speed can be varied between 0.2 
and 25 µm/s, corresponding for specimens without a notch to strain rates of 9.5·10-6 
s-1 and 1.2·10-3 s-1. The microscope used for this research is a Philips XL30 FEG 
environmental scanning electron microscope (ESEM). This microscope was also 
used for the fractography together with a Philips XL30s FEG SEM. The ESEM is 
equipped with a backscattered electron (BSE) detector, which is very useful for 
imaging small amounts of lead, because of its much higher atomic weight. The 
XL30s FEG is equipped with a special electromagnetic lens, which gives the 
possibility of ultra high resolution imaging. 
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6.4 Fracture experiments 
 
Using SEM the fracture mode under different conditions is studied. The tensile stage 
allows us to perform deformation experiments at different temperatures and at 
different strain rates. Furthermore the stress state of the specimen can be altered in 
two distinct ways. Firstly by changing the shape of the notch or using a specimen 
without a notch and secondly by changing the thickness of the tensile specimen. The 
dependence of the fracture mechanism on all these experimental parameters has been 
examined. 

Figure 6.5 Stress strain curves of thin v-notched specimen fractured at different 
temperatures. 

6.4.1 Temperature dependence 

First we concentrate on the effect of the temperature during deformation. Figure 6.5 
shows the stress-strain characteristics of a series of tensile tests performed at 
different temperatures. These samples all had a thickness of 1.2 mm and a v-shaped 
notch. The crosshead speed was set to the lowest possible value (0.2 µm/s) to allow 
diffusion controlled fracture mechanisms. At room temperature the tensile strength is 
520 MPa. When the temperature is raised to 100 °C or 300 °C a small drop in tensile 
strength is observed. If the temperature is raised further to 400 °C or higher, the 
curves collapse totally. An additional test performed at 600 °C showed fracture 
immediately at the onset of straining. 
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Figure 6.6 Typical fracture surfaces. (a) Transgranular microvoid coalescence (b) brittle 
intergranular fracture at high temperatures (c) intergranular fracture at T < Tm (d) as c but 
using BSE detector showing lead particles (e) intergranular fracture showing ductility in the 
form of dimpled facets. 
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SEM images of the fracture surfaces resulting from the above-mentioned tests are 
shown in Figure 6.6. As in the graphs of Figure 6.5, the fractography results also 
show a clear distinction between the samples fractured above 400 °C and those 
fractured below. In the latter samples, the fracture surfaces are covered with large 
dimples indicating a ductile transgranular mode of fracture (Fig. 6.6a). The samples 
fractured at 400 °C or above show an intergranular fracture surface with smooth 
grain facets indicating little or no plasticity (Fig. 6.6b). 
When the samples are subjected to a closer examination, more differences can be 
distinguished. All the samples that fracture predominantly in a transgranular way 
show also some regions of intergranular fracture, which are always located close to 
the notch. In the room temperature samples these regions are very scarcely seen but 
with increasing temperature they are observed more frequently. Especially on the 
fracture surfaces of the samples fractured at 300 °C large intergranular parts are 
present close to the notches. The surface of these intergranular regions is rougher 
than that of the samples fractured at higher temperatures and it is covered with little 
particles, which are brighter in the BSE image, indicating that these are lead particles 
(Fig. 6.6c and 6.6d). In Figure 6.7, a comparison is made between the surfaces of 
grains that have fractured intergranularly at temperatures of 300 °C, 400 °C and 
600 °C. At a fracture temperature of 600 °C, most grain facets are flat like the ones 
in Figure 6.7c. The small deformation shown in Figure 6.7b is also found in this 
sample but is more abundant in the samples fractured at 400 °C. The samples 
fractured at 300 °C show a much rougher fracture surface. Incidentally, clear 
striations show up as shown in Figure 6.7c but also at the top grain in figure 6.6c. 
Finally, in the low temperature samples a few regions of ductile intergranular 
fracture could be found. These localized regions are found not only close to the 
notch. Only a few grains show the dimpled intergranular surface shown in figure 
6.6e. 
 
6.4.2 Stress state dependence 

To examine the influence of the stress state the thickness of the samples was 
changed. The thinner samples (1.2 mm) break in a slant way indicating plane stress 
conditions. The thicker samples (2.5 mm) break in a flat way, consisted with plane 
strain conditions. The general fracture characteristics of both types of samples are 
similar. In the thinner samples however slightly more brittle intergranular fracture 
was found at temperatures below 400 °C. The second method to vary the stress state 
is to apply different notch geometries. Three different geometries are compared: 
samples without a notch, samples with a v-notch and samples with rounded notches. 
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Figure 6.7 Fracture surfaces of lead-induced intergranular fracture produced at (a) 
300 °C (b) 400 °C and (c) 600 °C showing clear differences in roughness. 

Samples of these types were fractured at room temperature, 300 °C and at 550 °C. 
Differences were only observed in the sample fractured at 300 °C. Specimens 
without a notch fracture transgranularly, whereas samples with a v-notch show 
incidental intergranular parts. The specimens with the rounded notches however, 
fracture in the region of the notch almost completely intergranularly as can be seen 
in Figure 6.8a. Only one configuration resulted in complete intergranular fracture at 
300 °C. This was a thin sample (1.2 mm) with a rounded notch, which was fractured 
at the lowest possible strain rate. 
 
6.4.3 Strain rate dependence 

The strain rate was altered by varying the crosshead speed of the tensile stage. The 
two extreme values of the stage were used i.e. 0.2 µm/s and 25 µm/s. Because the 
samples with rounded notches fractured at 300 °C showed a large amount of 
intergranular fracture, this configuration was used to test the influence of the higher 
crosshead speed. The low and high strain rate results are compared in Figure 6.8.  
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Figure 6.8 Fracture surfaces showing the effect of strain rate on dynamical embrittlement 
at T < Tm. (a) A crosshead speed of 0.2 µm/s leads to large regions of intergranular fracture. 
(b) A crosshead speed of 25 µm/s results in transgranular fracture 

Figure 6.9 Fracture surfaces showing the effect of strain rate on liquid metal 
embrittlement. (a) A crosshead speed of 0.2 µm/s leads to large regions of intergranular 
fracture. (b) A crosshead speed of 25 µm/s results in transgranular fracture. 

Figure 6.8a shows predominantly intergranular failure in the notch region after slow 
fracturing. In Figure 6.8b, showing the result of fast fracture, only ductile 
transgranular failure is present. At higher temperatures the effect of strain rate is 
even more pronounced. In Figure 6.9 the fracture surfaces of two thick v-notched 
samples fractured at 450 °C are compared. Figure 6.9a corresponds to a crosshead 
speed of 0.2 µm/s and Figure 6.9b to a crosshead speed of 25 µm/s. The first sample 
breaks completely intergranularly and the second completely transgranularly. At a 
temperature of 550 °C the strain rate has no effect anymore. All the specimens at this 
temperature break intergranularly. 
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6.4.4 Discussion 

As expected a large number of different fracture surfaces were observed when the 
parameters governing the deformation were altered. It is believed that the three 
intergranular fracture mechanisms described at the beginning of this chapter all take 
place at some point during our experiments. 
At temperatures above the melting point of the lead the tensile tests performed at the 
lowest possible strain rate result in complete intergranular failure. At the higher 
strain rate only the specimens fractured at much higher temperatures break 
intergranularly. This supports the theory that only at temperatures far above Tm 
complete wetting occurs. Our set-up is not suitable for a precise determination of 
this wetting transition temperature but it is clear that only the specimens fractured at 
550 °C and 600 °C were completely wetted. All other specimens needed a certain 
amount of straining before the grains started to decohere. At temperatures between 
Tm and Tw, lead is liquid, but it does not wet the boundary. Still stress-assisted 
diffusion and therefore time is needed to cause failure. Even at 450 °C, the 
propagation of the crack, when strained at 25 µm/s, occurs at such a high velocity 
that there is no time for the liquid metal to diffuse towards the crack tip and to assist 
in the crack growth.  
The differences between the fracture surfaces shown in Figure 6.7b and 6.7c are 
another indication that at 400 °C the lead is not wetting the boundary. The roughness 
shown in Figure 6.7b proves that some plastic deformation has taken place. Because 
this plasticity is very shallow it is likely to be confined to the PFZ. 
At temperatures below Tm, under certain conditions a similar kind of brittle fracture 
takes place. Because lead is no longer in a liquid state, this process can be described 
as solid metal embrittlement. Following the aforementioned argumentation dynamic 
embrittlement can only occur at low strain rates and at elevated temperatures. When 
the crosshead speed in our experiments was raised to 25 µm/s, no dynamic 
embrittlement was observed. At the lowest strain rate traces of dynamic 
embrittlement were mostly observed in the notch region of the fracture surface. In 
the specimens without a notch, no dynamic embrittlement was observed at all. This 
is in accordance with the idea that a high stress for a prolonged time is a prerequisite 
for dynamic embrittlement to occur. Although a rounded notch possesses a lower 
stress intensity factor than a v-shaped notch, it produces the largest amount of 
dynamic embrittlement observed in our experiments. With this configuration, the 
hydrostatic pressure is the highest in the center of the tensile specimen and not near 
the notches in the v-shaped notch. A high hydrostatic pressure promotes the 
nucleation and growth of voids and therefore the occurrence of transgranular fracture 
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by microvoid coalescence. Because hydrostatic stresses are much higher in the 
thicker samples (i.e. under plane strain conditions), dynamic embrittlement is 
observed to a lesser extent. These results need not be inconsistent with the view that 
a high triaxiality is a prerequisite for dynamic embrittlement, but they strongly 
suggest that transgranular microvoid coalescence is the more dominant failure 
mechanism.  
Locally some parts showing pronounced striations are found (Fig. 6.7a). Although 
literature links dynamic embrittlement with the occurrence of striations, in our case 
they are observed only rarely. Possibly the dimensions of the striations are such that 
they are not easily resolved with the SEM. Another explanation might be that 
plasticity in the soft PFZ is interfering with the lead-induced fracture, causing the 
fracture surface to appear to be somewhat smoothened. It is anticipated that other 
lead containing alloys, whether the lead is added intentionally or is just present as 
unwanted impurity, experience failure by dynamic embrittlement after prolonged 
loading at elevated temperatures, i.e. under creep circumstances.  
Intergranular microvoid coalescence does not seem to be of great influence on the 
macroscopic fracture behavior of the alloy. Traces of intergranular microvoid 
coalescence are found in most of the fractured sample, except in those samples that 
fracture in a completely brittle manner (high temperatures). Because only a few 
grains show the dimpled facets we suggest that only under very specific 
circumstances intergranular microvoid coalescence is the preferred fracture 
mechanism. 
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6.5 Conclusions 
 
Although lead is added to the AA6262 alloy to enhance its performance at high 
strain rate operations (i.e. to increase its machinability), it can have a detrimental 
effect on the low strain rate fracture characteristics. At temperatures above the 
melting point of lead, the alloy is susceptible to liquid metal embrittlement. At 
temperatures below the wetting transition temperature intergranular decohesion is a 
stress-assisted process, requiring low strain rates. This results in a small increase in 
roughness of the grain facets when compared with the smooth fracture surfaces 
produced above Tw. At these temperatures, fracture is almost imminent at the onset 
of a tensile stress and independent of strain rate. 
Below the melting temperature, the lead atoms are under certain circumstances 
mobile enough to cause stress-induced intergranular decohesion. This dynamic 
embrittlement occurs only when some initial stress localizers (notches) are present. 
The amount of dynamic embrittlement depends strongly on both temperature and 
strain rate.  
Thinner samples and rounded notches produce more dynamic embrittlement than 
thicker samples and v-shaped notches, because under the latter circumstances the 
hydrostatic pressure is high, which promotes the occurrence of a void growth and 
coalescence fracture mechanism. 
Intergranular void growth and coalescence does not occur frequently and its 
presence does not appear to be highly dependent on one of the experimental 
parameters investigated.  
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Summary 
Dislocations are the basic carriers of plasticity in metals. In a pure metal the 
dislocations are not severely hindered and therefore the material exhibits a low yield 
stress and a low hardness. By alloying the properties of the metal can be changed 
drastically. Dissolved impurities, precipitates and grain boundaries form obstacles 
for dislocation motion, which increase the critical shear stress and hence the 
hardness. By correctly alloying, followed by a proper heat treatment, the mechanical 
properties of the metal can be tailored so as to meet applications in practice. To 
optimize this process it is essential to have a thorough knowledge of the mechanisms 
that govern plasticity. In this thesis plastic behavior of several aluminum alloys is 
studied at different length scales. At an atomic scale the aluminum-scandium alloy is 
studied. This binary precipitation-hardened alloy is an ideal model system to study 
precipitation-dislocation interaction. At a larger length scale, the statistical properties 
of the surface roughness of deformed metals are treated. Finally, on a macroscopic 
scale the ultimate consequence of plasticity, fracture, is studied. 
 
Microstructure and properties of aluminum-scandium alloys  
 
Recently a growing interest has emerged from industry for the addition of small 
amounts of scandium to conventional aluminum alloys. No other element has, when 
added in a similar concentration, the same strengthening effect on aluminum alloys 
as scandium. Besides the good properties at room temperature, the Al-Sc alloys 
possess also excellent properties at elevated temperatures, at which regular alloys 
quickly age. Furthermore, scandium additions can change the recrystallization 
behavior drastically. In this thesis the excellent properties of aluminum-scandium 
alloys are described and explained using a microscopic characterization of the 
microstructure. 
 
During aging of the alloy many nanometer-sized Al3Sc precipitates are formed. 
These particles possess an L12 ordered structure and are coherent with the aluminum 
matrix. After applying an image processing operation on high-resolution 
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transmission electron microscopy (TEM) images the size of the precipitates can be 
determined. After 24 hours aging at 350 °C the precipitates only coarsen very 
slowly. This explains the excellent properties of the alloy at elevated temperatures.  
 
The homogeneous dispersion of nanoparticles hinders recrystallization up to very 
high temperatures. Deformed microstructures and the associated properties can 
therefore be preserved. Already after a few minutes of aging at 350 °C the peak 
hardness is achieved, which is much higher than the hardness of the annealed alloy 
with all the scandium in solid solution. This is a remarkable increase, since the 
amount of scandium is only 0.2 wt.%. Using ex- and in-situ deformed specimens, 
dislocation structures have been examined with TEM. These experiments show that 
already the smallest precipitates form a strong obstacle for dislocation motion. For 
precipitates with a diameter of only a few nanometers, the critical resolved stress 
increased enough to make the particles impenetrable for dislocation, forcing them to 
bypass the precipitates by means of the so-called Orowan looping mechanism. As a 
consequence, in TEM images of deformed microstructures many Orowan dislocation 
loops are observed. The increase in the critical resolved shear stress due to order 
hardening is very large. This forms therefore the main contribution to the increase in 
hardness. 
Adding small amounts of scandium to heat-treatable alloys is troublesome, since the 
temperatures that are regularly used for solution heat treatment and aging of these 
materials are not the same as the temperatures that have to be used to dissolve or 
precipitate the scandium. Adding scandium to non-heat-treatable alloys on the other 
hand is promising. Often these alloys are lacking a strengthening phase and rely for 
their properties frequently on a deformed microstructure. By adding scandium and 
forming the Al3Sc phase, the alloy becomes stronger and the microstructure can be 
preserved by the resistance the precipitates exert on advancing grain boundaries and 
hence on recrystallization. This is illustrated in this thesis by measuring the hardness 
of an Al-Mg-Sc alloy. The combined effect of solid solution strengthening and 
precipitation hardening gives this alloy a hardness that is, depending on the aging 
time, at least 100 MPa higher than that of the binary Al-Sc alloy. 
 
Roughness of deformed metal surfaces 
 
When a metal is plastically deformed its surface will roughen. On the one hand this 
is caused by dislocations emerging at the surface, thereby leaving a step on the 
surface. On the other hand the roughness is caused by the polycrystallinity of the 
metal. The differences in orientation create stresses between the grains. This strain 
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incompatibility leads eventually to a roughening of the surface on a length scale of 
the order of the grain size. In this dissertation a statistical analysis method is 
introduced, which offers many advantages when compared to conventional methods. 
A height-height correlation function is applied to topographic data acquired mainly 
by confocal microscopy. The analysis yields three parameters, which statistically 
describe the surface in much detail. The roughness exponent α is a measure for the 
correlation between neighboring points. This correlation turns out to be constant for 
many rough surfaces up to a specific separation ξ, which is termed the correlation 
length, above which the correlation disappears. Finally, the rms-roughness w is the 
most intuitive characterization of the surface.  
 
The measurements performed in this research show that the analysis technique yields 
valuable information about the typical length scales at which the roughness 
manifests itself. Measurements on aluminum alloys show a very high correlation of 
α=0.9 between points with a separation within the correlation length ξ, which is 
equal to the grain size. The rms-roughness scales linearly with grain size and strain. 
A similar behavior is observed in bcc iron and zinc, which has a hexagonal crystal 
structure. Both these metals clearly have lower roughness exponents than aluminum. 
This may be explained by the cell formation in aluminum during deformation. The 
rms- roughness is lower for zinc than for the other two metals, for which w is 
approximately similar. This is explained by the lower number of active slip systems 
in the hexagonal zinc lattice. This causes large differences between neighboring 
grain and hence a rougher surface. 
 
Orientation imaging microscopy is used to determine the relationship between the 
orientation of the grains and the roughness. It is shown that a relation exists, but that 
many grains have to be taken into consideration to account for the roughness. 
 
Lead embrittlement in aluminum alloy AA6262 
 
To the aluminum alloy AA6262 small amounts of lead are added to increase the 
machinability of the material. The lead additions give the alloy good properties at 
high strain rate operations at room temperature. At higher temperatures and at lower 
strain rates the mechanical properties may change dramatically under influence of 
the lead. The lead does not dissolve in the aluminum matrix and is mainly found 
around intermetallic particles and on grain boundaries.  
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Under a tensile stress state lead diffuses towards grain boundaries near stress 
concentrations, where it may cause embrittlement. This so-called dynamical 
embrittlement takes place at temperatures below the melting temperature of lead 
(327 °C). Above this temperature the lead becomes liquid and causes different forms 
of embrittlement depending on the amount of grain boundary wetting. 
 
In this research the dependence of fracture behavior on temperature, strain rate and 
stress state is studied. Tensile specimen with different notch configuration and 
thickness are deformed to fracture at different strain rates and temperatures. In a 
scanning electron microscope the fracture mechanism is studied by examining the 
fracture surfaces. The alloy fractures mostly in a transgranular way but at low strain 
rates and at elevated temperatures and a plain stress state the metal can fracture 
intergranularly. 
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Samenvatting 
Plastische deformatie van metalen wordt bepaald door de mobiliteit van lijnfouten, 
die dislocaties worden genoemd. In een zuiver metaal ondervinden de dislocaties 
weinig hinder, met als gevolg een lage vloeispanning en een lage hardheid. Door aan 
het metaal onzuiverheden toe te voegen kunnen de mechanische eigenschappen 
drastisch veranderd worden. Opgeloste onzuiverheden, precipitaten en korrelgrenzen 
vormen obstakels voor de dislocatiebeweging, die de kritische afschuifspanning en 
daarmee de hardheid van de legering verhogen. Door op de juiste manier te legeren 
en door met warmtebehandeling de microstructuur te beïnvloeden, kunnen de 
mechanische eigenschappen van het metaal worden aangepast aan de uiteindelijke 
toepassing. Om dit proces te optimaliseren is een gedegen kennis van de 
mechanismen, die de plasticiteit regeren noodzakelijk. Microscopische technieken 
kunnen hierin een grote bijdrage leveren. In dit proefschrift wordt de plasticiteit van 
diverse aluminiumlegeringen op verschillende lengteschalen bestudeerd. Op atomair 
niveau is het aluminium-scandium systeem onderzocht. Deze binaire precipitatie-
geharde legering is een ideaal modelsysteem om dislocatie-precipitaat interactie te 
bestuderen. Op een grotere lengteschaal zijn de statistische eigenschappen van de 
ruwheid, die op het oppervlak van een plastisch gedeformeerd materiaal ontstaat, 
onderzocht. Tenslotte is op een macroscopische schaal gekeken naar de ultieme 
consequentie van plasticiteit: breuk. 
 
Microstructuur en eigenschappen van Al-Sc legeringen 
 
Recentelijk is er een sterk groeiende interesse ontstaan vanuit de industrie voor 
kleine toevoegingen van scandium aan conventionele aluminiumlegeringen. Geen 
enkel element heeft een vergelijkbaar versterkend effect als scandium, wanneer het 
in gelijke mate aan aluminium wordt toegevoegd. Naast dit versterkende effect op 
kamertemperatuur hebben de legeringen ook uitstekende eigenschappen bij hogere 
temperaturen, waarop andere aluminiumlegeringen vaak snel verouderen. Bovendien 
zorgen de toevoegingen van scandium ervoor dat het rekristallisatiegedrag drastisch 
verandert. In deze dissertatie worden de uitstekende eigenschappen van aluminium-
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scandium legeringen beschreven en aan de hand van een uitgebreide karakterisatie 
van de microstructuur verklaard.  
 
Tijdens het verouderen van de legeringen worden zeer kleine Al3Sc-precipitaten 
gevormd. Deze deeltjes met een diameter van slechts enkele nanometers hebben een 
geordende L12-structuur en zijn coherent met de aluminium matrix. Door een 
beeldbewerkingoperatie kan de grootte van de precipitaten bepaald worden aan de 
hand van opnamen gemaakt met behulp van hoge-resolutie transmissie 
elektronenmicroscopie (TEM). Na 24 uur verouderen op 350 °C groeien de 
precipitaten nog slechts zeer langzaam, wat de stabiele eigenschappen van de 
legeringen bij hoge temperaturen verklaart. De homogene dispersie van nano-
deeltjes verhindert rekristallisatie tot zeer hoge temperaturen. Gedeformeerde en 
daardoor hardere microstructuren kunnen door de vorming van de precipitaten 
behouden blijven. Al na enkele minuten gloeien op 350 °C wordt de piekhardheid 
bereikt die aanzienlijk hoger is dan de hardheid van de legering zonder precipitaten. 
Gezien de minimale hoeveelheid scandium is deze versterking opvallend.  
 
Aan de hand van ex-situ en in-situ gedeformeerde monsters kunnen in de TEM de 
dislocatiestructuren geanalyseerd worden. Hieruit blijkt dat zelfs zeer kleine 
precipitaten een grote barrière vormen voor de dislocatiemobiliteit. Al bij 
precipitaten van enkele nanometers is de kritische afschuifspanning voor 
doorsnijding van de precipitaten zo hoog dat het voordeliger is de deeltjes te 
passeren met behulp van het zogenaamde Orowan mechanisme. In de TEM opnames 
van gedeformeerde structuren zijn bijgevolg vele Orowan dislocatielussen te zien. 
De toename in de kritische afschuifspanning als gevolg van de vorming van een 
antifasegrens is erg hoog en vormt de voornaamste verklaring voor de toename in 
hardheid.  
 
Het toevoegen van kleine hoeveelheden scandium aan warmtebehandelbare 
aluminiumlegeringen is problematisch, omdat de temperaturen die voor het 
oplossinggloeien en verouderen van deze materialen gangbaar zijn, niet 
overeenkomen met de temperaturen, waarop de scandiumatomen enerzijds oplossen 
en anderzijds precipiteren. Scandiumaddities aan niet-warmtebehandelbare 
legeringen zijn echter veelbelovend. Deze legeringen missen vaak een versterkende 
fase en berusten voor hun eigenschappen dikwijls op een gedeformeerde 
microstructuur, die het gebruik bij hogere temperaturen onmogelijk maakt. Door 
scandium toe te voegen en te laten precipiteren, wordt de legering en een stuk harder 
en kan de microstructuur behouden blijven door het remmende effect dat de 
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precipitaten hebben op herstel en rekristallisatie. Dit wordt in dit proefschrift 
geïllustreerd door de hardheid van een Al-Mg-Sc te meten. Door het gecombineerde 
effect van oplossings- en precipitatieversteviging heeft deze legering een hardheid 
die, afhankelijk van de mate van verouderen, minstens 100 MPa hoger is dan de 
hardheid van de binaire Al-Sc legering. 
 
Oppervlakteruwheid van gedeformeerde metalen 
 
Het oppervlak van metalen verruwt wanneer deze worden gedeformeerd. Enerzijds 
komt dit door dislocaties die bij het verlaten van het rooster een stap op het 
oppervlak achterlaten. Anderzijds ontstaat er ruwheid door de polykristalliniteit van 
het metaal. De verschillen in oriëntatie zorgen ervoor dat er spanningen ontstaan 
tussen de korrels, die kunnen leiden tot oppervlakteverruwing op een korrelschaal. In 
deze dissertatie wordt een statistische analysemethode geïntroduceerd die vele 
voordelen biedt in vergelijking met conventionele technieken. Een hoogte-
hoogtecorrelatie functie wordt berekend uit de oppervlakteruwheid die voornamelijk 
verkregen is met behulp van confocale microscopie. De analyse produceert drie 
parameters, die het oppervlak gedetailleerd beschrijven. De ruwheidsexponent α is 
een maat voor de correlatie tussen naburige posities. Deze correlatie blijkt voor vele 
ruwe oppervlakken constant totdat deze boven een bepaalde separatie, de 
correlatielengte ξ, geheel verdwijnt. De rms-ruwheid w tenslotte, is de meest 
intuïtieve karakterisering van het oppervlak. Uit de metingen in dit proefschrift blijkt 
dat deze beschrijving waardevolle informatie oplevert over met name de 
lengteschalen, waarop de ruwheid zich manifesteert. Metingen aan 
aluminiumlegeringen laten een zeer hoge correlatie van α = 0.9 zien tussen punten 
die binnen de correlatielengte ξ liggen, die gelijk is aan de grootte van de korrels in 
het metaal. De rms-ruwheid schaalt lineair met zowel de rek als de korrelgrootte. 
Ditzelfde gedrag wordt waargenomen op het bcc-metaal ijzer en zink, dat een hcp 
roosterstructuur bezit. Deze beide metalen laten wel duidelijk lagere waarden voor α 
zien, wat zou kunnen worden verklaard door de celvorming in aluminium. De rms-
ruwheid voor zink is bij gelijke rek duidelijk hoger dan voor de andere twee metalen, 
die vrijwel even ruw worden. Dit wordt verklaard door het geringere aantal 
slipsystemen dat aangewend kan worden in het hexagonale rooster. Hierdoor 
ontstaan er grotere verschillen tussen naburige korrels en dit leidt tot meer ruwheid. 
  
Oriëntatie microscopie is gebruikt om de relatie tussen de oriëntatie van de korrels 
en de ruwheid te onderzoeken. Aangetoond wordt dat er een correlatie bestaat, maar 
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dat vele korrels moeten worden meegenomen om de uiteindelijke 
oppervlaktestructuur te kunnen verklaren. 
 
Loodverbrossing in aluminiumlegering AA6262 
 
Aan de 6262 aluminiumlegering zijn kleine hoeveelheden lood toegevoegd om het 
metaal gemakkelijker te kunnen bewerken. De Pb-additie geeft de legering goede 
eigenschappen tijdens bewerkingen bij hoge reksnelheid en kamertemperatuur, 
bijvoorbeeld bij het verspanen. Bij hogere temperaturen en lage reksnelheid kan het 
lood de mechanische eigenschappen van de legering echter dramatisch 
verslechteren. Het lood lost niet op in de aluminiummatrix en wordt vooral 
aangetroffen rond intermetallische deeltjes en op korrelgrenzen. Onder trekkrachten 
is er in gebieden met een spanningsconcentratie een drijvende kracht voor 
looddiffusie naar korrelgrenzen. Hier kan het lood voor verbrossing zorgen. Deze 
dynamische verbrossing vindt plaats bij temperaturen onder het smeltpunt van lood. 
Bij temperaturen boven dit smeltpunt (327 °C) wordt het lood vloeibaar, wat kan 
leiden tot verschillende vormen van verbrossing, afhankelijk van de mate van 
bevochtiging van de korrelgrens. 
 
In dit onderzoek wordt bestudeerd hoe het breukgedrag van de legering wordt 
beïnvloed door de temperatuur, reksnelheid en spanningstoestand. Hiertoe worden 
teststaven met verscheidene kerfvormen en diktes met wisselende reksnelheden en 
bij verschillende temperaturen getrokken. In een raster elektronenmicrocoop worden 
vervolgens de breukvlakken geanalyseerd. Doorgaans breekt de legering 
transgranulair maar door hoge temperaturen, lage reksnelheden en een vlakke 
spanningstoestand kan het metaal intergranulair breken. 
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