
 

 

Chapter 3 

Precipitate formation in low-temperature nitrided 
cold-rolled Fe94Ni4Ti2 and Fe93Ni4Cr3 films*. 
 
 

3.1. Introduction 

Since the early 30’s, the effect of nitrides in a metal matrix on the hardness, 
durability and other useful properties of iron alloys has been an important field 
of interest. It was realized that an increase in hardness was due to a very fine 
dispersion of nitrides of alloying elements, that distorted the crystal lattice of Fe 
so much as to lead to slip interference [Fry32], i.e., to the interaction of 
dislocations with coherency strain fields around precipitates. The microstructure 
of Fe alloys before and after nitriding has been studied intensively in the past 
decades, specifically with the advances in transmission electron microscopy 
(TEM). It has been concluded from early TEM and X-ray diffraction (XRD) 
studies that, due to a large affinity to nitrogen, some of the alloying elements, 
like Cr [Phi68, Mor72], Ti [Kir74, Jac76, Pod81, Ric83, Ric86a], V [Pop73, 
Yan84], or Mo [Spe70, Dri73] easily form thin and stable precipitates on the 
{100} faces of the bcc Fe-lattice and, thus, influence the mechanical properties 
of the alloy. The reported thickness of the precipitates varies from one 
monolayer to tens of nanometers. However, the initial stage of precipitate 
formation is still under debate. In publications of the Newcastle researchers 
[Spe70, Jac72, Kra75, Ric86b, Ric86c] a substitutional-interstitial pre-
precipitation phase Fe-M-N is assumed to occur in a nitrided Fe-M alloy before 
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Bronsveld, J.Th.M.De Hosson and L. Niesen, in Metallurgical and Materials 
Transactions A, 33A (2002) 3075. 
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a stable MN phase precipitates, where M = Cr, Ti, V, Mo, are alloying elements 
in a concentration below ~5 at.%. Such embryonic precipitates are local 
inhomogenieties, called mixed clusters or Guinier-Preston (GP)-zones. There are 
doubts, however, if such zones have really been observed [Kir74, Som89] and 
whether the idea of such clusters is necessary to explain the experimental 
observations. 

Another uncertainty in the process of precipitate formation is whether, 
or under what conditions, the precipitates are located at the grain boundaries or 
in the bulk. A discontinuous (at the grain boundaries) precipitation of CrN has 
been observed [Hek85] in thick FeCr (1.9 and 3.6 wt% Cr) samples, nitrided in 
the α-region of the Lehrer diagram [Leh30] at 560 ºC. Also the growth of CrN 
precipitates at grain boundaries has been reported for alloys containing more 
than 5wt.% Cr, nitrided at 600 ºC [Mor72]. Precipitation at grain boundaries has 
a negative effect of reducing the hardness and increasing brittleness of the 
nitrided samples. Cold-working prior to nitriding was shown to prevent the 
formation of precipitates at the grain boundaries and to enhance the mechanical 
properties for a nitrided Fe-Ti (0.18 wt %) alloy [Ric83]. 

The fcc precipitates CrN and TiN are found to follow the Bain 
orientation relationship (OR) with the bcc matrix, namely, (100)bcc//(100)fcc 
and [001]bcc// ]101[ fcc. The misfits at the interface plane (100), ||ε  = (aMN/√2- 
aαFe)/ aαFe = 0.046 (TiN) and 0.0204 (CrN), are small, but in the perpendicular 
direction the misfits, 1/1,⊥ε  = (aMN - aαFe)/ aαFe = 0.48 (TiN) and 0.45 (CrN), are 
large. Two units of α-Fe lattice match with one fcc unit somewhat better, and 
three units of α-Fe match well with two fcc units, as shown in Table 3.1. 
Nevertheless, the average fit to metal atoms is poor in the perpendicular 
direction. The large difference between parallel and perpendicular misfits 
promotes plate-like shapes of the (semi-)coherent precipitates. 

Our approach to the subject of precipitate formation differs from the 
previous ones in several aspects, namely, in sample preparation (thin foils, 99 % 
reduction in thickness by cold rolling without annealing before nitriding), in 
nitriding (lower temperatures, precise control of the nitriding conditions), and in 
the combination of analyzing techniques, which include micro-balance 
weighing, Mössbauer spectroscopy (MS), XRD and TEM. Based on these 
observations, the present results provide additional clues about precipitate 
formation in steels. In this paper, a model of formation and evolution of 
precipitates is presented that explains contrasting observations on matrix 
dilations and nitrogen uptake for the nitrided Ti- and Cr-containing alloys. The 
results provide supporting evidence for the formation of GP-like clusters of Fe-
Ti-N in an early stage of nitriding. There is, however, no evidence for the 
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formation of GP-zones in Fe-Cr-N. Throughout, the influence of the Ni present 
in our samples has not been considered. Because the Ni is atomically dissolved, 
and has an interaction with N that is even weaker than the interaction between N 
and Fe, we believe that the influence of Ni on the precipitation processes is 
minor. 

3.2. Experimental 

3.2.1. Specimen preparation 

Slices (0.5mm thick) of bulk Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys were polished and 
chemically cleaned prior to cold-rolling in two perpendicular directions down to 
a foil thickness of 1-6 µm. A high temperature annealing was not applied, 
neither before or after rolling. Therefore, a severe pile-up of defects, induced by 
such a strong plastic deformation, was assumed to be in the samples prior to the 
nitriding. Subsequently, foils were nitrided during a period between 1 and 24 h 
at a temperature in the range 300-600 ºC in a clean closed oven, described in 
[Mar00], with a gaseous mixture of NH3 + H2 of 1 atm circulating by 
convection. Usually nitriding at low temperatures near 300 ºC is hampered by 
the presence of trace amounts of oxygen or water in the system, causing 
oxidation rather than nitriding. By continuously leading the gas over sodium 
metal, this problem is not present in the system we used. The partial gas 
pressures and the temperature were controlled with an accuracy of 1mb and 1ºC, 
respectively. The process is called α-nitriding (αN), because the temperature T 
and nitriding potential RN = ln [p(NH3)/p(H2)3/2], where the pressures of 
ammonia, p(NH3), and hydrogen, p(H2), are in Pascals, correspond to the α-
region of the Fe-N Lehrer phase diagram [Mar00, Leh30, Mar02] (Fig. 4.1), 
where no formation of stoichiometric Fe-nitrides is expected. After nitriding, 
some of the samples were reduced in a hydrogen atmosphere at T = 300-700 ºC. 

3.2.2. Characterization techniques. 

The nitrogen content in the foils was determined by weighing, using a Mettler 
Instrumenten MT5 electronic balance with a precision of 1 µg. The phase 
composition and texture in the samples were characterized by XRD, using a 
Philips PW1710 spectrometer for θ-2θ scans. Mössbauer spectrometry was used 
to characterize the local environment of Fe atoms in the lattice. Conventional  
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Fig. 3.1. Streaking in DP for Fe93 Ni4 Cr3. Nitriding was in the α-region of the Lehrer 
diagram: a) 400 0C, 24 hours, RN= -6.5, b) 500 0C, 2 hours, RN= -7.3, c) 600 0C, 1 h, RN= 
-8.1, in a multi-crystallite area. Streaking was not observed after nitriding at 300 0C. 
 
TEM was performed with a JEOL 200CX microscope using an accelerating 
voltage of 200 kV. High-resolution TEM (HRTEM) was carried out with a 
JEOL 4000EX/II electron microscope with an accelerating voltage of 400 kV. 
Before inspection in TEM, the samples were thinned by two-beam Ar+-ion 
milling until perforation. After milling, the samples were exposed to air for a 
period of less than 5 minutes. Nevertheless, in some cases, oxidation of the 
surface was observed in TEM diffraction patterns (DP). The results of positron 
annihilation, carried out on selected samples, are in a good correspondence with 
the present results and have been published elsewhere [Che01a, Che01b]. 
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3.3. Results 

3.3.1. Characterization of the shape and size of precipitates 

Nitriding of Fe93Ni4Cr3 and Fe94Ni4Ti2 - samples in the region below the γ′/α or 
γ/α borders in the Lehrer diagram leads to the formation of MN precipitates, 
leaving the matrix in the bcc or in the bct structure, as has already been 
discussed in section 3.1. The platelets, coherently grown on {100} cube faces of 
the α-Fe lattice, with a thickness of one to several monolayers appear as {200}-
streaks in the TEM DP, see Figs. 3.1-3, in accordance with the Bain OR. The 
length of the streaks is inversely proportional to the thickness of the precipitate 
(see, Appendix) so when the thickness is more than a few lattice parameters, the 
length of the streaks becomes too small to be observed. The TEM-observations 
of the various stages of precipitate formation can be summarized as follows. 

Streaking in Fe-Ni-Cr samples was observed after 24 hours of nitriding 
at 400 ºC, Fig. 3.1a. At shorter times or lower temperatures, the streaks are too 
faint to be observed, while at 400 ºC, t = 42h the streaking was already quite 
intense. At 500 ºC the streaking was observed after 1h α-nitriding (Fig. 4b in 
[Che00]), and after 2h it was present all through the diffraction pattern, Fig. 
3.1b. 

Fig. 3.1c illustrates that the streaking in the case of Fe-Ni-Cr samples is 
relatively strong, i.e. even in areas with multiple crystallite orientations. The 
sample was nitrided at 600 ºC for 1 hour. The DPs are shown for an area 
containing three major crystallites with [001] orientation, slightly rotated with 
respect to each other. As it will be discussed in section 3.4, the fact that the 
streaking is pronounced and strictly follows the crystallite orientation proves that 
at the given conditions in the Cr-containing alloys the precipitates still form as 
thin platelets in the grain interiors and not (only) at grain boundaries. 

Further, a more careful inspection of the streaks in Fig. 3.1c showed that 
the smooth variation of the streak intensity is peaked not in {200} α-Fe spots, as 
in Fig. 3.1a and b, but at positions which correspond to {200} reflections for the 
CrN lattice. We conclude, that platelets in the sample nitrided at 600 ºC for 1h 
are thick enough to start producing their own {200} CrN reflections, though still 
too thin to generate sharp spots. From the length of the streaks we estimate the 
average thickness to be h ≈ 6d{200}CrN ≈ 1.2 nm under these nitriding conditions. 
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Fig. 3.2. Streaking in DP for Fe94Ni4Ti2. Nitriding conditions were: a) 300 0C, 21h, RN = 
-5.08, b) 400 0C, 20h, RN = -6.78, c) 500 0C, 1h, RN = -7.3. d) 300 0C, 21h, RN=-5.08 and 
then reduced at 600 0C, 16h, in H2 atmosphere, Compared with the Cr-alloy, streaking in 
the Ti-alloy starts at a lower nitriding temperature and time, but is weaker and more 
diffuse. Reduction at 600 0C makes the streaking sharper. 
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Fig. 3.3. HRTEM image of TiN precipitates (in the areas encircled by white lines) in the 
α-Fe matrix. The sample was α-nitrided at 400 0C, 2h and then reduced at 600 0C, 5h. 
The background is due to the fringes of {110} α-Fe planes within [001]-pole image. The 
precipitates are of intermediate size and follow the Bain OR. Note that the thickness and 
the width of the precipitates are comparable. 
 

The streaking in Fe-Ni-Ti-samples appeared at lower temperature-
shorter time conditions than in the Fe-Ni-Cr case, see Fig. 3.2a,b. Faint traces of 
diffused streaking were observed even at T = 300 ºC, t = 1h. Surprisingly, the 
streaks were usually much less intense (see Fig. 3.2c and Fig. 3.1a). Even at 500 
ºC, Fig.3.2d, the streaking in Fe-Ni-Ti-samples was relatively faint. The lower 
temperature-shorter time onset of precipitate formation for TiN as compared to 
CrN correlates with the larger (negative) free energy of TiN formation. 
However, the diffuseness of the streaking due to TiN-precipitates is not what one 
would expect. It is also interesting to note that after reduction in a hydrogen 
atmosphere at 600 oC the streaking becomes sharper, compare Figs. 3.2a and 
3.2d. The appearance of the streaks is analyzed in the Appendix. From the width  
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Fig. 3.4. (a) DF image, taken with g2= g(110)αFe in the [001]-zone area of a Fe-Ni-Ti-N 
sample, showing parallel fringes. The sample was α-nitrided (400 0C, 1h, RN = - 6.8) and 
then reduced (700 0C, 2h, pure H2). (b) A schematic drawing of TiN precipitate in the α-
Fe matrix, illustrating the origin of the moiré effect. 
 
 

(a) 

(b)
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Table 3.1. 
 

Interface aMN, nm 
1)ε// 2)ε⊥,1/1

 3)ε⊥,1/2
 4)ε⊥,2/3 OR 

TiN/αFe 0.424 0.046 0.48 -0.26 -0.015 (100)bcc//(100)fcc, 
[001]bcc//[011]fcc 

CrN/αFe 0.414 0.0204 0.45 -0.28 -0.039 (100)bcc//(100)fcc, 
[001]bcc//[011]fcc 

 
1) ε// = (aMN /√2 – aαFe)/aαFe 
2) ε⊥,1/1 = (aMN – aαFe)/aαFe 
3) ε⊥,1/2 = (aMN – 2aαFe)/2aαFe 
4) ε⊥,2/3 = (2aMN – 3aαFe)/3aαFe 
 
Table 3.2. Nitrogen uptake in the Fe93Ni4Cr3 foils and the lattice parameter of the bcc-
matrix. 

 
Smpl ID Treatment 1) [N], 

at% 
[Cr]at, 
at% 2) 

[N]ex, 
at% 3) 

a(shift), 
nm 4) 

a(unshift), 
nm 5) 

as-rolled as-rl 0 2.8 0 0.2873 0.2873 
Cr1 300C,50h,-5.55 0.66 2.7 0.5 0.2873 0.2873 
Cr2 400C,24h,-6.5 3.26 0.5 0.9 0.2891 0.2876 
Cr3 500C,1h,-7.34 4.28 0 1.6 0.2892 0.2876 
Cr4 550C,1.3h,-7.62 3.25 0 0.5 0.2892 0.2872 
Cr5 600C,0.5h,-8.06 2.99 0 0.3 0.2872 0.2872 
 
1) Indicated are temperature, treatment time and RN 
2) Concentration of atomically dissolved Cr, estimated from MS-spectra. 
3) Concentration of excess nitrogen, estimated with the correction included for “free” Cr 
atoms, Eq. (2). 
4) Lattice parameters of bcc-matrix, obtained from shifted component of (222) bcc line. 
5) Lattice parameter from unshifted component. 
 
of the streaks we conclude that the TiN precipitates are small particles 0.2-0.3 
nm thick and 1.5 nm wide, i.e. containing only ~30-50 Ti-sites. This is in 
accordance with [Pod81] who also estimated about 50 TiN molecules per 
platelet. The CrN precipitates are also platelets of a thickness between 0.2 and 
1.2 nm thick, depending on the treatment, but with larger lateral dimensions 
because they produce narrow streaks. In section 4, we argue that these 
observations indicate a difference in the kinetics of precipitate formation, 
leading to a different shape and size of the TiN and CrN precipitates. 
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Direct observation of thin platelets in HRTEM as coherent or semi-
coherent particles is difficult for several reasons: a) a small size, b) a small misfit 
in the major interface plane (see Table 3.1), c) a large concentration of residual 
defects, d) a small difference in atomic mass compared to the matrix, e) 
interference with an Fe3O4 oxide layer at the surface. Imaging with HRTEM of a 
precipitate has already been demonstrated for a CrN precipitate, oriented with its 
habit (100)CrN plane parallel to the (100) α-Fe plane and (011) CrN || (001) α-
Fe normal to the e-beam direction [Che01a,b]. In Fig. 3.3, a HRTEM image is 
shown for a nitrided and reduced Fe-Ni-Ti sample (400 oC, 2h, RN= -6.8 + 600 
°C, 5h, H2). The overall feature of the figure is the fringes of the {110} α-Fe 
planes seen in the [001] orientation, which compose the background of the 
figure. The areas marked by white lines contain particles, which were ascribed to 
TiN precipitates with intermediate lateral dimensions (1.5 nm × 5 nm for the 
largest one), oriented with the (001) α-Fe/TiN interface plane normal to the 
electron beam direction. The continuity of the {110} fringes suggests that the 
precipitates are coherent. However, the structure inside and around the 
precipitate is distorted. By its upper left corner, the largest precipitate is attached 
(pinned) to a large defect. Though the shape of the precipitate is difficult to 
define, due to the diffuseness of the boundary, it is evident that its thickness and 
the width (both in the plane of the image) are comparable. 

Reduction of the nitrided samples leads to a (partial) removal of the N 
from the matrix, whereas the N in the precipitates of the alloying element 
remains. This may result in a loss of coherency between the matrix and 
precipitates and in a relaxation of misfit stress. Such a relaxation favors the 
observation of precipitates, using moiré patterns. The loss of coherency is 
enhanced at higher annealing temperatures when the small TiN precipitates grow 
in size. In Fig. 3.4a a dark field image is shown, taken with g(110)αFe at 105 (100k) 
magnification of an area with a [001] zone axis in a sample which was α-nitrided 
(400 ºC, 1h, RN = -6.8) and then reduced at the relatively high temperature of 
700 ºC for 2h in pure H2. The TiN precipitates are observed as parallel moiré 
fringes, indicating a preferred orientation with respect to the α-Fe matrix. The 
periodicity of the moiré fringes was 0.9 nm. At a higher magnification of 500k, a 
HRTEM pattern (not shown) of this same sample clearly demonstrated the (110) 
planes of α-Fe, similar to the fringes in Fig. 3.3. Direct comparison of the 100k 
and 500k images indicated that the moiré fringes were rotated over an angle of 
36º with respect to the α-Fe (110) plane fringes, which can be explained as 
follows. We expect that TiN precipitates are arranged according to the Bain OR, 
Table 3.1. In the schematic drawing of Fig. 3.4b the beam direction B is parallel  
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Fig. 3.5. XRD-spectra for the Ti-alloy α-nitrided at 500 0C and annealed at 1000 0C in 
vacuum. Note the 3D TiN precipitate reflection. 

 
to the [001] direction of the α-Fe matrix. The platelets can grow with their 
interface plane either parallel or perpendicular to B. In the former case the beam 
is, for example, parallel to the [ 011 ] direction in the TiN precipitate. In this 
geometry, the (110) plane of the matrix with a d-spacing of 0.203 nm makes an 
angle of 9.74° with the (111) plane of the precipitate with a d-spacing of 0.245 
nm. Moiré fringes are determined by the reciprocal vectors, g1 (110 α-Fe) and g2 
(111 TiN): the spacing is dM = 1/|g1-g2| and the angle of rotation is γ = sin-1(sin α 
g2/|g1-g2|). The calculated values of the fringe distance and the rotation angle: dM 
= 0.88 nm and γ = 37.7°, are in a good agreement with the experimental 
observations, which proves that the observed moiré fringes are indeed due to the 
presence of precipitates with the lattice parameter of bulk TiN and with their 
planes parallel to the beam, i.e. perpendicular to the surface. 

The number of fringes is determined by the thickness of the precipitates; 
their length is given by the lateral size. Most of the precipitates give 1-2 fringes, 
though some have as many as 4-5. Their mean length is about 15 nm. From these 
observations we estimate an average size of about 2nm × 15nm. 
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Fig. 3.6. (a) MS spectrum of the Ti-alloy after cold rolling: component (1) corresponds 
to matrix atoms considered as a mixture of Fe and Ni atoms, component (2) corresponds 
to iron atoms having one Ti atom in the first two coordination shells. (b) After α-
nitriding at 400 ºC the Ti neighbor satellite is replaced by a broader component (2) 
caused by iron atoms with different environments: N and TiN precipitates. (c) MS 
spectrum after two hours reducing at 700 ºC in dry H2. Only the Fe sextet is visible 
suggesting that bigger precipitates have been formed. 
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At even higher temperature, non-coherent precipitates can attain sizes 
sufficient to produce reflections observable in XRD. An example is shown in 
Fig. 3.5 for a Ti-containing alloy annealed at 1000 °C in vacuum, where the 
(002) reflection of TiN precipitates is observed. Using the Scherrer relation 
[Gui63], the precipitate size is estimated to be 7 nm. It is noteworthy that the 
only TiN reflection appearing is (002) parallel to the (002) of the Fe matrix. In 
line with the Bain OR, we can conclude that 3D TiN precipitates prefer to grow 
with the (001) TiN/α-Fe interface plane parallel to the surface. It is in 
accordance with the HRTEM image, Fig. 3.3, where the sample was reduced at 
lower temperature (600 °C). This is not always so for smaller precipitates, as 
evidenced by Figs. 3.1 and 3.2. In this case the appearance of the streaks proves 
that the plane of the coherent interface {100} (Ti/Cr)N is oriented perpendicular 
to the surface. This point is also illustrated by Fig. 3.4 for a sample reduced at 
700 °C. In addition it is worthwhile to note that annealing at 1000 °C of pure Fe 
implies the α→γ→α transitions (the transition temperature is 912 °C). In 
principle, such a phase cycling could lead to a change in the texture. However, 
we did not observe a change of texture. 

Besides a number of irregular spots sometimes observable in the DPs 
and loosely referred to as misoriented small crystallites (see, for example, Fig. 
3.2d), there are also extra spots, which appear regularly in the DP, Figs. 3.1-2. 
Among them are forbidden {100} reflections and cross-like satellites (x-
satellites) around {110} spots, which could be approximately indexed as 
{1±1/2,1,0} and {1,1±1/2,0}, see Figs. 3.2b,d. Since the {100} spots and x-
satellites were also observed on pure unnitrided Fe-samples, the extra spots 
cannot be due to any nitride. It is highly probable, that this is caused by rel-rod 
effects [Tho62] of a thin outermost oxide layer of fcc Fe3O4, as has already been 
discussed in the literature [Che77, Big95]. The oxide layer is coherent with the 
(001) Fe surface with a Bain-type OR: (001)bcc || (001)fcc and [100]bcc || 
[110]fcc. The mismatch at the (001) interface α-Fe/Fe3O4, ε = (8.35 × √2 – 4 × 
2.87) / 4 × 2.87 ≈ 0.029, is small, and this makes direct identification of the 
oxide layer in a diffraction pattern rather difficult, but sometimes thin oxide 
layers show up as rel-rod effects, Figs. 3.1-2. The apparent {100} spots then 
represent {220} Fe3O4, and the x-satellites are rods of {311} Fe3O4 and {131} 
Fe3O4, which intersect the Ewald sphere when the oxide layer is thin enough. 

3.3.2. Initial stage of formation of precipitates  

As demonstrated in [Huf75, Che00], the formation of precipitates can be 
followed with MS techniques. Besides the typical α-Fe matrix Mössbauer sextet  
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Fig. 3.7. (a) MS spectrum of the Cr-alloy after cold rolling: component (1) corresponds 
to matrix atoms considered as a mixture of Fe and Ni atoms, component (2) and (3) 
correspond to iron atoms having one Cr and two Cr atoms in the first two coordination 
shells, respectively.  (b) After α-nitriding at 400 ºC there is still intensity left from 
metallic Cr atoms in component (2). Component (3) is given by iron atoms with a 
different environments containing N. (c) MS spectrum after nitriding at 600 ºC.  
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Fig. 3.8. Intensity of MS 2nd component vs. [N]ex for the Ti alloy. 
 
for as-rolled material, extra components appear corresponding to 1st and 2nd 
nearest-neighbor nonmagnetic Ti/Cr atoms. After nitriding these components are 
broadened, indicating a variety of nonmagnetic atoms around Fe-atoms. Typical 
MS spectra are shown in Fig. 3.6 and 3.7 for a Ti- and a Cr- containing alloy, 
respectively. 

In Fe-Ni-Ti foils after cold-rolling, Fig. 3.6a, the spectra can be fitted by 
two components: component (1) corresponds to matrix atoms considered as a 
mixture of Fe and Ni atoms, component (2) corresponds to Fe atoms having one 
Ti neighbor in the first or second coordination shells [Huf75]. The Ti-atomic 
component disappears very soon after nitriding. An example is shown in 
spectrum Fig. 3.6b for a sample nitrided at 400 ºC, t = 1h, where the Ti neighbor 
satellite is replaced by a broader component (2) given by Fe atoms with different 
environments: N atoms and TiN precipitates. In Fig. 3.6c one can see that after 
two hours reduction at 700 ºC in a dry H2-atmosphere, only the Fe sextet is 
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visible, indicating that bigger precipitates have grown and the relative number of 
non-ferromagnetic neighbors is decreased to less than 0.5%. 

In the MS spectrum of a Fe-Ni-Cr alloy after cold rolling, Fig. 3.7a, 
three components could be distinguished: component (1), as for the Fe-Ni-Ti 
alloy, is due to the matrix atoms (Fe+Ni), components (2) and (3) correspond to 
Fe atoms having, respectively, one and two Cr atoms in the first two 
coordination shells. After nitriding at 400 ºC, t = 24h, spectrum Fig. 3.7b, the 
contribution of atomically dissolved Cr in component (2) decreased, but is still 
significant, in contrast to the nitrided Ti-containing alloy. Component (3) is 
slightly shifted in spectrum Fig. 3.7b with respect to the component (3) in Fig. 
3.7a and corresponds to Fe atoms with different environments, containing N. 
The extra components become invisible after nitriding at 600 ºC. 

From MS spectra the concentration of Fe atoms having Ti- and Cr- 
neighbors can be estimated [Huf75]. This leads to an estimate of the atomically 
dissolved fractions of Ti and Cr. In as-rolled material these atomic fractions are 
1.4 at% and 2.8 at%, respectively, for Ti and Cr. Evidently, the rest components 
(0.5 at.Ti % and 0.2 at.Cr %) are not atomically dissolved, and are probably 
present in small clusters. As has been mentioned already, the Ti atomic 
component becomes negligibly small after nitriding of Fe-Ni-Ti alloy, for the 
Cr-containing alloy some of the data are presented in the 4th column of Table 
3.2. 

In Fig. 3.8 the data for the Ti-containing sample on the intensity of the 
MS component, shifted due to the presence of nitrogen, is plotted vs. the excess 
nitrogen content. As follows from the discussion this data gives evidence that 
most of the excess nitrogen is dissolved in the matrix. 

3.3.3. Nitrogen content and matrix dilation. 

Only a small amount of N can be dissolved in the pure α-Fe matrix (0.23 at% at 
500 ºC [Wri87]). The major fraction of N absorbed by the alloy is connected 
with the formation of precipitates of alloying elements and with the influence of 
the alloying elements and their precipitates on the matrix. The N uptake in 
Fe93Ni4Cr3 and in Fe94Ni4Ti2 foils, as obtained by weighing the samples, is 
shown in the 3rd column of Tables 3.2 and 3.3, respectively. Often we observed a 
variation of the N uptake for the same nitriding conditions, especially for a short 
time of nitriding, the scatter being larger than possible errors in the weighing 
procedure. Also we cannot ascribe this scatter to an uncertainty in the nitriding 
conditions, because these were well controlled. Although not completely 
established, we believe that it is connected with a different arrangement/density  
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Table 3.3. Nitrogen uptake in the Fe94Ni4Ti2 foils and the lattice parameter of the bcc-
matrix. 

 
Smpl ID Treatment 1) [N], 

at.% 
[N]ex, 
at% 

a, nm2)  

Ti0 as-rl  0 0 0.2880 
Short nitriding 
Tia 300C, 2h,-5.1 6.56 4.7 0.2926 
Tib 300C, 2h, -5.1 5.50 3.6 - 
Tii 400C, 2h,-6.2 7.10 5.2 0.2922 
Tij 400C, 2h,-6.2 6.30 4.4 - 
Tik 500C, 2h,-7.1 5.70 3.8 0.2912 
Til 500C, 2h,-7.1 4.80 2.9 - 
Long nitriding 
Ti10 as-rl  0 0 0.2877 
Ti20 as-rl  0 0 0.2876 
Ti2 300C, 20h, -5.0 6.43 4.6 - 
Ti3 300C, 20h, -5.0 6.19 4.3 0.2936 
Ti4 300C, 20h, -5.0 5.50 3.6 0.2919 
Ti5 400C, 20h, -6.8 5.00 3.1 0.2913 
Reduction 
Ti2r Ti2+600C, 4h, H2 2.37 0.4 0.2892 
Ti5r Ti5+600C, 5h, H2 2.25 0.3 0.2893 
 
1) Indicated are temperature, treatment time, RN, if not H2-atmosphere 
2) Lattice constants calculated from the peak position of the main (002) diffracted Kα-
line 
 
of defects in different samples after cold rolling. Although the plastic flow 
during rolling was evidently by excitation of multiple slip directions, the actual 
distribution of these modes can be expected to be different in different areas 
(say, in the center and at the edge) of a foil under deformation. This conclusion 
is in agreement with a variation of strains revealed by XRD in as-rolled films. 
The defect configuration and density influence the kinetics of formation of the 
precipitates, and hence the shape of precipitates and the total amount of nitrogen 
absorbed, as we will see later. Whatever the reason is, the uncertainty in total 
nitrogen uptake does not influence our conclusions. 
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Table 3.4. Gibbs free energies for TiN and CrN precipitates.  
 

Precipitate ∆Gch, 1) 
kJ/mol 

∆Gch, 2) kJ/mol ∆Gstr, 2) kJ/mol 

TiN -336 -300 170 

CrN -125 –91 120 

 
1) estimated from [30], 2) obtained by [17]  
 

The N concentration, [N]ex, in excess of the concentration required for 
the stoichiometric MN-compound is normally called “excess N”, i.e.: 

 
[N]ex ≡ [N] – [N]MN – [N]α0,     (1) 
 

where [N], [N]MN, and  [N]α0 stand for fractions of, respectively, total, 
stoichiometric equilibrium nitride and N equilibrium solubility of pure Fe under 
identical nitriding conditions [Jac76,Ric86, Som89]. Note that “concentration” 
in this paper is defined as the relative fraction of a species with respect to all 
atoms, including Ni, Ti or Cr, N and Fe. The [N]MN is estimated from the 
concentration of the alloying metal in the material, assuming a 1:1 
stoichiometric ratio of the MN precipitate. But if “free” M-atoms are present, 
like in the Cr-containing alloy, the notion of “excess N” requires a correction. 
According to MS data, a large “free” or atomically dispersed fraction [Cr]at 
exists at 300 ºC, t = 50h, and about 18% of all Cr atoms are still in solution at 
400 ºC, t = 24h, see column 4 in Table 3.2. The fraction of N bound by the 
alloying element is smaller when atomically dissolved metal is still present to a 
concentration [M]at: 

 
[N]MN = [M]0 – [M]at.       (2) 
 

Here [M]0 is the total concentration of the alloying element. The amount of 
[N]ex, determined with the correction Eq. (2) in the Cr-containing alloy is listed 
in column 5 of Table 3.2. For the Ti-containing alloy the “free-atom” correction 
is not required, because there was no “free” Ti-atom fraction observed after 
nitriding. The estimated error in [N]ex is about 0.25 at.%. 

From a comparison of the data in 3rd column of Tables 3.2 and 3.3 one 
can conclude that the ratio of the N to Cr concentrations, [N]/[Cr], is not much 
larger than unity, while the [N]/[Ti] ratio for nitrided samples is normally much  
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Fig. 3.9. XRD θ-2θ scans for the as-rolled, α-nitrided (300 0C, 2h) and reduced (300 0C, 
2h) Ti-alloy in the vicinity of the (002) α-Fe line (shown by a vertical line). 

 
higher than unity, indicating a large fraction of excess N in this case. An 
intriguing point is that the N content, column 3 in Table 3.3, is decreasing after 
nitriding the Ti-foils at temperatures T > 400 ºC. We come back to this point in 
the following paragraph in connection with XRD data. 

With 1D θ-2θ, as well as with 2D-texture XRD scans, we observed that 
in the as-rolled foils the (001) texture was dominating with some mixture of 
(111) texture. As examples, XRD spectra in the region of the α-Fe (002) 
reflection are shown in Fig. 3.9 for Fe94Ni4Ti2 samples as-rolled, nitrided and 
nitrided and then reduced (300 ºC, 2h for all treatments). Similarly, in Fig. 3.10, 
spectra are shown in the region of the α-Fe (222) reflection for Fe93Ni4Cr3 
samples nitrided at different temperatures. Due to the presence of the alloying Ni 
and Ti/Cr elements, the XRD lines for the as-rolled foils are shifted with respect 
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Fig. 3.10. XRD spectra for the Cr-alloy in the vicinity of (222) α-Fe (shown by a vertical 
lines): (a) as-rolled, (b) nitrided at 400 ºC, 24h, RN=-6.5, (c) nitrided at 500 ºC, 1h, RN= -
7.34, (d) nitrided at 600 ºC, 0.5h, RN= -8.06. The spectra are fitted with two components: 
the strained component, shifted respect to the (222) α-Fe line, while the presence of the 
second, almost unshifted (unstrained), component in (b) and (c) points to a nonuniform 
deformation of the lattice. 

 
to the positions of the XRD lines for α-Fe. For the Ti-containing alloy, the 
observed lattice parameter is a = 0.2877(2) nm, which is ≈ 0.4% larger than the 
value a = 0.2866 nm for pure α-Fe, while for Cr-containing alloy a = 0.2871 nm  
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Fig. 3.11. Variation of the lattice parameter of the Ti- and Cr- alloys as a function of 
excess nitrogen content. By a solid straight line is shown the dependence for nitrided 
pure Fe. A dashed straight line is drawn through the data points parallel to the solid line 
to guide the eye. 
 
was only ~0.13% larger than for pure α-Fe. Such a difference cannot be 
substantiated by Vegard’s law. Evidently, the effect is due to a difference in the 
degree of dissimilarity (electron shell configuration, ionic radii, r(Ti)=0.146 nm, 
r(Cr)=0.126 nm) of Ti and Cr compared to Fe (r(Fe)=0.127 nm), causing larger 
strains in the Ti-containing alloy foils after rolling. From Figs. 3.9 and 3.10 one 
can see that nitriding in the α-region has a two-fold effect on the matrix: a shift 
of the XRD lines to lower diffraction angles, indicating an overall dilation of the 
bcc Fe-lattice, and a change in the line shape, pointing to a local variation in the 
microstructure and/or the strain/stress state in the foils. In Fig. 3.10 the lines  
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Fig. 3.12. Variation of the fraction of the strained component and the excess N content 
with temperature of nitriding for the Cr-alloy. 
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Fig. 3.13. Excess N content vs. temperature of the reduced (rd, squares) and re-nitrided 
(re-αN, diamonds). Note, that at T=300 °C the lower point corresponds to as-nitrided 
samples, after reduction and renitriding at the same temperature, the amount of N is 
completely restored. For comparison, the data for α-nitriding during 20h (αN, 20h - 
triangles), and 2 hours (αN, 2h - circles) is also shown. At T=300 °C this data coincides. 
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were fitted with two Lorentzian components. Each component contains 
contributions due to diffraction of the Cu Kα1 and Kα2 lines. 

The variation of the lattice parameter for the nitrided Ti-alloy vs. the 
excess N content, a([N]ex), is plotted in Fig. 3.11. The lattice parameter was 
calculated from the position of the peak of the (002) bcc reflection. As one can 
conclude from Table 3.3 and Fig. 3.11, nitriding at higher temperature or time 
does not necessarily lead to higher N content or higher lattice dilation. For 
example, after nitriding for 2 h at 300 ºC, the N uptake is larger than at 500 ºC. 
Similar observations can be made for prolonged (20 h) nitriding at 300 ºC and 
400 ºC. These results are in accordance with those reported by Jack [Jac76], 
although an explanation was missing. In our case, the nitriding potential was 
chosen to be within the α-region for the Fe-N system. So, it is different for 
different temperatures. We choose our RN values, RN= -5.0 (300 ºC) and RN= -
6.8 (400 ºC), close to the saturation values as follows from [Jac76, Ric86]. In 
[Jac76] the saturation level in [N] vs. RN dependence was higher in the sequence 
550, 500 and 300 ºC. Thus, not the difference in RN, but the mechanism of TiN-
precipitate formation and the interaction of precipitates with the matrix are 
responsible for the unexpected temperature variation in the lattice parameters 
and N uptake. In section 4 we argue that an increase in the thickness or lateral 
size of the platelets both lead to a lower excess N-content. 

After reduction of the nitrided Ti-containing samples in a H2-
atmosphere, the lattice parameter becomes smaller than for a nitrided sample, 
but it is still higher than that of the as-rolled material. This residual expansion of 
the matrix can be due to strain induced by a residual semi-coherency of finely 
dispersed precipitates. As the TiN precipitates coarsen, their influence upon the 
matrix diminishes and the lattice parameter of the ferrite decreases to 0.287 nm 
(approximately equal to the lattice parameter of α-Fe) after reduction at 700 ºC. 

For the nitrided Cr-containing alloy the lattice constants, listed in Table 
3.2, were obtained by fitting of the (222) bcc lines, Fig. 3.10, by two 
components. One of them is shifted to lower 2θ-values, pointing to a local 
dilation of the matrix, while the second line stays at the almost unshifted (222) 
α-Fe-position, indicating the presence of an unstrained fraction even at the 
highest N content in the alloy. The values of the lattice parameters of shifted and 
unshifted components are listed in the columns 6,7 of Table 3.2. The variation of 
the lattice constant as derived from the position of the shifted component as a 
function of total nitrogen content is depicted in Fig. 3.11. One can see that the 
expansion of the matrix in the nitrided Cr-containing alloy is much less than in 
the Ti- containing alloy. From the Table 3.2 and from Figs. 3.10 and 3.11 it is 
also clear that the variation of the lattice constants of the strained and unstrained 
components with the temperature is not very large (in contrast with the Ti- 
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containing alloy), but the relative intensity of the strained component strongly 
depends on the temperature of nitriding, Fig. 3.12. The strained component is 
negligibly small after the nitriding at 300 ºC; at 400 °C it clearly dominates and 
it is diminishes again after nitriding at 600 ºC. The variation of the strained 
component fraction with temperature correlates with the similar behavior of the 
excess N uptake, as is observed in Fig. 3.12. 

3.3.4. Nitrogen content in reduced and re-nitrided Fe-Ti-samples. 

A common statement in literature is that annealing in a H2 atmosphere reduces 
the N content to a concentration, corresponding to the 1:1 stoichiometric 
composition of the alloying element nitride [Jac76, Pod81, Ric86a]. Another 
common statement is that the reduction is reversible, i.e. re-nitriding restores the 
initial N content, present prior the reduction (see, i.e. [Jac76]). We will show 
that both statements are not in agreement with our observations for Ti-containing 
foils. We performed a study of the nitrogen content after reduction and re-
nitriding of Ti- containing foils as a function of the processing temperature. Four 
samples were nitrided, reduced and re-nitrided at the same temperature. This was 
done at four different temperatures. The N content in the samples was 
determined by weighing with a microbalance. The results are plotted in Fig. 
3.13, where each point is an average over the data of the four samples. The time 
of the treatment at each step was about 20h. As one can see, the excess N 
content is the highest after re-nitriding at 300 °C, higher than 4 at%, being about 
the same as for the first nitriding at this temperature. The data shows that the 
higher the temperature of the treatment, the smaller the amount of N that is taken 
up again after re-nitriding of a reduced sample. Also, the excess N does not 
vanish after reduction in a H2 atmosphere, but the residual amount of [N]ex 
decreases from more than 1 at% at T = 300 °C to ~ 0.5at.% at T = 600 °C. 

For the sake of comparison, Fig. 3.13 also displays the data for short 
(2h) and prolonged (20h) nitriding from Table 3.3, averaged for the given 
temperature. Note, that at T = 300 °C the points of 3 data sets cannot be 
distinguished. One can see that while the prolonged nitriding data follows the 
trend of the re-nitriding data, the data for short nitriding deviates significantly. 

3.4. Discussion 

We summarize the main observations relevant for the discussion as follows: 
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1. Streaking along {200} in the nitrided Ti- containing alloy starts at a lower 
temperature and occurs at shorter time (T-t), compared with the Cr-alloy, but 
the streaks are more diffuse (Figs. 3.1 and 3.2). 

2. With increasing time or temperature (up to 500 °C was applied) of nitriding, 
the width of the streaks in the Ti- containing alloy does not change 
drastically. Reduction at 600 °C makes the streaks more narrow and sharp 
(Fig. 3.2).  

3. After reduction at 700 °C and higher temperatures, the TiN precipitates grow 
large enough to produce moiré fringes in TEM, Fig. 3.4a. XRD lines of TiN 
can be observed after annealing at 1000 °C, Fig. 3.5. The lattice constant of 
the matrix approaches the value for pure α-Fe. 

4. The Ti-atom component in MS spectra disappears at low temperatures and 
time (T-t), while the Cr-atom component is still prominent, up to the 
relatively high temperature of 400 °C, compare Figs. 3.6 and 3.7. 

5. Sharp streaking in the Cr-containing alloy is observable after nitriding at 
temperatures up to 600 °C. It is also observed in the areas with small grains. 
Streaking follows the local grain orientation. 

6. The amount of N absorbed and the matrix expansion are much larger in the 
Ti- containing alloy than in the Cr-alloy, Tables 3.2 and 3.3, Fig. 3.11. 

7. The higher the temperature of the treatment, the smaller the amount of N 
that is taken up again after re-nitriding of a reduced sample. Some excess N 
is left in the Fe-Ni-Ti-N alloy after reduction in a H2 atmosphere at 
temperatures below 600 °C, Fig. 3.12. 

8. The intensity of the 2nd component in the MS spectra increases with an 
increase of excess N, Fig. 3.8. 

9. The XRD lines of nitrided Ti- and Cr-containing alloys can be approximated 
by two components, reflecting a strained and an unstrained state of the 
matrix. The variation of the dilation of the matrix with nitriding temperature 
for the Cr-alloy was weak, whereas in the Ti- containing alloy this dilation 
varies strongly with the nitriding temperature. In contrast to this, in the Cr-
containing alloy, the variation of the fraction of the dilated component of the 
matrix strongly depends on the temperature; at TαN = 600 °C the dilated 
component has almost vanished, see Figs. 3.11 and 3.12.  

3.4.1. Formation, shape and size of TiN and CrN precipitates 

The precipitate formation is determined by the change in the Gibbs free energies 
and by the mobility of the species. Here we discuss first the energetics of the 
formation of the TiN and CrN precipitates. The change in the Gibbs free energy 
upon formation of precipitates in a matrix includes, besides the chemical 
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contribution, ∆Gch, a strain term, ∆Gstr, an interface term, ∆Gi and a term ∆Gd 
accounting for the presence of defects in the matrix, which makes the formation 
of the precipitates easier, i.e. 
 

∆G =  (∆Gch  + ∆Gd) +∆Gstr + ∆Gi =  -∆Gdrive +∆Gstr + ∆Gi, (3) 
 

Both, ∆Gch and ∆Gd, are negative, while ∆Gstr and ∆Gi are positive. The 
chemical term is mainly determined by the enthalpy of MN formation; the 
entropy term being very small. The resulting Gibbs free energy is almost 
independent of temperature in the range of interest and it is much higher for TiN 
than for CrN, as can be seen from Table 3.4, where in 2nd and in 3rd columns 
these values are listed, as estimated from [Gol67] and obtained by [Som89], 
respectively. 

Estimates by Somers et al [Som89] for the strain energies, considering 
an isotropic defectless α-Fe matrix with spherical non-compressible precipitates, 
are given in the 4th column of Table 3.4. It is evident that the assumptions are too 
rough, because, for example, the formation of CrN precipitates in a crystal 
without defects would not be possible. More accurate estimates, which take into 
account the anisotropy of crystals, the compressibility of the precipitates and the 
coherency according to the theory of Eshelby [Esh57] and following researchers, 
see e.g. [Lee78], are to the best of our knowledge not available. Nevertheless, 
the data in Table 3.4 illustrates that the variation of the chemical term is much 
stronger than the variation of the strain energy term for these two alloys. 

By the additional negative term ∆Gd in Eq.(3) we account for all missing 
corrections which make the driving force ∆Gdrive = |∆Gch + ∆Gd| large enough to 
make precipitation favorable. The term ∆Gd is to a large extent determined by a 
reduction of the strain energy due to the presence of a dislocation network. 
Assuming that the dislocation density is not very different for Cr- and Ti-
containing foils, we can state that the driving energy for formation of TiN 
precipitates is much larger than that for CrN precipitates. This larger driving 
force can play an important role in the formation and evolution of the TiN 
precipitates and will affect the shape, coherency and stability of the precipitates. 
Also, if a part of the Ti atoms in a cluster will be substituted by Fe atoms, as in 
Fe-Ti-N GP-zones, thus reducing to some extent the ∆Gch term and, hence, 
∆Gdrive in Eq. (3), the cluster can still be stable. 

Observation 1 was analyzed in the Appendix, where we concluded that 
the TiN precipitates, formed during nitriding at 300 °C, are small particles 0.2-
0.3 nm thick and 1.5 nm wide, i.e., containing only ~30-50 Ti-sites, in 
accordance with [Pod81] who also estimated about 50 TiN molecules per 
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platelet. The CrN precipitates, formed at T=400-500 °C, are also platelets 0.2 to 
1.2 nm thick, depending on the treatment, but with larger lateral dimension. 

The fact that the precipitates are small implies that the spacing between 
them is also small. The distance between neighbouring TiN clusters, formed at 
300 °C, 21h, is U1/3 = (2V/[M])1/3 (aαFe / aMN) ≈ 2.5 nm (V ≈ 0.5 nm3, [M] = [Ti] 
= 0.02, aαFe ≈ 0.287 nm, aTiN = 0.424 nm). For the formation of the observed 
precipitates, diffusion of Ti over only 5 interatomic distances would be required. 
The mobility of Ti in pure, defect-free Fe is too low [Add66] (by 6 orders of 
magnitude) to explain the precipitation even over such small distances. Since Ti 
is oversized with respect to Fe atoms (Sec. 3.4), one may suppose that vacancies 
present in the defected material are trapped at Ti atoms. The mobility of such a 
vacancy-Ti complex would be sufficiently fast to explain the TiN precipitation at 
this low temperature. This also will be true, if the vacancy is filled with an 
interstitial atom like N. The size of the TiN precipitates does not change 
significantly after the treatments at 400 and 500 °C, compared with T = 300 °C 
(observation 2). This indicates that the high cohesion energy precludes Ti atoms 
or TiN molecules to dissolve from TiN clusters (observation 4)), thus hindering 
the ripening. At higher temperatures (600 °C and higher) the TiN precipitates 
start to grow and finally loose the coherency with the matrix, which leads to the 
moiré fringes in TEM and to the corresponding peak in XRD, Figs. 3.4a and 3.5. 

The Cr-containing alloy behaves differently. Since Cr atoms are 
undersized with respect to Fe atoms (Sec. 3.4), no binding of vacancy with Cr 
atom is to be expected. The precipitate formation is in consistency with the 
diffusivity of Cr atoms in pure, defect-free Fe. There was no sign of CrN 
formation at T = 300 °C, hence the diffusivity was too low at this temperature. 
At T = 400 °C, however, the CrN precipitates are already larger than the 
corresponding TiN precipitates, giving a lower limit of the diffusion coefficient 
D > 2 10-18cm2/s for Cr in the alloy. Using activation energy Q = 56 kcal/g-at 
and pre-exponential factor D0=7.6 cm2/s from [Add66] for Cr in pure Fe, one 
can estimate the diffusion coefficient D ≈ 4.5 10-21 and 5 10-18 cm2/s for T = 300 
°C and 400 °C, respectively, in agreement with the experimental observations. In 
contrast with TiN, at the periphery of a CrN precipitate, Cr and N atoms are in a 
dynamical equilibrium, permanently dissolving and precipitating again 
(observation 4)). A relatively weak driving force is required to dissociate a Cr 
atom (or a CrN molecule) from a small CrN precipitate, leading to a larger 
precipitate. 
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3.4.2. Location of the precipitates 

There is no evidence that TiN precipitates grow preferentially on grain 
boundaries at all regimes investigated. The reasons for this were discussed 
above. The situation is quite different for CrN precipitates. Preferential growth at 
grain boundaries (discontinuous precipitation) was reported in the literature 
[Mit80, Hek85, Mor72]. One could draw a similar conclusion from the 
observations reported in [Loq97]. Because we have evidence of strong streaking 
in a multicrystalline area of the Cr- containing sample after nitriding at 600 °C, 
1h, where the streaks follow the crystallite orientation, (observation 5), Fig. 3.1c, 
we can conclude that the growth at grain boundaries is not preferential in our 
case. As discussed by Nabarro [Nab40], the elastic strain energy promotes the 
formation of disk-like (2D) precipitates. In contrast, there is a tendency to form a 
3D precipitate at the grain boundary. There the coherency with the matrix and, 
hence, the elastic strain energy of a particle, is reduced, while the interface 
energy of the particle is increased. The shape of the particle is determined by the 
tendency to minimize ∆Gi in (3) [Por92]. Thus, there would be no streaking in 
the case of grain-boundary precipitates, contrary to our observation. The 
formation of CrN precipitates at the grain boundaries reported in [Som89, 
Mor72, Mit80, Hek85] is most probably connected with a low density and a low 
pinning energy, i.e. ∆Gd in Eq.(3), of the defects, for CrN in the bulk and/or a 
relatively large nitriding time. Indeed, in these works defects were only 
introduced during mechanical polishing. Sometimes their samples were annealed 
(850 °C, 18h [Mor72]). Evidently, in our case defects in the bulk of the 
crystallites serve as nucleation sites and pinning points for CrN precipitates, due 
to the contribution of ∆Gd in Eq.(4). Thus, a larger energy (temperature) is 
required to relocate the precipitate to the grain boundaries. Our result is 
consistent with the observation in [Ric83], where it was shown that cold working 
of the alloy prevents the formation of precipitates at the grain boundaries, what 
improves the mechanical properties of the nitrided Fe-Ti alloy. 

3.4.3. Matrix dilation and nitrogen uptake 

According to observation 6, Tables 3.2, 3.3 and Fig. 3.11 both the lattice dilation 
and the N content is larger in the nitrided Ti-containing alloy than in the Cr-
containing alloy. For example, the ratio ([N]/[Ti])max is usually more than 3 for 
nitrided samples, while ([N]/[Cr])max was at most 1.6. We relate both, the lattice 
dilation and the N content, with the size and shape of the precipitates when the 
misfit is taken up by elastically coherent interface between the precipitate and 
the matrix. 
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The lattice mismatch between the α-Fe matrix and a precipitate with the 
bulk TiN-structure (Tab. 3.1) is too large for coherency at the interface. On the 
other hand, without coherency there would be no expansion of the matrix and 
only a very small amount of excess N would be taken up. This conclusion is 
based on observations of a reduction of the dilation of the matrix and the 
corresponding N content with coarsening of the precipitates (observations 2, 3 
and 7). Coherency can be established if mixed (FeTi)N clusters are formed at 
low (300 °C) temperatures. The presence of Fe in the cluster reduces the 
mismatch and the elastic modulus, compared with pure TiN precipitates, making 
coherency more accessible. With an average distance between neighboring 
precipitates of about 3 nm and alignment of the platelets parallel to the cubic 
faces, the misfit-induced long-range strains in the matrix can easily overlap 
between the platelets, promoting the overall dilation. The large amount of the 
excess N observed for the nitrided Ti-containing alloy is then the result of, and 
not causing, the dilation. For platelets, which are wider by a factor of 10, the 
average distance between platelets becomes ≈ 14 nm. Evidently, in this case, the 
overlap is much less and the unstrained component is more pronounced. This 
situation is observed for the nitrided Cr-containing samples and for Ti-
containing samples nitrided and reduced at high temperatures (observation 9). 

Our MS data for the Ti-alloy presented in Fig. 3.8, observation 8, give 
evidence that most of the excess N after nitriding at 300 °C, 20h, RN= -5.0 is 
randomly distributed in the matrix. Indeed, assuming that each interstitial atom 
affects only the nearest 6 Fe atoms we calculate that about 24/(0.94(1-0.04)) = 
26.5 at% Fe atoms can contribute to the second component at a 4 at% excess N 
concentration, which is close to the observed 27.5 % for the intensity of the 2nd 
component in the MS spectrum for the corresponding sample. The contribution 
of Fe atoms neighboring with Ti and N atoms inside and on the periphery of the 
precipitates is insignificant, compared to the uncertainties in the intensity of the 
2nd component. Fig. 3.8 demonstrates also that the intensity of the 2nd component 
is less in the Ti-alloy nitrided at 400 °C, 20h, RN = -6.8, pointing to a decrease of 
Fe atoms with neighboring N atoms. This confirms the decrease of the excess 
nitrogen content, in correlation with a decrease of the overall dilation of the 
matrix, Fig. 3.11. Because, according to observation 2, the size of the Ti-N 
precipitates does not change significantly, we ascribe the effect to a 
rearrangement of the atoms in the GP-like cluster. It is hard to say how this 
rearrangement occurs, i.e. in one step to a stoichiometric TiN precipitate, or by a 
gradual loss of Fe, and possibly, excess N atoms from the precipitate. If the 
transition would be gradual, then the fraction of excess N remaining after 
reduction at temperatures up to °C could be explained as a N fraction bound to 
GP-like cluster. Note, that this rearrangement does not occur during the 
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reduction at 300 °C: after the reduction at this temperature, the amount of N is 
completely restored after re-nitriding, in contrast with the processing at 400 °C, 
Fig. 3.13. Note also that after 2h nitriding at 400 °C this rearrangement is far 
from complete. As can be seen in Figs. 3.11 and 3.13, in this case the amount of 
excess N is even slightly larger than after nitriding at 300 °C. 

As mentioned before, the excess N content is governed by the strain in 
the matrix caused by the coherency at interfaces with precipitates. Indeed the 
data points in Fig. 3.11 are lying much above a linear Vegard-type dependence 
of the lattice parameter on the excess N content, depicted by a solid line with 
(∆a/∆[N]) = 8.0×10-4 nm/at.%, as obtained by [Wri68, Wri87] for pure Fe. If the 
matrix were dilated homogeneously, a larger amount of N would be dissolved 
for a particular matrix dilation, if the relation mentioned above is assumed. The 
reason for this discrepancy is connected with a nonuniformity of the lattice 
dilation. Whereas, in Fig. 3.11, the lattice constant corresponding to the peak 
position in the XRD spectrum due to the strained component is plotted on the 
vertical scale, the average value of the excess N is depicted on the horizontal 
scale. Note that in Figs. 3.9 and 3.10 the peaks have a shoulder at the side of 
larger angles, i.e. smaller lattice constants. Thus, Fig. 3.11 actually indicates that 
the excess N is also distributed inhomogeneously. Evidently, a larger amount of 
N is dissolved in the vicinity of the precipitates where the strain is maximal. The 
same phenomena can be observed for the Cr-containing alloys. 

3.5. Conclusions 

Summarizing, the precipitate formation in low-temperature nitrided cold-rolled 
Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys was studied. Small (with dimensions of 2.5aTiN 

× 2.5aTiN × 0.5aTiN) coherent Ti(Fe)N clusters, probably of the GP-zone type, are 
formed during nitriding at T = 300 °C. The GP-like cluster may contain more N 
atoms than Ti atoms. The presence of these coherent clusters enhances the 
dilation of the matrix, which leads to an uptake in the Fe matrix of excess N to a 
concentration as high as 3.5-4 at%. The clusters grow to larger lateral 
dimensions during treatments at higher temperatures. In this process, the GP-like 
clusters loose Fe and N atoms to become stoichiometric TiN precipitates. The 
precipitates become semicoherent, the lattice becomes less dilated and the excess 
N content decreases.  

There is no evidence of precipitate formation in the Cr-alloy at T = 300 
°C, while at 400 °C and higher, precipitates form as thin (1-2 monolayers) and 
wide (more than 5aCrN) platelets, causing a smaller dilation and a much lower 
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excess N content. There is no indication that GP-like precipitates are formed in 
the Cr-contained alloy at any stage. 

Due to a high concentration of defects in cold-rolled foils there is no 
strong tendency for the formation of precipitates at grain boundaries. The 
precipitates are forming in the bulk of the grains even during nitriding at 500 °C. 

The strain of the matrix containing Ti-N-(Fe) clusters and precipitates is 
notably larger than the strain in the matrix containing Cr-N precipitates. The 
distribution of the matrix strain is not uniform. In the Ti-containing samples the 
whole matrix is strained, although not homogeneously. The magnitude of the 
dilation depends on the temperature of the nitriding or reduction. In contrast, not 
the magnitude of the strain, but the fraction of the strained matrix does vary 
significantly with the temperature of nitriding in the Cr-containing alloy, 
peaking at the lowest temperature of formation of the CrN precipitates.  

The N uptake is the result of the strain in the matrix due to the presence 
of the precipitates. Much more N is taken up in the Ti-containing alloy than in 
the Cr-containing alloy. Like the strain, also the excess N concentration is 
inhomogeneously distributed.  

Appendix. The origin of diffused streaking. 

In the theory of diffraction from small volumes, platelets are represented in 
reciprocal space by rods (instead of dots), oriented perpendicular to the plane of 
the platelet [Tho62, Hir77]. If the incident electron beam is approximately in the 
plane of thin platelets, then such reciprocal rods produce streaks in the 
diffraction pattern parallel to the rods. The amplitude of the diffracted electron 
beam is determined by the structural factor Fg, the parameter s, which is a 
deviation of the reciprocal vector from the reciprocal lattice point, and the 
thickness of the diffracted object h via: 

 
A ~ Fg [sin(πhs)/πs].      (A1) 
 

The s-parameter characterizes the length of the streaks in the DP for precipitates 
of a thickness of several interatomic spacing, and is inversely proportional to the 
thickness s~1/h. For a rectangular box with sizes, ha, hb, hc, we write in a similar 
way: 

A ~ (sin(πhasa)/(πsa))(sin(πhbsb)/(πsb))(sin(πhcsc)/(πsc)),  (A2) 
 
where sa, sb, sc are the deviations from the reciprocal lattice points along the 
directions a*, b*, c* of the reciprocal lattice. Thus, the width or diffusiness of the 
streaks can also be considered as a measure of the width of the precipitates, in 
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addition to thickness, determined from the length of the streak. With a width of 
the streaks of about 1/10 of |g200αFe| and a length of the streaks of about 
~|g200αFe|/2, we arrive at a width of the precipitate of about 1.5 nm and a 
thickness of ~ 0.2-0.3 nm. i.e. about 1-2 monolayers thick by about 10 
monolayers wide. Assuming that the extension in the third direction, i.e. parallel 
to the beam, is equal to the width, we obtain for the precipitates size about 
2.5aTiN × 2.5aTiN × 0.5aTiN, or about 30-50 Ti- atom sites.  

The structural factor Fg in (A1) is proportional to the atomic scattering 
amplitude f(θ) [Hir77]: 

 
Fg ∝ f(θ) = 2.38 10-10 (λ/sinθ)2 (Z-fx),    (A3) 

 
where θ is the scattering angle, λ is the wave length, Z is the charge of nuclei 
and fx is the atomic scattering factor for X-rays. From the tables of atomic 
scattering amplitudes (i.e., [Hir77]) one can conclude that the difference between 
the values for Ti, Cr and Fe is not large and cannot explain the weaker contrast 
of streaks in the case of nitrided Ti-containing alloy, as compared with Cr-
containing alloy, Figs. 3.1 and 3.2. Evidently, this weakness is due to the fact 
that the streaks in Ti-containing alloy are wider. 

 


