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Chapter 1 

Introduction 
 
 
The tendency to miniaturize the dimensions of electronic devices has created a 
demand for new materials and new methods for their production. The 
miniaturization of integrated circuits followed by the revolution in 
telecommunications and computers is one of the most successful examples. 

During the last 15 years, thin films of magnetic nanocrystalline alloys 
have found various applications in the micro-electronic industry due to their 
unique magnetic properties related to their structure. The term “nanocrystalline 
alloys” is used to describe those alloys that have the majority of grain diameters 
in the typical range from about 1 nm to 50 nm. These materials can successfully 
replace conventional soft-magnetic materials at MHz frequencies applications 
and can be used to extend the operation frequency range into the GHz regime. 

Soft magnetic films with high permeability at ultra-high frequencies 
(UHF) are required in areas like magnetic recording (Fig. 1.1), communication 
devices (Fig. 1.2) and automotive industry. In all these applications, the 
magnetic layers are used as magnetic flux guides. Therefore, the most important 
requirements for such soft magnetic material are a small coercive field (HC) and 
a high value of the relative permeability (µr) over the frequency range imposed 
by the application. Ultra-soft magnetic behavior at GHz frequencies can be 
obtained in thin nanocrystalline films when nanocrystals with a size smaller than 
the ferromagnetic exchange length are coupled by exchange interaction and an 
overall uniaxial magnetic anisotropy is present. Such materials will have a well-
controlled domain pattern with the magnetization, in the absence of an external 
magnetic field, oriented in most of the domains parallel or anti-parallel to the 
direction of the anisotropy axis. The hysteresis loop will be a rectangle in the 
easy direction (domain wall movement) and a straight line in the hard direction 
(spin rotation). When an external AC field is applied perpendicular to the easy 
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Fig. 1.1. Schematic diagrams of a (a) longitudinal head and (b) a perpendicular head and 
a magnetic medium with a soft magnetic underlayer. The nanocrystalline soft magnetic 
material is used as yokes for the writing heads in the two cases and in addition as soft 
underlayer in (b). 
 

Fig. 1.2. Examples of design solution for inductors: (a) top view of a planar rectangular 
metal coil with a soft magnetic underlayer, (b) top view and cross-section of a planar 
inductor with two magnetic cores, and (c) thin film cloth-structured inductor with 
magnetic strip core array [Shi90]. The nanocrystalline soft magnetic material is the 
underlayer in (a), the magnetic core in (b) and strip core in (c). 

 

 
 
 

 
 

(a) (b) 

(a) 

(c) 

(b)
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axis, the magnetization oscillates with the field. In this case the permeability is 
given by the ratio between the saturation magnetization (4πMS) and the 
anisotropy field (HK). For sufficiently thin films, where the eddy current losses 
can be neglected, this value can be maintained up to a frequency close to the 
ferromagnetic resonance (FMR) frequency fr = 2πγ(4πMSHK)1/2 (γ is the 
gyromagnetic constant and 2πγ = 2.8 MHz/Oe) [Chi97]. 

For small-size/light-weight communication devices, such as mobile 
phones, inductors operating in the GHz range are required. A widely used 
integrated inductor design is an air-core spiral (Fig. 1.2a). The use of a magnetic 
film, as a top- or under-layer, as flux-amplifying components offers the 
possibility to reduce the size of the inductor while keeping the inductance 
constant. However, such a planar shape is magnetically not very efficient 
because the maximum gain is only a factor of two. Moreover, due to a parasitic 
coupling with the silicon substrate, such integrated spirals perform poorly. 
Planar solenoid type inductors, prepared by patterning (Fig. 1.2b), are 
magnetically more efficient. However, the fabrication is difficult, because two 
metallization and insulating layers, as well as “viases” for the interconnection 
are needed. Sandwiched strip inductors [Kor98] are easier to prepare and exhibit 
a 5–10-fold inductance enhancement over simple air-core values. In these 
structures conductive stripes are simply sandwiched between two magnetic films 
and in some cases separated by insulation layers. A more complex but promising 
inductor design, with cloth-structured magnetic stripes and conducting lines is 
presented in Fig. 1.2c [Shi90]. In the case of magnetic inductors a sufficient 
value for the permeability of the magnetic core material is 100. Consequently the 
ideal combination would be a saturation magnetization of 24 kG and an 
anisotropy field of 240 Oe. This combination gives an FMR frequency of 6.7 
GHz.  

The continuous demand for increasing the areal density in longitudinal 
and perpendicular magnetic recording requires low noise media with higher and 
higher coercivities. To achieve the required overwrite performance for writing 
media with a higher coercivity larger head fields are needed [OGr99]. The 
maximum field, which an inductive head can produce, is directly proportional to 
the saturation magnetization of the material used for the head pole pieces. At the 
same time, the requirements for the data transfer rate nowadays imply operation 
frequencies for the writing head of the order of 500 MHz [Lit01, Ju001]. Thus, 
high-moment soft magnetic materials with large permeability over a wide 
frequency range are needed for the magnetic pole pieces of a write head. In the 
case of perpendicular magnetic recording [Khi02] an efficient writing process 
requires a magnetic medium with a soft magnetic underlayer in order to close the  
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Table 1.1. The most important requirements for UHF materials. 
 

Properties Magnetic head Inductor 
Coercivity ≤ 1 Oe ≤ 1 Oe 
Permeability ≥ 500 ≥ 100 
Operation frequency ≥ 500 MHz 1 – 10 GHz 
Saturation magnetization ≥ 20 kG ≥ 15 kG 
Magnetic anisotropy uniaxial uniaxial, ≥ 10 Oe 

 
Table 1.2. Soft magnetic properties of materials suited for UHF applications. The 
composition of the alloying elements is given in at%. 

 
Material HK 4πMs µr fr Ref. 

 Oe kG - GHz  
“nitrides” = Fe-M-N with M = Ta, Cr, Ti, Zr 
FeCr4.6Ta0.2N7.4 90 20.2 200 3.7 [Jin97a] 
FeTa3.3N1.6 4.5 21.5 1880 0.8 [Via96] 
FeAlN 10 20 2000 1.2 [Zou00] 
FeZrN 5 18 4000 0.8 [Cha96] 
FeTi(8-10)N(10.5-14) 10 24 3200 1.3 [Wan97] 
FeSi10Al5N2 14 11 800 1.1 [Dod97] 
“oxides” = Fe-M-O with M = Al, Si 
FeAl3.5O8 4 18.2 4600 0.7 [Kim00] 
FeHf17O28 6 10.5 1600 0.7 [Hui98] 
FeSm3.4O13.2 5 12.6 2600 0.6 [Yoo01] 
other materials 
FeCo18B15 22 17.5 740 1.7 [Che00a] 
FeCo17B16Si1 160 18 110 4.2 [Fer02] 
(Fe0.7Co0.3)95N5 20 24.5 1200 1.9 [Sun00] 
Materials with the highest fr obtained in this thesis 
FeZr2N17 26 17 680 1.8 [Che02c] 
(Fe0.7Co0.3)83Ta2N15 48 17 340 2.5 [Che02d] 

 
flux path generated by the head (Fig. 1.1b). The soft underlayer must fulfill the 
same requirements as the materials for the pole pieces since in this configuration 
the underlayer is a part of the magnetic circuit of the writing process. The ideal 
material, which can be imagined for such applications, should then present the 
maximum saturation magnetization achievable (24 kG for FeCo alloys) and an 
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anisotropy field of 5 Oe. This combination gives a high permeability of 4800 
and a FMR frequency of 1 GHz, well above the present-day requirements. 

The requirements for the most important properties of materials for UHF 
applications are summarized in Table 1.1. In addition to the mentioned 
requirements it is desired that the materials present a reasonably high specific 
electrical resistivity in order to have low eddy current losses, a relatively small 
magnetostriction, and appropriate mechanical properties. A material in which all 
these properties are combined is not yet available. Examples of produced 
materials suited for UHF applications are given in Table 1.2. The main purpose 
of this table is to be illustrative rather than exhaustive. It is interesting to see that 
for the first time a boron-based amorphous material was produced with a very 
high induced uniaxial anisotropy of 160 Oe [Fer02]. The material with the 
highest saturation magnetization reported by [Sun00] does not have a well-
defined induced anisotropy if deposited directly on Si wafers. The good soft 
magnetic behavior at high frequency is obtained only if the film is sandwiched 
between two permalloy layers. 

The resitivity of N-containing alloys is typically in the 10 to 100 µΩcm 
range, while “oxides” can present a resitivity as high as 1 mΩcm [Hui78]. All 
materials presented in the table are made by sputtering. The as-deposited 
materials are nanocrystalline or amorphous due to the grain refinement effect of 
the non-metallic element (N, O, and B). Structural changes appear at annealing 
temperatures of the order of 300 ºC, which practically defines the thermal 
stability of these alloys. The processing temperature is mostly room temperature 
(RT) or small variations above or below. In this way the deposition temperature 
is not a problematic issue in the integration process. The anisotropy is obtained 
by applying a magnetic field during deposition. 

Usually for films thicker than about 200 nm a strong perpendicular 
anisotropy component destroys the in-plane soft magnetic behavior. If the 
application requires thicker magnetic media, a solution can be offered by stacks 
of thin magnetic layers decoupled by a non-magnetic film like SiO2 [Clo62]. 

The crucial structural requirement for appearance of soft magnetism in 
nanocrystalline materials is that the grain size is smaller than the ferromagnetic 
exchange length (Lex) over which spins are coupled via the magnetic exchange 
interaction. This length is about 35 nm in Fe80Si20 [Her90]. When the small 
grains are also magnetically coupled, the magnetization cannot follow the 
randomly oriented magnetocrystalline anisotropy axis of each individual grain. 
Consequently, the effective anisotropy is an average over several grains and, 
thus, reduced in magnitude. When the magnetization takes place by coherent 
spin rotation the coercivity is proportional to the effective value of the  
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Fig. 1.3. The real part (µ′) and imaginary part (µ″) of the complex permeability as 
function of frequency for a 100 nm Fe58.3Co25Ta1.7N15 film deposited at -10 ºC 

 
anisotropy [Boz51]. Therefore, the ultra-fine nanocrystalline materials have 
extremely low values for the coercive field [Her90]. 

In addition to the structural requirement mentioned above the magnetic 
film must be present a well-defined in-plane uniaxial anisotropy direction in 
order to have a high value for the high frequency (HF) permeability [Vri96].In 
alloys containing interstitial atoms like N or C induced uniaxial anisotropy can 
be obtained when the materials are produced under the influence of a magnetic 
field. This anisotropy originates from an anisotropic distribution of the 
interstitial atoms in the bcc Fe lattice. It was proved experimentally that once 
such a material is obtained, its induced anisotropy cannot be increased. If larger 
values for the uniaxial anisotropy are desired, there are several other methods 
available, like for example: oblique deposition [Iwa93] or sputtering on pre-
stressed [Gar99] or patterned substrates [Vro02]. 

The objectives of the research presented in this thesis are the synthesis 
and the explanation of the correlation of the structure and magnetic properties of 
new nanostructured materials. For this purpose two synthesis methods and a 
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large variety of characterization techniques were used. An extensive description 
of the experimental methodology is presented in Chapter 2. 

In the first part of this thesis, we propose a new method for obtaining 
structural refinement of iron alloys. The method is based on phase 
transformation of Fe alloys in the presence of nitrogen. In Chapter 4, we report 
on the manipulation of the microstructure of Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys via 
phase transformations in the Fe-N system. In these systems TiN, respectively 
CrN, precipitates are formed during nitriding (Chapter 3). The influence of these 
precipitates on the phase transformation is discussed. In contrast to other 
methods for grain refinement where the phase transitions are triggered 
exclusively by temperature the use of nitriding/reducing enables a significant 
decrease of the temperature at which the phase transformations takes place. 
Consequently, in this last case the recovery effect of the temperature is 
diminished. Repeated phase transformation in the presence of nitrogen can lead 
to significant grain refinement in a layer with the thickness of several 
micrometers at the surface of a metallic sample. Such a surface layer can exhibit 
interesting mechanical properties like an increased hardness or improvement of 
the fracture resistance. 

The second part of this thesis is dedicated to the study of the 
nanostructure and magnetic properties of reactively sputtered Fe-Zr-N and Fe-
Co-Ta-N thin films. In Chapter 5 a new method is described for fine-tuning the 
structural and magnetic properties of sputtered films. It is shown that the 
reduction of the deposition temperature below RT enables the synthesis of films 
with excellent soft magnetic properties. The best film obtained in this way was 
an Fe58.3Co25Ta1.7N15 film deposited at -10 ºC. The film has a saturation 
magnetization of 17 kG, an anisotropy field of 48 Oe and an FMR frequency of 
2.5 GHz. The HF response of the film is presented in Fig. 1.3 and the hysteresis 
loop in Fig. 7.4. The best Zr-containing film has a saturation magnetization of 17 
kG, an anisotropy field of 27 Oe and an FMR frequency of 1.8 GHz. The film 
was obtained by deposition at -50 °C. The stoichiometry of the film can be 
expressed as Fe81Zr2N17. This film has a similar behavior of the permeability as a 
function of frequency like the one that presented in Fig. 1.3. The hysteresis cycle 
is given in Fig. 7.3. These values of the resonance frequency are sufficiently 
high to make these films good candidates for wireless communication 
applications. Using the deposition temperature as a parameter for controlling the 
grain size and composition of sputtered films leads to an improvement of the 
reproducibility of the soft magnetic properties of the layers. The method offers a 
modality to control the crucial parameter responsible for the high frequency 
response: the induced magnetic anisotropy. 
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The origin of the induced anisotropy in nitrogen containing films is 
discussed in Chapter 6. A quantitative relationship between the nitrogen content 
and the magnitude of the induced anisotropy was found. This relationship can be 
used to predict the maximum value of the induced anisotropy that can be 
obtained in a nanocrystalline film for a given nitrogen concentration. For the 
first time the influence of the presence of induced magnetic anisotropy by 
interstitial nitrogen atoms on the structure of the nanocrystalline materials is 
discussed. The quantitative determination of the magnetostriction and the 
influence of stresses on the soft magnetic behavior of the sputtered films are 
presented in Chapter 7. The relative high values of the magnetostriction (~10-5) 
restrict the applicability of the materials with high induced anisotropy to 
applications where the external variable magnetic field is much smaller than the 
saturation field (<< 50 Oe). Fortunately the materials with lower anisotropy have 
also a lower saturation magnetostriction (~10-6) and because the HF 
requirements of the magnetic recording applications are less restrictive (HK < 10 
Oe at MS = 18 kG) these films are important competitors for the materials used 
presently for pole pieces of writing heads and/or magnetically soft underlayers. 
In Chapter 7 it is shown that also in this type of materials stresses, in addition to 
the effect of the columnar structure, promote a perpendicular magnetic 
anisotropy. This perpendicular anisotropy is usually considered as detrimental. 
However, it requires a closer investigation in order to clarify whether this effect 
can be turned into an advantage by using it as a source of uniaxial anisotropy for 
HF applications. This final observation provides a transition to Chapter 8, where 
a summary of the results is given and a number of conclusions are drawn. In 
addition, possible future extensions of the present research are proposed. These 
could lead to even better materials than presently obtainable. 

 
 



 

 

Chapter 2 

Experimental methods 
 
 
In this chapter the experimental methods are described. First, the synthesis of the 
samples is treated, and then the basics of the analyzing techniques are explained. 
Special attention is given to two techniques: sputter deposition and curvature 
plus magnetostriction measurements, which were especially developed for the 
research presented in this thesis. 

2.1. Sample preparation 

Two synthesis methods have been used in this work: cold rolling and sputter 
deposition. These techniques were both used in attempts to produce micrometer 
thin metallic samples composed of nanometer sized grains. The outcome of 
these attempts will be described further in the thesis. Here, the basic aspects 
important for understanding of the results are explained. Additional thermal and 
magnetic annealing treatments of the samples were performed in a nitriding 
oven. 

2.1.1. Cold rolling 

Cold rolling is a process by which a metal sheet or strip is introduced between 
two rollers and then compressed and squeezed. 

The foils used in this work were obtained by cold rolling metals or 
alloys in a laboratory cold rolling mill using the principle depicted in Fig. 2.1. In 
order to facilitate their manipulation the samples were placed between two 
stainless-steel sheets. The sandwich was passed several times between the 
rotating cylinders keeping the distance between the cylinders constant. Next the 
distance between the cylinders was slightly reduced and then the rolling 
operation was continued. After reduction of the thickness of the foil by about a 
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factor of 5 the foils were cut in pieces of about 4 cm wide. For further thickness 
reduction such a piece was placed, rotated by 90º with respect to the previous 
rolling direction, between fresh stainless-steel sheets. The operations were 
repeated until the desired thickness was obtained. The initial thickness of the 
metal sheets was typically 2 mm. As a result of repeated cold-rolling steps foils 
with thickness between 1 and 16 µm were produced. The thickness of these foils 
is less than 1% of the thickness of the starting material. 

 

Fig. 2.1. The cold rolling process. 

2.1.2. Sputter deposition 

Sputter deposition is a widely used method for the synthesis of high-quality 
functional films [Kel02]. In the basic sputtering process, a target (or cathode) 
plate is bombarded by energetic positive ions generated in a glow discharge 
plasma situated in the front of the target. The bombardment process causes the 
removal, i.e., “sputtering”, of target atoms, which may then condense on a 
substrate as a thin film. The positively charged atoms from the plasma are 
attracted towards the target by the electric field obtained as a result of applying a 
negative potential on the target. If the applied potential is constant in time, the 
process is called DC sputtering. A high flux of sputtered atoms and consequently 
high deposition rates can be obtained if the sputtering apparatus is characterized 
by high ionization efficiency, i.e., a dense plasma. A dense plasma can be 
obtained if one uses a magnetic field parallel to the surface of the sample. The 
magnetic field traps the electrons in helical trajectories which leads to a 
substantial increase of the probability of the occurrence of ionizing electron-ion 

 

metal strip 

roller 
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collisions. Usually, when a magnetic field is present, this is indicated by using 
the term “magnetron”. If in addition to the inert sputtering gas (typically Ar) the 
sputtering atmosphere contains a reactive component (e.g. N2 or O2) we talk 
about reactive sputtering. The complete name of our sputtering device is then 
“DC reactive magnetron sputtering apparatus”. 

 

 
Fig. 2.2. Schematic representation of the sputtering apparatus 

 
The sputtered films investigated in this thesis have been produced in a 

specially designed device (Fig. 2.2). Two electron guns (filaments) are used to 
ignite and control the density of the plasma. Consequently, a high sputtering rate 
(2-6 Å/s) can be obtained at a relatively low operating pressure (10-3 mbar). 

In a typical deposition experiment, the sputtering chamber is first 
evacuated to a pressure of better than 1×10-7 mbar. Next a flow of a gaseous Ar 
+ N2 mixture is established. The dynamic pressure during sputtering is 3×10-3 
mbar. The electrons emitted by the hot W filaments are accelerated by the 
electrodes to energies between 40 and 80 eV. An external magnetic field B of ≈ 
800 Oe is applied parallel to the line connecting the two filaments. The field 
keeps the electrons close to the axis, in a helical motion. The electrons are 
decelerated and reflected at the opposite gun by the negative potential applied on 
the filament. Therefore the electrons travel back and forth a few times, ionizing 
the gaseous mixture, and finally they are absorbed by the grounded electrodes. 
The result is a ribbon-like low-pressure plasma. The plasma has the property that 
the axial conductivity is high while the transversal conductivity is very low. 
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Therefore, when a transversal electrical field is applied in order to extract the 
ions towards the target or the substrate, the plasma ribbon will stay in position. 

As a target we have used metal plates (16 mm x 22 mm) with different 
thickness and composition. In addition, in order to obtain samples with different 
ratio of metallic elements, the plates were partially covered with Zr wires with a 
diameter of 0.5 mm or Ta chips with a diameter of 2.2 mm as described in Table 
2.1. 
 
 
 
 
Table 2.1. Relevant data for the target materials. 
 

Target material Thickness (mm) Additional elements 
Fe 1 - 
Fe-25at% Ni-75at% 0.5 - 
Fe-99at% Zr-1at% 0.4 - 
 0.4 3 Zr wires 
 0.4 7 Zr wires 
Fe-70at% Co-30at% 2 - 
 2 5 Ta chips 

 
Table 2.2. Substrates used for sputter deposition. 
 

Substrate type Thickness (µm) Top layer 
Si (100) or (111) 300 - 
glass 150 - 
Si (100) 1000 Si3N4 
Si (111) 300 permalloy 
Si (100) 1000 Cu 
Si (100) or (111) 300 polymer 
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Fig. 2.3. Si3N4 TEM transparent membrane. 
 
The sputtered samples were deposited on a large variety of substrates 

(Table 2.2). The typical sample size was 8 mm wide and 7 mm long. For planar 
TEM investigations, special Si3N4 windows were used (Fig. 2.3). These 
windows are made by local etching of a Si3N4 covered Si wafer. Also sputtered 
films were obtained by dissolving a Cu or a polymer underlayer (Table 2.2) and 
subsequent floating of the layer on a microscope grid. 

The substrate holder was specially designed in order to facilitate the 
variation of the deposition temperature between typically -60 to +200 ºC. The 
substrates were clamped with a stainless-steel frame against the flat end of the 
holder, a solid block of Cu, facing the target. The cooling was obtained by 
bringing the Cu holder in contact with a reservoir containing liquid N2. The high 
temperatures were obtained by electrical heating. 

As it will be described in the next chapters, the deposition parameters 
have a strong influence on the properties of the sputtered films. Here it is 
important to mention that our sputtering device is a versatile tool, which enables 
the variation of practically all the deposition parameters: substrate temperature, 
pressure during deposition, gaseous composition, voltage on the target or 
substrate, etc.  

2.1.3. Gaseous treatments 

Gaseous nitriding and magnetic annealing experiments were done in a nitriding 
furnace depicted in Fig. 2.4. The furnace is mainly made of Pyrex glass. To 
ensure a constant gas composition at the sample surface, the gas is circulated by 
thermal convection. The sample is loaded on a glass boat attached to a glass rod. 
During the thermal treatments the sample is placed in the “hot position” after the  
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Fig. 2.4. A schematic drawing of the nitriding furnace. 
 

 
oven was filled with the desired gas mixture (NH3 + H2). The parameters of a 
nitriding treatment are time, temperature and the nitriding potential ln RN (RN = 
pNH3/(pH2)3/2, where the pressures pNH3 and pH2 are expressed in Pa). The exact 
composition of the gas mixture before and after the treatment was carefully 
measured using the following procedure: with the sample in the “cold position” 
the oven was filled with the pre-calculated quantity of NH3. Before the pre-
calculated amount of H2 was introduced, the NH3 was frozen on a cold finger, 
cooled by liquid N2, containing Na. After this, the frozen NH3 was evaporated by 
warming up the finger back to ambient temperature. In this way accurate values 
for the mixture composition can be obtained. The Na removes trace 
concentrations of H2O and O2 that could be present in the gas mixture. After the 
treatment the composition of the atmosphere is checked once again. No 
significant change in the nitriding potential during the nitriding process was 
found. 
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2.2. Analyzing techniques 

2.2.1. X-ray diffraction 

X-ray diffraction (XRD) is a non-destructive technique widely applied for 
structural characterization of materials [Cul56]. Various kinds of micro- and 
nano-crystalline materials can be characterized by XRD patterns including 
inorganics, organics, drugs, minerals, catalysts, ceramics or metals. The physical 
state of the materials can be loose powders, thin films or bulk materials. The 
samples investigated by us are in the last two categories: thin films or foils and 
bulk alloys. 

A rich variety of information can be extracted from XRD measurements. 
From the diffraction line parameters, position and shape of the line, one can 
obtain the unit cell parameters and microstructural parameters (grain size, 
microstrain, etc.) respectively. By using the flexibility of a four circle 
diffractometer one can obtain information about the distribution of the 
orientation of the crystallites (texture measurements). 

Standard θ-2θ scans 

The geometry of the XRD measurements is depicted in Fig. 2.5. An X-ray beam 
(Cu Kα, wavelength λ = 1.5418 Å) impinges on a sample and the intensity of the 
scattered beam is measured. 

In order to determine the lattice parameter and the average grain size in 
our samples we have performed standard θ-2θ scans. The parameters of the 
diffraction line: position and width were obtained using the fitting program 
XFIT [Che92]. In XFIT a de-convolution approach to the X-ray line-profile is 
used, based on the method developed by Wilson [Wil6] and Klug [Klu74]. Three 
functions are used in the fitting procedure for the de-convolution of an 
experimental diffraction line: the Cu Kα emission profile, a function describing 
the diffractometer broadening and a function containing the physical variables of 
the specimen (average grain size and/or micro-strain). We have checked the 
magnitude of the contribution of the instrument to the broadening of the 
diffraction lines using Si wafers. We have found that this contribution is much 
smaller than that of our nanocrystalline samples. Consequently, we have 
assigned the entire broadening of the experimental line to effects due to the 
specimen. Moreover, both the rolled foils and the sputtered films were found to 
be highly textured, leading to only a few reflections visible in normal θ-2θ scans. 
Usually these lines could be fitted using Lorentzian functions, suggesting that 
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the main contribution to the broadening of the line is due to the reduced size of 
the crystallites. Under these conditions the observed profile was fitted with a 
convolution of the emission profile of the Cu Kα radiation and a Lorentzian. The 
relation between the average crystallite size (CS – in Å) and the full width at half 
maximum (FWHM – in rad) of the Lorentzian is given by the formula: 

 

θ
λ

cosFWHM
CS =  

 
where λ = 1.54056 Å. 

 

Fig. 2.5. Geometry of the XRD measurements. 
 

In this approach, we have neglected other sources of the broadening like 
inhomogeneous stress fields. However, as will be shown in Chapter 5, there is a 
remarkable good agreement between the CS extracted from XRD and direct 
Transmission Electron Microscopy (TEM) grain size determination. The 
importance of the XRD technique is due to the fact that by a simple 
measurement and interpretation we obtain a parameter describing an average 
property of the microstructure. 
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The lattice parameter (d) was obtained from the line position using the 
well known Bragg formula [Klu74]. 
 

λθ =sin2d  
 
The XRD measurements were performed in a conventional 

diffractometer. 

Texture measurements 

Texture measurements are used to determine the orientation distribution of 
crystallites in a polycrystalline sample. A material is called textured if the grains 
are aligned in a preferred orientation along certain directions. One can view the 
textured state of a material (typically in the form of thin films) as an 
intermediate state in between a completely randomly oriented polycrystalline 
powder and a completely oriented single crystal. The texture is usually 
introduced in the fabrication process (e.g. rolling of thin sheet metal, deposition, 
etc.) and affects the material properties by introducing structural anisotropy.  

The result of a texture measurement can be plotted in a pole figure. This 
is often represented in polar coordinates consisting of the tilt (ψ) and rotation (φ) 
angles with respect to a given crystallographic orientation. A pole figure is 
measured at a fixed scattering angle (constant d spacing) and consists of a series 
of φ-scans (in- plane rotation around the center of the sample) at different tilt or 
ψ -(azimuth) angles (Fig. 2.5). The pole figure data are displayed as contour 
plots or elevation graphs with zero angle in the center. 

The texture measurements were performed using a Philips X’Pert 
diffractometer. 

2.2.2. Rutherford backscattering spectroscopy 

Rutherford Backscattering (RBS) is a technique used for the analysis of 
materials in order to determine the depth distribution of the elements present in a 
given sample [Han95]. Usually RBS is used for depth profiling of heavy atoms 
(Z≥10). In RBS a beam of H+ or He+ ions, with typical energies in the 1-4 MeV 
range, bombards the sample. The beam particles backscattered from the sample 
are detected and their energy is analyzed [Tes95]. The interaction between an 
ion from the beam an atom from the sample, in the energy range used, is 
governed by the Coulomb repulsion between the two nuclei. The energy transfer 
between the particles in this elastic collision is calculated by applying the 
principles of conservation of energy and momentum. While traveling through 
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the sample the beam particles experience an energy loss due to inelastic 
collisions with the electrons in the sample. For ions with energies in the keV 
range or higher the deflection and the electronic collisions can be treated as 
separate problems. An additional approximation is usually applied in the RBS 
analysis: the single scattering approximation. In this approximation is assumed 
that an ion arriving in the detector has undergone only one large-angle 
scattering. Since the propagating direction of the ion is hardly affected by the 
collisions with the electrons, the trajectories of the ions can then be considered 
straight to a good approximation. Based on this approximation the following 
calculations can be made: 

• the ratio of the energies of the backscattered particle after and before 
the collision is given by the kinematic factor and it is determined 
only by the mass ratio of the projectile and target atoms and the 
scattering angle. As a consequence the atoms in the target can be 
identified by measuring the maximum energy of the backscattered 
particles; 

• the yield of the backscattered atoms is proportional to the 
Rutherford cross-section. The yield can then be related to the areal 
density (atoms per unit area) of the elements in the sample; 

• using tabulated values for the energy loss of the ions, the energy 
scale can be translated into a depth scale for each element. 

Near the surface the depth resolution is determined by the energy 
resolution of the detector. The Si detectors used in this work have an energy 
resolution of 15 keV, yielding a depth resolution of about 50 Å for a 
backscattering angle of 165º. At larger depths, the resolution decreases by the 
straggling effect. Straggling occurs as a result of the statistical distribution of the 
number of interactions experienced by the incoming and outgoing particles 
inside the target. 

In the present investigations RBS measurements were done in a high-
vacuum chamber with a base pressure of better than 10-8 mbar. A He+ beam with 
an energy between 1 and 2 MeV was used. The backscattered ions were detected 
simultaneously with three silicon surface barrier detectors at 105, 135 and 165º 
scattering angles. The samples were mounted in a two-axis goniometer with long 
range reproducibility and accuracy of better than 0.1º. Additionally, the sample 
holder can perform translation movements in two perpendicular directions in 
steps of 0.1 mm. This facility was used for the determination of the lateral 
distribution of the thickness of the sputtered samples. The complete analysis of 
the RBS spectra was performed using the computer program “Nuclear Data 
Furnace” (NDF) developed at the University of Surrey [Bar97, Bar98].  
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2.2.3. Elastic recoil detection 

Elastic recoil detection (ERD) is an ion beam analysis technique for quantitative 
determination of light elements in solids [Han95]. The sample to be analyzed is 
irradiated with an ion beam with an energy of some tens of MeV. Light elements 
(1≤Z≤9) are recoiled in forward directions and are detected with a dE-E 
telescope. With this detector, the specific energy loss that is proportional to the 
atomic number and the total energy loss can be measured. In this way, signals 
due to different elements are separated directly and quantitative depth profiles 
can be made for each element separately. For quantitative analysis standard 
calibration samples (e.g. Si3N4) are used. The combination of RBS and ERD 
offers a unique tool for the complete analysis of the concentration depth profiles 
in thin layers. 

2.2.4. Mössbauer spectroscopy 

Mössbauer spectroscopy (MS) is used to get information on the local 
environment of nuclei [Gre71]. In contrast to XRD, it also provides information 
on compounds that do not exhibit long-range order (poorly crystalline or 
amorphous materials). The technique is based on the Mössbauer effect, i.e. for 
nuclei placed in a solid there is a certain probability that the emission or 
absorption of a γ-ray photon takes place recoilless, i.e. without absorption or 
emission of a phonon. For the MS measurements presented in this work we used 
absorption into and emission from the first excited state at 14.4 keV of the stable 
isotope 57Fe. The energy distribution of the emitted radiation can be 
approximated by a Lorentzian with a FWHM of 4.7 10-9 eV. In Fe at RT the 
recoilless fraction is of the order of 0.75. For the samples investigated in this 
thesis the 57Fe isotope is present in its natural abundance, i.e. 2%. In the case of 
57Fe spectrometry the recoilless 14.4 keV quanta are emitted by an excited 57Fe 
nucleus obtained from the decay of its parent 57Co (half time = 270 days). The 
radioactive 57Co atoms are embedded in a heavy matrix (Rh) to ensure a high 
recoilless fraction. 

The γ quanta could be resonantly absorbed by the 57Fe atoms present in 
the sample to be investigated. However, due to interaction between the nucleus 
and the surrounding electrons (hyperfine interactions) small shifts or splittings of 
the nuclear levels in the absorber are present. The so-called isomer shift reflects 
the fact that the energy of the nucleus depends on the electron density at the 
nucleus and the energy shift is different for the ground and excited states. The 
shift depends on the environment of the nucleus and thus on the type of material. 
A splitting arises by the interaction between the quadrupole moment of the 
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nucleus and the gradient of the electric field at the nucleus (quadrupole 
interaction) caused by the surrounding electrons or through the coupling 
between the nuclear magnetic moment and the magnetic field at the nucleus 
(magnetic hyperfine interaction). The shift and/or splitting due to these hyperfine 
interactions are larger than the natural line width of the 14.4 keV line. However, 
they are of the same order of magnitude as shifts in the γ-ray energy that can be 
introduced via the Doppler effect by moving the emitter with respect to the 
absorber. By measuring the resonant absorption as a function of the relative 
velocity a Mössbauer spectrum is created. The hyperfine parameters: isomer 
shift, quadrupole splitting and hyperfine field can be extracted from 
experimental Mössbauer spectra, taking into account the emission spectrum of 
the source, which consists of a single line. By comparing with tabulated data, the 
environment of the absorbing atom can be determined. Often nuclei in the 
sample have different surroundings leading to a complicated spectrum which has 
to be decomposed. The spectra presented in this work where analyzed using a 
computer code (MCTL) developed in our laboratory. 

The Mössbauer spectra were obtained using a constant acceleration 
spectrometer in conjunction with a 1024 multichannel analyzer and a 20 mCi 
radioactive 57Co(Rh) source. The foils were measured in transmission mode. In 
transmission γ-rays are counted and the recoilless absorption is observed as dips 
in the spectrum. The thin sputter deposited layers were measured by a technique 
called Conversion Electron Mössbauer Spectroscopy (CEMS). In this technique 
the electrons emitted by internal conversion during the decay of the exited 
absorber nuclei are recorded. The recoilless absorption is revealed as peaks in 
the spectrum. 

2.2.5. Scanning electron microscopy 

The morphology of the films in cross-section was investigated using the 
scanning electron microscopy (SEM) technique. In SEM a finely focused 
electron beam scans the sample along closely spaced lines. As a result of the 
interaction between the electron beam and the specimen secondary plus 
backscattered electrons and X-rays are produced [Wel74]. Using special 
detectors, a variety of signals can be generated giving specific information about 
the irradiated volume. The maximum lateral resolution can be obtained by using 
secondary electrons. These electrons have a low energy (1-50 eV) and 
consequently only the electrons generated close to the surface (<10 nm) will 
escape and contribute to the signal. Under these conditions, the resolution is 
practically given by the electron beam size at the surface of the specimen (5-10 
nm). 
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2.2.6. Transmission electron microscopy 

Transmission Electron Microscopy (TEM) is a versatile tool capable of 
characterizing the internal structure of a wide variety of materials [Wil96]. This 
characterization includes not only the imaging of the microstructure directly but 
at the same time, the identification of the phases present in the specimen by 
either electron diffraction or spectroscopic chemical analysis. The results 
obtained from a typical TEM characterization of materials allows a better 
understanding of the relation between the microstructure and properties. 

Three types of electron microscopes were used for investigation of the 
samples: JEOL 200 CX, JEOL 4000 EX/II and JEOL 2010 FEG. 

There is a rich variety of operation modes of the electron microscope. 
The Bright Field (BF) mode is commonly used to image grain and defect 
structures within materials. It can also reveal second phases such as precipitates 
or inclusions. Similar in purpose to the BF technique, the Dark Field (DF) 
imaging mode makes use of the specific Bragg diffracted electrons to image the 
region from which they originated. The DF mode enables the link between the 
crystallographic information and specific regions or phases in the sample. The 
primary purpose of the electron diffraction technique is to identify the crystal 
structure of the materials under investigation. By placing an aperture in the 
image plane, then projecting the diffraction pattern of that image onto the 
recording plate, one obtains the Selected Area Diffraction technique. Using the 
technique called Lorentz Microscopy it is possible to obtain images with the 
contrast given by the variation of the direction of the magnetization in the 
specimen. Most of the TEM characterization experiments are done on static 
structures. However the modern microscopes have the capability to observe 
structures under dynamic conditions. Using an in-situ heating unit (T < 800 K) 
the evolution of the morphology of the sample during a thermal treatment can be 
monitored. 

The JEOL 2010 FEG can be used also as an Orientation Imaging 
Microscope (OIM). The OIM is based on a special operation mode called 
Circular Scan (CS) [Tsl02]. Circular Scan combines DF imaging, hollow cone or 
conical scan microscopy and automated interrogation of DF images. This 
automated procedure replaces traditional tedious and time-consuming manual 
methods for obtaining nanocrystalline grain size information. Areas analyzed 
can include hundreds of grains, depending on the TEM magnification selected. 
In the CS mode, multiple dark field images are collected by rotating the beam 
around the diffraction rings arising from the sample. Each dark field image is 
then recorded along with the beam conditions. The resulting data can be used to 



  Chapter 2 26

reconstruct a spot pattern for any given point in the field of view. Once a 
reconstructed spot pattern is formed, the orientation can be calculated. 

 

Fig. 2.6. Block diagram of the VSM  
 

2.2.7. Vibrating sample magnetometry 

The suitability of a magnetic material for a particular application is determined 
principally from its magnetic hysteresis loops [Chi95]. The loops can be 
measured by using a Vibrating Sample Magnetometer (VSM). A schematic view 
of such a device is shown in Fig. 2.6. A DC magnetic field is used to magnetize 
the sample. The magnetization of the sample creates a magnetic stray field. As 
the sample vibrates between a pair of pick-up coils, an AC voltage with the same 
frequency and proportional to the magnetization of the sample is induced in the 
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coils. A lock-in amplifier is used to provide the oscillation frequency and to 
detect the signal. The DC magnetic field is varied in steps. For each value of the 
applied field, the magnetization of the sample is measured resulting in the so-
called magnetization or hysteresis loops. The applied field is measured using a 
Hall probe. The system is calibrated using magnetic materials with known 
saturation magnetization, e.g. Ni. The sensitive instrument is well suited for 
studies of soft magnetic films, and allows measurements of the magnetization of 
films with a thickness as low as ~ 10 nm. 

2.2.8. Impedance analysis 

The frequency dependence of the magnetic permeability of the thin films was 
determined using a Vector Impedance Analyzer with a strip-loop fixture similar 
to that described in [Kor96]. The sample (4.5 mm x 4.5 mm) is placed in the 
copper strip-loop fixture connected to the reflection port of an impedance 
analyzer. The loop is used both to generate the excitation field and to detect the 
response of the sample. The impedance of the loop is measured and converted 
into spectra giving the complex permeability as a function of frequency of the 
sample using the procedure described in [Cra03]. 

2.2.9. Curvature and magnetostriction measuring device 

Stress and magnetostriction are two important phenomena influencing the 
behavior of thin magnetic films [Nix85]. Via the magnetoelastic coupling 
stresses can produce additional anisotropy while via the inverse magnetoelastic 
effect external magnetic fields can produce macroscopic stresses on the films. 
Usually the magnetoelastic effects produce undesired losses and, consequently, 
the soft magnetic materials should be characterized by low magnetostriction and 
reduced levels of stresses. However, there are applications based on the 
magnetoelastic effects like magnetoelastic sensors. In this case, it is desired that 
the magnetostriction and stresses are quantified. Therefore, the quantitative 
characterization of stresses and magnetostriction is a very important issue in 
understanding the behavior of thin magnetic films. 

When deposited on a relatively thin substrate the stress in the film 
produces a small curvature of the substrate. The film stress σS is then calculated 
from the sample curvature R by applying Stoney’s formula [Web94]: 
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Fig. 2.7. Ray paths for the curvature determination. A motion of the reflected beam 
indicates substrate curvature. 
 
where ES, νS and tS represent Young’s modulus, Poisson ratio and the substrate 
thickness respectively, whereas tF is the film thickness. 

The technique proposed in this thesis for measuring the stress of thin 
films is based on the determination of the associated curvature of the substrate 
(Fig. 2.7). A laser beam, transmitted via a rotating mirror and a lens, sweeps the 
surface of the sample and is reflected back to a split photodiode (position 
sensitive photodetector). The rotating mirror and the detector are placed in the 
focal plane (FP) of the lens. Therefore, if the sample is flat, the reflected beam 
will stay on the same spot on the detector. If the sample is curved the beam will 
sweep the surface of the detector. For determination of stresses the sample 
simply lies on a horizontal flat surface. 

If the same sample is fixed as a cantilever and a rotating magnetic field, 
large enough in order to saturate the sample, is applied in the plane of the film 
the magnetostriction will produce periodic stress variations in the film leading to 
periodic deflections of the end of the cantilever. The magnetostriction is 
calculated using the formula [Web94]: 

 
 

 



Experimental methods 29

Fig. 2.8. Schematic representation of the cantilever principle. 
 
 

 
Fig. 2.9. Schematic representation of the principle of measuring the deflection of the 
cantilever. 
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where EF and νF represents Young’s modulus and, respectively, the Poisson ratio 
of the film, l represents the distance between the clamping point and the laser 
spot on the cantilever and ∆ is the maximum deflection of the sample at the 
position of the laser beam (Fig. 2.8). 

The relationship between the focal distance (F) of the lens, the 
displacement (D) of the spot on the detector due to the magnetostriction, the 
distance clamp-spot (l) and the end deflection (∆) of the cantilever is given by 
(Fig. 2.9): 

 

F
D

l
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We have used a lens with 0.5 m focal length. The rotating mirror was 

driven by a piezo crystal. Calibration relating the voltage applied on the piezo 
and the sweeping distance was done before the stress measurements. The usual 
sweeping distance used was about 200 µm. We have used a split photodiode as a 
position sensitive detector. The detector was mounted on a micrometer screw for 
calibration purposes. 
 
 
 



 

 

Chapter 3 

Precipitate formation in low-temperature nitrided 
cold-rolled Fe94Ni4Ti2 and Fe93Ni4Cr3 films*. 
 
 

3.1. Introduction 

Since the early 30’s, the effect of nitrides in a metal matrix on the hardness, 
durability and other useful properties of iron alloys has been an important field 
of interest. It was realized that an increase in hardness was due to a very fine 
dispersion of nitrides of alloying elements, that distorted the crystal lattice of Fe 
so much as to lead to slip interference [Fry32], i.e., to the interaction of 
dislocations with coherency strain fields around precipitates. The microstructure 
of Fe alloys before and after nitriding has been studied intensively in the past 
decades, specifically with the advances in transmission electron microscopy 
(TEM). It has been concluded from early TEM and X-ray diffraction (XRD) 
studies that, due to a large affinity to nitrogen, some of the alloying elements, 
like Cr [Phi68, Mor72], Ti [Kir74, Jac76, Pod81, Ric83, Ric86a], V [Pop73, 
Yan84], or Mo [Spe70, Dri73] easily form thin and stable precipitates on the 
{100} faces of the bcc Fe-lattice and, thus, influence the mechanical properties 
of the alloy. The reported thickness of the precipitates varies from one 
monolayer to tens of nanometers. However, the initial stage of precipitate 
formation is still under debate. In publications of the Newcastle researchers 
[Spe70, Jac72, Kra75, Ric86b, Ric86c] a substitutional-interstitial pre-
precipitation phase Fe-M-N is assumed to occur in a nitrided Fe-M alloy before 

                                                      
* Published as “Precipitate formation in low-temperature nitrided cold-rolled Fe94Ni4Ti2 
and Fe93Ni4Cr3 films”, N. G. Chechenin, A.R. Chezan, C.B. Craus, D. O. Boerma, P.M. 
Bronsveld, J.Th.M.De Hosson and L. Niesen, in Metallurgical and Materials 
Transactions A, 33A (2002) 3075. 
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a stable MN phase precipitates, where M = Cr, Ti, V, Mo, are alloying elements 
in a concentration below ~5 at.%. Such embryonic precipitates are local 
inhomogenieties, called mixed clusters or Guinier-Preston (GP)-zones. There are 
doubts, however, if such zones have really been observed [Kir74, Som89] and 
whether the idea of such clusters is necessary to explain the experimental 
observations. 

Another uncertainty in the process of precipitate formation is whether, 
or under what conditions, the precipitates are located at the grain boundaries or 
in the bulk. A discontinuous (at the grain boundaries) precipitation of CrN has 
been observed [Hek85] in thick FeCr (1.9 and 3.6 wt% Cr) samples, nitrided in 
the α-region of the Lehrer diagram [Leh30] at 560 ºC. Also the growth of CrN 
precipitates at grain boundaries has been reported for alloys containing more 
than 5wt.% Cr, nitrided at 600 ºC [Mor72]. Precipitation at grain boundaries has 
a negative effect of reducing the hardness and increasing brittleness of the 
nitrided samples. Cold-working prior to nitriding was shown to prevent the 
formation of precipitates at the grain boundaries and to enhance the mechanical 
properties for a nitrided Fe-Ti (0.18 wt %) alloy [Ric83]. 

The fcc precipitates CrN and TiN are found to follow the Bain 
orientation relationship (OR) with the bcc matrix, namely, (100)bcc//(100)fcc 
and [001]bcc// ]101[ fcc. The misfits at the interface plane (100), ||ε  = (aMN/√2- 
aαFe)/ aαFe = 0.046 (TiN) and 0.0204 (CrN), are small, but in the perpendicular 
direction the misfits, 1/1,⊥ε  = (aMN - aαFe)/ aαFe = 0.48 (TiN) and 0.45 (CrN), are 
large. Two units of α-Fe lattice match with one fcc unit somewhat better, and 
three units of α-Fe match well with two fcc units, as shown in Table 3.1. 
Nevertheless, the average fit to metal atoms is poor in the perpendicular 
direction. The large difference between parallel and perpendicular misfits 
promotes plate-like shapes of the (semi-)coherent precipitates. 

Our approach to the subject of precipitate formation differs from the 
previous ones in several aspects, namely, in sample preparation (thin foils, 99 % 
reduction in thickness by cold rolling without annealing before nitriding), in 
nitriding (lower temperatures, precise control of the nitriding conditions), and in 
the combination of analyzing techniques, which include micro-balance 
weighing, Mössbauer spectroscopy (MS), XRD and TEM. Based on these 
observations, the present results provide additional clues about precipitate 
formation in steels. In this paper, a model of formation and evolution of 
precipitates is presented that explains contrasting observations on matrix 
dilations and nitrogen uptake for the nitrided Ti- and Cr-containing alloys. The 
results provide supporting evidence for the formation of GP-like clusters of Fe-
Ti-N in an early stage of nitriding. There is, however, no evidence for the 
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formation of GP-zones in Fe-Cr-N. Throughout, the influence of the Ni present 
in our samples has not been considered. Because the Ni is atomically dissolved, 
and has an interaction with N that is even weaker than the interaction between N 
and Fe, we believe that the influence of Ni on the precipitation processes is 
minor. 

3.2. Experimental 

3.2.1. Specimen preparation 

Slices (0.5mm thick) of bulk Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys were polished and 
chemically cleaned prior to cold-rolling in two perpendicular directions down to 
a foil thickness of 1-6 µm. A high temperature annealing was not applied, 
neither before or after rolling. Therefore, a severe pile-up of defects, induced by 
such a strong plastic deformation, was assumed to be in the samples prior to the 
nitriding. Subsequently, foils were nitrided during a period between 1 and 24 h 
at a temperature in the range 300-600 ºC in a clean closed oven, described in 
[Mar00], with a gaseous mixture of NH3 + H2 of 1 atm circulating by 
convection. Usually nitriding at low temperatures near 300 ºC is hampered by 
the presence of trace amounts of oxygen or water in the system, causing 
oxidation rather than nitriding. By continuously leading the gas over sodium 
metal, this problem is not present in the system we used. The partial gas 
pressures and the temperature were controlled with an accuracy of 1mb and 1ºC, 
respectively. The process is called α-nitriding (αN), because the temperature T 
and nitriding potential RN = ln [p(NH3)/p(H2)3/2], where the pressures of 
ammonia, p(NH3), and hydrogen, p(H2), are in Pascals, correspond to the α-
region of the Fe-N Lehrer phase diagram [Mar00, Leh30, Mar02] (Fig. 4.1), 
where no formation of stoichiometric Fe-nitrides is expected. After nitriding, 
some of the samples were reduced in a hydrogen atmosphere at T = 300-700 ºC. 

3.2.2. Characterization techniques. 

The nitrogen content in the foils was determined by weighing, using a Mettler 
Instrumenten MT5 electronic balance with a precision of 1 µg. The phase 
composition and texture in the samples were characterized by XRD, using a 
Philips PW1710 spectrometer for θ-2θ scans. Mössbauer spectrometry was used 
to characterize the local environment of Fe atoms in the lattice. Conventional  
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Fig. 3.1. Streaking in DP for Fe93 Ni4 Cr3. Nitriding was in the α-region of the Lehrer 
diagram: a) 400 0C, 24 hours, RN= -6.5, b) 500 0C, 2 hours, RN= -7.3, c) 600 0C, 1 h, RN= 
-8.1, in a multi-crystallite area. Streaking was not observed after nitriding at 300 0C. 
 
TEM was performed with a JEOL 200CX microscope using an accelerating 
voltage of 200 kV. High-resolution TEM (HRTEM) was carried out with a 
JEOL 4000EX/II electron microscope with an accelerating voltage of 400 kV. 
Before inspection in TEM, the samples were thinned by two-beam Ar+-ion 
milling until perforation. After milling, the samples were exposed to air for a 
period of less than 5 minutes. Nevertheless, in some cases, oxidation of the 
surface was observed in TEM diffraction patterns (DP). The results of positron 
annihilation, carried out on selected samples, are in a good correspondence with 
the present results and have been published elsewhere [Che01a, Che01b]. 
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3.3. Results 

3.3.1. Characterization of the shape and size of precipitates 

Nitriding of Fe93Ni4Cr3 and Fe94Ni4Ti2 - samples in the region below the γ′/α or 
γ/α borders in the Lehrer diagram leads to the formation of MN precipitates, 
leaving the matrix in the bcc or in the bct structure, as has already been 
discussed in section 3.1. The platelets, coherently grown on {100} cube faces of 
the α-Fe lattice, with a thickness of one to several monolayers appear as {200}-
streaks in the TEM DP, see Figs. 3.1-3, in accordance with the Bain OR. The 
length of the streaks is inversely proportional to the thickness of the precipitate 
(see, Appendix) so when the thickness is more than a few lattice parameters, the 
length of the streaks becomes too small to be observed. The TEM-observations 
of the various stages of precipitate formation can be summarized as follows. 

Streaking in Fe-Ni-Cr samples was observed after 24 hours of nitriding 
at 400 ºC, Fig. 3.1a. At shorter times or lower temperatures, the streaks are too 
faint to be observed, while at 400 ºC, t = 42h the streaking was already quite 
intense. At 500 ºC the streaking was observed after 1h α-nitriding (Fig. 4b in 
[Che00]), and after 2h it was present all through the diffraction pattern, Fig. 
3.1b. 

Fig. 3.1c illustrates that the streaking in the case of Fe-Ni-Cr samples is 
relatively strong, i.e. even in areas with multiple crystallite orientations. The 
sample was nitrided at 600 ºC for 1 hour. The DPs are shown for an area 
containing three major crystallites with [001] orientation, slightly rotated with 
respect to each other. As it will be discussed in section 3.4, the fact that the 
streaking is pronounced and strictly follows the crystallite orientation proves that 
at the given conditions in the Cr-containing alloys the precipitates still form as 
thin platelets in the grain interiors and not (only) at grain boundaries. 

Further, a more careful inspection of the streaks in Fig. 3.1c showed that 
the smooth variation of the streak intensity is peaked not in {200} α-Fe spots, as 
in Fig. 3.1a and b, but at positions which correspond to {200} reflections for the 
CrN lattice. We conclude, that platelets in the sample nitrided at 600 ºC for 1h 
are thick enough to start producing their own {200} CrN reflections, though still 
too thin to generate sharp spots. From the length of the streaks we estimate the 
average thickness to be h ≈ 6d{200}CrN ≈ 1.2 nm under these nitriding conditions. 
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Fig. 3.2. Streaking in DP for Fe94Ni4Ti2. Nitriding conditions were: a) 300 0C, 21h, RN = 
-5.08, b) 400 0C, 20h, RN = -6.78, c) 500 0C, 1h, RN = -7.3. d) 300 0C, 21h, RN=-5.08 and 
then reduced at 600 0C, 16h, in H2 atmosphere, Compared with the Cr-alloy, streaking in 
the Ti-alloy starts at a lower nitriding temperature and time, but is weaker and more 
diffuse. Reduction at 600 0C makes the streaking sharper. 
 
 
 
 

 



Precipitate formation 37

 

 
Fig. 3.3. HRTEM image of TiN precipitates (in the areas encircled by white lines) in the 
α-Fe matrix. The sample was α-nitrided at 400 0C, 2h and then reduced at 600 0C, 5h. 
The background is due to the fringes of {110} α-Fe planes within [001]-pole image. The 
precipitates are of intermediate size and follow the Bain OR. Note that the thickness and 
the width of the precipitates are comparable. 
 

The streaking in Fe-Ni-Ti-samples appeared at lower temperature-
shorter time conditions than in the Fe-Ni-Cr case, see Fig. 3.2a,b. Faint traces of 
diffused streaking were observed even at T = 300 ºC, t = 1h. Surprisingly, the 
streaks were usually much less intense (see Fig. 3.2c and Fig. 3.1a). Even at 500 
ºC, Fig.3.2d, the streaking in Fe-Ni-Ti-samples was relatively faint. The lower 
temperature-shorter time onset of precipitate formation for TiN as compared to 
CrN correlates with the larger (negative) free energy of TiN formation. 
However, the diffuseness of the streaking due to TiN-precipitates is not what one 
would expect. It is also interesting to note that after reduction in a hydrogen 
atmosphere at 600 oC the streaking becomes sharper, compare Figs. 3.2a and 
3.2d. The appearance of the streaks is analyzed in the Appendix. From the width  
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Fig. 3.4. (a) DF image, taken with g2= g(110)αFe in the [001]-zone area of a Fe-Ni-Ti-N 
sample, showing parallel fringes. The sample was α-nitrided (400 0C, 1h, RN = - 6.8) and 
then reduced (700 0C, 2h, pure H2). (b) A schematic drawing of TiN precipitate in the α-
Fe matrix, illustrating the origin of the moiré effect. 
 
 

(a) 

(b)
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Table 3.1. 
 

Interface aMN, nm 
1)ε// 2)ε⊥,1/1

 3)ε⊥,1/2
 4)ε⊥,2/3 OR 

TiN/αFe 0.424 0.046 0.48 -0.26 -0.015 (100)bcc//(100)fcc, 
[001]bcc//[011]fcc 

CrN/αFe 0.414 0.0204 0.45 -0.28 -0.039 (100)bcc//(100)fcc, 
[001]bcc//[011]fcc 

 
1) ε// = (aMN /√2 – aαFe)/aαFe 
2) ε⊥,1/1 = (aMN – aαFe)/aαFe 
3) ε⊥,1/2 = (aMN – 2aαFe)/2aαFe 
4) ε⊥,2/3 = (2aMN – 3aαFe)/3aαFe 
 
Table 3.2. Nitrogen uptake in the Fe93Ni4Cr3 foils and the lattice parameter of the bcc-
matrix. 

 
Smpl ID Treatment 1) [N], 

at% 
[Cr]at, 
at% 2) 

[N]ex, 
at% 3) 

a(shift), 
nm 4) 

a(unshift), 
nm 5) 

as-rolled as-rl 0 2.8 0 0.2873 0.2873 
Cr1 300C,50h,-5.55 0.66 2.7 0.5 0.2873 0.2873 
Cr2 400C,24h,-6.5 3.26 0.5 0.9 0.2891 0.2876 
Cr3 500C,1h,-7.34 4.28 0 1.6 0.2892 0.2876 
Cr4 550C,1.3h,-7.62 3.25 0 0.5 0.2892 0.2872 
Cr5 600C,0.5h,-8.06 2.99 0 0.3 0.2872 0.2872 
 
1) Indicated are temperature, treatment time and RN 
2) Concentration of atomically dissolved Cr, estimated from MS-spectra. 
3) Concentration of excess nitrogen, estimated with the correction included for “free” Cr 
atoms, Eq. (2). 
4) Lattice parameters of bcc-matrix, obtained from shifted component of (222) bcc line. 
5) Lattice parameter from unshifted component. 
 
of the streaks we conclude that the TiN precipitates are small particles 0.2-0.3 
nm thick and 1.5 nm wide, i.e. containing only ~30-50 Ti-sites. This is in 
accordance with [Pod81] who also estimated about 50 TiN molecules per 
platelet. The CrN precipitates are also platelets of a thickness between 0.2 and 
1.2 nm thick, depending on the treatment, but with larger lateral dimensions 
because they produce narrow streaks. In section 4, we argue that these 
observations indicate a difference in the kinetics of precipitate formation, 
leading to a different shape and size of the TiN and CrN precipitates. 
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Direct observation of thin platelets in HRTEM as coherent or semi-
coherent particles is difficult for several reasons: a) a small size, b) a small misfit 
in the major interface plane (see Table 3.1), c) a large concentration of residual 
defects, d) a small difference in atomic mass compared to the matrix, e) 
interference with an Fe3O4 oxide layer at the surface. Imaging with HRTEM of a 
precipitate has already been demonstrated for a CrN precipitate, oriented with its 
habit (100)CrN plane parallel to the (100) α-Fe plane and (011) CrN || (001) α-
Fe normal to the e-beam direction [Che01a,b]. In Fig. 3.3, a HRTEM image is 
shown for a nitrided and reduced Fe-Ni-Ti sample (400 oC, 2h, RN= -6.8 + 600 
°C, 5h, H2). The overall feature of the figure is the fringes of the {110} α-Fe 
planes seen in the [001] orientation, which compose the background of the 
figure. The areas marked by white lines contain particles, which were ascribed to 
TiN precipitates with intermediate lateral dimensions (1.5 nm × 5 nm for the 
largest one), oriented with the (001) α-Fe/TiN interface plane normal to the 
electron beam direction. The continuity of the {110} fringes suggests that the 
precipitates are coherent. However, the structure inside and around the 
precipitate is distorted. By its upper left corner, the largest precipitate is attached 
(pinned) to a large defect. Though the shape of the precipitate is difficult to 
define, due to the diffuseness of the boundary, it is evident that its thickness and 
the width (both in the plane of the image) are comparable. 

Reduction of the nitrided samples leads to a (partial) removal of the N 
from the matrix, whereas the N in the precipitates of the alloying element 
remains. This may result in a loss of coherency between the matrix and 
precipitates and in a relaxation of misfit stress. Such a relaxation favors the 
observation of precipitates, using moiré patterns. The loss of coherency is 
enhanced at higher annealing temperatures when the small TiN precipitates grow 
in size. In Fig. 3.4a a dark field image is shown, taken with g(110)αFe at 105 (100k) 
magnification of an area with a [001] zone axis in a sample which was α-nitrided 
(400 ºC, 1h, RN = -6.8) and then reduced at the relatively high temperature of 
700 ºC for 2h in pure H2. The TiN precipitates are observed as parallel moiré 
fringes, indicating a preferred orientation with respect to the α-Fe matrix. The 
periodicity of the moiré fringes was 0.9 nm. At a higher magnification of 500k, a 
HRTEM pattern (not shown) of this same sample clearly demonstrated the (110) 
planes of α-Fe, similar to the fringes in Fig. 3.3. Direct comparison of the 100k 
and 500k images indicated that the moiré fringes were rotated over an angle of 
36º with respect to the α-Fe (110) plane fringes, which can be explained as 
follows. We expect that TiN precipitates are arranged according to the Bain OR, 
Table 3.1. In the schematic drawing of Fig. 3.4b the beam direction B is parallel  
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Fig. 3.5. XRD-spectra for the Ti-alloy α-nitrided at 500 0C and annealed at 1000 0C in 
vacuum. Note the 3D TiN precipitate reflection. 

 
to the [001] direction of the α-Fe matrix. The platelets can grow with their 
interface plane either parallel or perpendicular to B. In the former case the beam 
is, for example, parallel to the [ 011 ] direction in the TiN precipitate. In this 
geometry, the (110) plane of the matrix with a d-spacing of 0.203 nm makes an 
angle of 9.74° with the (111) plane of the precipitate with a d-spacing of 0.245 
nm. Moiré fringes are determined by the reciprocal vectors, g1 (110 α-Fe) and g2 
(111 TiN): the spacing is dM = 1/|g1-g2| and the angle of rotation is γ = sin-1(sin α 
g2/|g1-g2|). The calculated values of the fringe distance and the rotation angle: dM 
= 0.88 nm and γ = 37.7°, are in a good agreement with the experimental 
observations, which proves that the observed moiré fringes are indeed due to the 
presence of precipitates with the lattice parameter of bulk TiN and with their 
planes parallel to the beam, i.e. perpendicular to the surface. 

The number of fringes is determined by the thickness of the precipitates; 
their length is given by the lateral size. Most of the precipitates give 1-2 fringes, 
though some have as many as 4-5. Their mean length is about 15 nm. From these 
observations we estimate an average size of about 2nm × 15nm. 
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Fig. 3.6. (a) MS spectrum of the Ti-alloy after cold rolling: component (1) corresponds 
to matrix atoms considered as a mixture of Fe and Ni atoms, component (2) corresponds 
to iron atoms having one Ti atom in the first two coordination shells. (b) After α-
nitriding at 400 ºC the Ti neighbor satellite is replaced by a broader component (2) 
caused by iron atoms with different environments: N and TiN precipitates. (c) MS 
spectrum after two hours reducing at 700 ºC in dry H2. Only the Fe sextet is visible 
suggesting that bigger precipitates have been formed. 
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At even higher temperature, non-coherent precipitates can attain sizes 
sufficient to produce reflections observable in XRD. An example is shown in 
Fig. 3.5 for a Ti-containing alloy annealed at 1000 °C in vacuum, where the 
(002) reflection of TiN precipitates is observed. Using the Scherrer relation 
[Gui63], the precipitate size is estimated to be 7 nm. It is noteworthy that the 
only TiN reflection appearing is (002) parallel to the (002) of the Fe matrix. In 
line with the Bain OR, we can conclude that 3D TiN precipitates prefer to grow 
with the (001) TiN/α-Fe interface plane parallel to the surface. It is in 
accordance with the HRTEM image, Fig. 3.3, where the sample was reduced at 
lower temperature (600 °C). This is not always so for smaller precipitates, as 
evidenced by Figs. 3.1 and 3.2. In this case the appearance of the streaks proves 
that the plane of the coherent interface {100} (Ti/Cr)N is oriented perpendicular 
to the surface. This point is also illustrated by Fig. 3.4 for a sample reduced at 
700 °C. In addition it is worthwhile to note that annealing at 1000 °C of pure Fe 
implies the α→γ→α transitions (the transition temperature is 912 °C). In 
principle, such a phase cycling could lead to a change in the texture. However, 
we did not observe a change of texture. 

Besides a number of irregular spots sometimes observable in the DPs 
and loosely referred to as misoriented small crystallites (see, for example, Fig. 
3.2d), there are also extra spots, which appear regularly in the DP, Figs. 3.1-2. 
Among them are forbidden {100} reflections and cross-like satellites (x-
satellites) around {110} spots, which could be approximately indexed as 
{1±1/2,1,0} and {1,1±1/2,0}, see Figs. 3.2b,d. Since the {100} spots and x-
satellites were also observed on pure unnitrided Fe-samples, the extra spots 
cannot be due to any nitride. It is highly probable, that this is caused by rel-rod 
effects [Tho62] of a thin outermost oxide layer of fcc Fe3O4, as has already been 
discussed in the literature [Che77, Big95]. The oxide layer is coherent with the 
(001) Fe surface with a Bain-type OR: (001)bcc || (001)fcc and [100]bcc || 
[110]fcc. The mismatch at the (001) interface α-Fe/Fe3O4, ε = (8.35 × √2 – 4 × 
2.87) / 4 × 2.87 ≈ 0.029, is small, and this makes direct identification of the 
oxide layer in a diffraction pattern rather difficult, but sometimes thin oxide 
layers show up as rel-rod effects, Figs. 3.1-2. The apparent {100} spots then 
represent {220} Fe3O4, and the x-satellites are rods of {311} Fe3O4 and {131} 
Fe3O4, which intersect the Ewald sphere when the oxide layer is thin enough. 

3.3.2. Initial stage of formation of precipitates  

As demonstrated in [Huf75, Che00], the formation of precipitates can be 
followed with MS techniques. Besides the typical α-Fe matrix Mössbauer sextet  
 



  Chapter 3 44

 
 
Fig. 3.7. (a) MS spectrum of the Cr-alloy after cold rolling: component (1) corresponds 
to matrix atoms considered as a mixture of Fe and Ni atoms, component (2) and (3) 
correspond to iron atoms having one Cr and two Cr atoms in the first two coordination 
shells, respectively.  (b) After α-nitriding at 400 ºC there is still intensity left from 
metallic Cr atoms in component (2). Component (3) is given by iron atoms with a 
different environments containing N. (c) MS spectrum after nitriding at 600 ºC.  
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Fig. 3.8. Intensity of MS 2nd component vs. [N]ex for the Ti alloy. 
 
for as-rolled material, extra components appear corresponding to 1st and 2nd 
nearest-neighbor nonmagnetic Ti/Cr atoms. After nitriding these components are 
broadened, indicating a variety of nonmagnetic atoms around Fe-atoms. Typical 
MS spectra are shown in Fig. 3.6 and 3.7 for a Ti- and a Cr- containing alloy, 
respectively. 

In Fe-Ni-Ti foils after cold-rolling, Fig. 3.6a, the spectra can be fitted by 
two components: component (1) corresponds to matrix atoms considered as a 
mixture of Fe and Ni atoms, component (2) corresponds to Fe atoms having one 
Ti neighbor in the first or second coordination shells [Huf75]. The Ti-atomic 
component disappears very soon after nitriding. An example is shown in 
spectrum Fig. 3.6b for a sample nitrided at 400 ºC, t = 1h, where the Ti neighbor 
satellite is replaced by a broader component (2) given by Fe atoms with different 
environments: N atoms and TiN precipitates. In Fig. 3.6c one can see that after 
two hours reduction at 700 ºC in a dry H2-atmosphere, only the Fe sextet is 
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visible, indicating that bigger precipitates have grown and the relative number of 
non-ferromagnetic neighbors is decreased to less than 0.5%. 

In the MS spectrum of a Fe-Ni-Cr alloy after cold rolling, Fig. 3.7a, 
three components could be distinguished: component (1), as for the Fe-Ni-Ti 
alloy, is due to the matrix atoms (Fe+Ni), components (2) and (3) correspond to 
Fe atoms having, respectively, one and two Cr atoms in the first two 
coordination shells. After nitriding at 400 ºC, t = 24h, spectrum Fig. 3.7b, the 
contribution of atomically dissolved Cr in component (2) decreased, but is still 
significant, in contrast to the nitrided Ti-containing alloy. Component (3) is 
slightly shifted in spectrum Fig. 3.7b with respect to the component (3) in Fig. 
3.7a and corresponds to Fe atoms with different environments, containing N. 
The extra components become invisible after nitriding at 600 ºC. 

From MS spectra the concentration of Fe atoms having Ti- and Cr- 
neighbors can be estimated [Huf75]. This leads to an estimate of the atomically 
dissolved fractions of Ti and Cr. In as-rolled material these atomic fractions are 
1.4 at% and 2.8 at%, respectively, for Ti and Cr. Evidently, the rest components 
(0.5 at.Ti % and 0.2 at.Cr %) are not atomically dissolved, and are probably 
present in small clusters. As has been mentioned already, the Ti atomic 
component becomes negligibly small after nitriding of Fe-Ni-Ti alloy, for the 
Cr-containing alloy some of the data are presented in the 4th column of Table 
3.2. 

In Fig. 3.8 the data for the Ti-containing sample on the intensity of the 
MS component, shifted due to the presence of nitrogen, is plotted vs. the excess 
nitrogen content. As follows from the discussion this data gives evidence that 
most of the excess nitrogen is dissolved in the matrix. 

3.3.3. Nitrogen content and matrix dilation. 

Only a small amount of N can be dissolved in the pure α-Fe matrix (0.23 at% at 
500 ºC [Wri87]). The major fraction of N absorbed by the alloy is connected 
with the formation of precipitates of alloying elements and with the influence of 
the alloying elements and their precipitates on the matrix. The N uptake in 
Fe93Ni4Cr3 and in Fe94Ni4Ti2 foils, as obtained by weighing the samples, is 
shown in the 3rd column of Tables 3.2 and 3.3, respectively. Often we observed a 
variation of the N uptake for the same nitriding conditions, especially for a short 
time of nitriding, the scatter being larger than possible errors in the weighing 
procedure. Also we cannot ascribe this scatter to an uncertainty in the nitriding 
conditions, because these were well controlled. Although not completely 
established, we believe that it is connected with a different arrangement/density  
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Table 3.3. Nitrogen uptake in the Fe94Ni4Ti2 foils and the lattice parameter of the bcc-
matrix. 

 
Smpl ID Treatment 1) [N], 

at.% 
[N]ex, 
at% 

a, nm2)  

Ti0 as-rl  0 0 0.2880 
Short nitriding 
Tia 300C, 2h,-5.1 6.56 4.7 0.2926 
Tib 300C, 2h, -5.1 5.50 3.6 - 
Tii 400C, 2h,-6.2 7.10 5.2 0.2922 
Tij 400C, 2h,-6.2 6.30 4.4 - 
Tik 500C, 2h,-7.1 5.70 3.8 0.2912 
Til 500C, 2h,-7.1 4.80 2.9 - 
Long nitriding 
Ti10 as-rl  0 0 0.2877 
Ti20 as-rl  0 0 0.2876 
Ti2 300C, 20h, -5.0 6.43 4.6 - 
Ti3 300C, 20h, -5.0 6.19 4.3 0.2936 
Ti4 300C, 20h, -5.0 5.50 3.6 0.2919 
Ti5 400C, 20h, -6.8 5.00 3.1 0.2913 
Reduction 
Ti2r Ti2+600C, 4h, H2 2.37 0.4 0.2892 
Ti5r Ti5+600C, 5h, H2 2.25 0.3 0.2893 
 
1) Indicated are temperature, treatment time, RN, if not H2-atmosphere 
2) Lattice constants calculated from the peak position of the main (002) diffracted Kα-
line 
 
of defects in different samples after cold rolling. Although the plastic flow 
during rolling was evidently by excitation of multiple slip directions, the actual 
distribution of these modes can be expected to be different in different areas 
(say, in the center and at the edge) of a foil under deformation. This conclusion 
is in agreement with a variation of strains revealed by XRD in as-rolled films. 
The defect configuration and density influence the kinetics of formation of the 
precipitates, and hence the shape of precipitates and the total amount of nitrogen 
absorbed, as we will see later. Whatever the reason is, the uncertainty in total 
nitrogen uptake does not influence our conclusions. 
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Table 3.4. Gibbs free energies for TiN and CrN precipitates.  
 

Precipitate ∆Gch, 1) 
kJ/mol 

∆Gch, 2) kJ/mol ∆Gstr, 2) kJ/mol 

TiN -336 -300 170 

CrN -125 –91 120 

 
1) estimated from [30], 2) obtained by [17]  
 

The N concentration, [N]ex, in excess of the concentration required for 
the stoichiometric MN-compound is normally called “excess N”, i.e.: 

 
[N]ex ≡ [N] – [N]MN – [N]α0,     (1) 
 

where [N], [N]MN, and  [N]α0 stand for fractions of, respectively, total, 
stoichiometric equilibrium nitride and N equilibrium solubility of pure Fe under 
identical nitriding conditions [Jac76,Ric86, Som89]. Note that “concentration” 
in this paper is defined as the relative fraction of a species with respect to all 
atoms, including Ni, Ti or Cr, N and Fe. The [N]MN is estimated from the 
concentration of the alloying metal in the material, assuming a 1:1 
stoichiometric ratio of the MN precipitate. But if “free” M-atoms are present, 
like in the Cr-containing alloy, the notion of “excess N” requires a correction. 
According to MS data, a large “free” or atomically dispersed fraction [Cr]at 
exists at 300 ºC, t = 50h, and about 18% of all Cr atoms are still in solution at 
400 ºC, t = 24h, see column 4 in Table 3.2. The fraction of N bound by the 
alloying element is smaller when atomically dissolved metal is still present to a 
concentration [M]at: 

 
[N]MN = [M]0 – [M]at.       (2) 
 

Here [M]0 is the total concentration of the alloying element. The amount of 
[N]ex, determined with the correction Eq. (2) in the Cr-containing alloy is listed 
in column 5 of Table 3.2. For the Ti-containing alloy the “free-atom” correction 
is not required, because there was no “free” Ti-atom fraction observed after 
nitriding. The estimated error in [N]ex is about 0.25 at.%. 

From a comparison of the data in 3rd column of Tables 3.2 and 3.3 one 
can conclude that the ratio of the N to Cr concentrations, [N]/[Cr], is not much 
larger than unity, while the [N]/[Ti] ratio for nitrided samples is normally much  
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Fig. 3.9. XRD θ-2θ scans for the as-rolled, α-nitrided (300 0C, 2h) and reduced (300 0C, 
2h) Ti-alloy in the vicinity of the (002) α-Fe line (shown by a vertical line). 

 
higher than unity, indicating a large fraction of excess N in this case. An 
intriguing point is that the N content, column 3 in Table 3.3, is decreasing after 
nitriding the Ti-foils at temperatures T > 400 ºC. We come back to this point in 
the following paragraph in connection with XRD data. 

With 1D θ-2θ, as well as with 2D-texture XRD scans, we observed that 
in the as-rolled foils the (001) texture was dominating with some mixture of 
(111) texture. As examples, XRD spectra in the region of the α-Fe (002) 
reflection are shown in Fig. 3.9 for Fe94Ni4Ti2 samples as-rolled, nitrided and 
nitrided and then reduced (300 ºC, 2h for all treatments). Similarly, in Fig. 3.10, 
spectra are shown in the region of the α-Fe (222) reflection for Fe93Ni4Cr3 
samples nitrided at different temperatures. Due to the presence of the alloying Ni 
and Ti/Cr elements, the XRD lines for the as-rolled foils are shifted with respect 
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Fig. 3.10. XRD spectra for the Cr-alloy in the vicinity of (222) α-Fe (shown by a vertical 
lines): (a) as-rolled, (b) nitrided at 400 ºC, 24h, RN=-6.5, (c) nitrided at 500 ºC, 1h, RN= -
7.34, (d) nitrided at 600 ºC, 0.5h, RN= -8.06. The spectra are fitted with two components: 
the strained component, shifted respect to the (222) α-Fe line, while the presence of the 
second, almost unshifted (unstrained), component in (b) and (c) points to a nonuniform 
deformation of the lattice. 

 
to the positions of the XRD lines for α-Fe. For the Ti-containing alloy, the 
observed lattice parameter is a = 0.2877(2) nm, which is ≈ 0.4% larger than the 
value a = 0.2866 nm for pure α-Fe, while for Cr-containing alloy a = 0.2871 nm  
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Fig. 3.11. Variation of the lattice parameter of the Ti- and Cr- alloys as a function of 
excess nitrogen content. By a solid straight line is shown the dependence for nitrided 
pure Fe. A dashed straight line is drawn through the data points parallel to the solid line 
to guide the eye. 
 
was only ~0.13% larger than for pure α-Fe. Such a difference cannot be 
substantiated by Vegard’s law. Evidently, the effect is due to a difference in the 
degree of dissimilarity (electron shell configuration, ionic radii, r(Ti)=0.146 nm, 
r(Cr)=0.126 nm) of Ti and Cr compared to Fe (r(Fe)=0.127 nm), causing larger 
strains in the Ti-containing alloy foils after rolling. From Figs. 3.9 and 3.10 one 
can see that nitriding in the α-region has a two-fold effect on the matrix: a shift 
of the XRD lines to lower diffraction angles, indicating an overall dilation of the 
bcc Fe-lattice, and a change in the line shape, pointing to a local variation in the 
microstructure and/or the strain/stress state in the foils. In Fig. 3.10 the lines  
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Fig. 3.12. Variation of the fraction of the strained component and the excess N content 
with temperature of nitriding for the Cr-alloy. 
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Fig. 3.13. Excess N content vs. temperature of the reduced (rd, squares) and re-nitrided 
(re-αN, diamonds). Note, that at T=300 °C the lower point corresponds to as-nitrided 
samples, after reduction and renitriding at the same temperature, the amount of N is 
completely restored. For comparison, the data for α-nitriding during 20h (αN, 20h - 
triangles), and 2 hours (αN, 2h - circles) is also shown. At T=300 °C this data coincides. 
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were fitted with two Lorentzian components. Each component contains 
contributions due to diffraction of the Cu Kα1 and Kα2 lines. 

The variation of the lattice parameter for the nitrided Ti-alloy vs. the 
excess N content, a([N]ex), is plotted in Fig. 3.11. The lattice parameter was 
calculated from the position of the peak of the (002) bcc reflection. As one can 
conclude from Table 3.3 and Fig. 3.11, nitriding at higher temperature or time 
does not necessarily lead to higher N content or higher lattice dilation. For 
example, after nitriding for 2 h at 300 ºC, the N uptake is larger than at 500 ºC. 
Similar observations can be made for prolonged (20 h) nitriding at 300 ºC and 
400 ºC. These results are in accordance with those reported by Jack [Jac76], 
although an explanation was missing. In our case, the nitriding potential was 
chosen to be within the α-region for the Fe-N system. So, it is different for 
different temperatures. We choose our RN values, RN= -5.0 (300 ºC) and RN= -
6.8 (400 ºC), close to the saturation values as follows from [Jac76, Ric86]. In 
[Jac76] the saturation level in [N] vs. RN dependence was higher in the sequence 
550, 500 and 300 ºC. Thus, not the difference in RN, but the mechanism of TiN-
precipitate formation and the interaction of precipitates with the matrix are 
responsible for the unexpected temperature variation in the lattice parameters 
and N uptake. In section 4 we argue that an increase in the thickness or lateral 
size of the platelets both lead to a lower excess N-content. 

After reduction of the nitrided Ti-containing samples in a H2-
atmosphere, the lattice parameter becomes smaller than for a nitrided sample, 
but it is still higher than that of the as-rolled material. This residual expansion of 
the matrix can be due to strain induced by a residual semi-coherency of finely 
dispersed precipitates. As the TiN precipitates coarsen, their influence upon the 
matrix diminishes and the lattice parameter of the ferrite decreases to 0.287 nm 
(approximately equal to the lattice parameter of α-Fe) after reduction at 700 ºC. 

For the nitrided Cr-containing alloy the lattice constants, listed in Table 
3.2, were obtained by fitting of the (222) bcc lines, Fig. 3.10, by two 
components. One of them is shifted to lower 2θ-values, pointing to a local 
dilation of the matrix, while the second line stays at the almost unshifted (222) 
α-Fe-position, indicating the presence of an unstrained fraction even at the 
highest N content in the alloy. The values of the lattice parameters of shifted and 
unshifted components are listed in the columns 6,7 of Table 3.2. The variation of 
the lattice constant as derived from the position of the shifted component as a 
function of total nitrogen content is depicted in Fig. 3.11. One can see that the 
expansion of the matrix in the nitrided Cr-containing alloy is much less than in 
the Ti- containing alloy. From the Table 3.2 and from Figs. 3.10 and 3.11 it is 
also clear that the variation of the lattice constants of the strained and unstrained 
components with the temperature is not very large (in contrast with the Ti- 
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containing alloy), but the relative intensity of the strained component strongly 
depends on the temperature of nitriding, Fig. 3.12. The strained component is 
negligibly small after the nitriding at 300 ºC; at 400 °C it clearly dominates and 
it is diminishes again after nitriding at 600 ºC. The variation of the strained 
component fraction with temperature correlates with the similar behavior of the 
excess N uptake, as is observed in Fig. 3.12. 

3.3.4. Nitrogen content in reduced and re-nitrided Fe-Ti-samples. 

A common statement in literature is that annealing in a H2 atmosphere reduces 
the N content to a concentration, corresponding to the 1:1 stoichiometric 
composition of the alloying element nitride [Jac76, Pod81, Ric86a]. Another 
common statement is that the reduction is reversible, i.e. re-nitriding restores the 
initial N content, present prior the reduction (see, i.e. [Jac76]). We will show 
that both statements are not in agreement with our observations for Ti-containing 
foils. We performed a study of the nitrogen content after reduction and re-
nitriding of Ti- containing foils as a function of the processing temperature. Four 
samples were nitrided, reduced and re-nitrided at the same temperature. This was 
done at four different temperatures. The N content in the samples was 
determined by weighing with a microbalance. The results are plotted in Fig. 
3.13, where each point is an average over the data of the four samples. The time 
of the treatment at each step was about 20h. As one can see, the excess N 
content is the highest after re-nitriding at 300 °C, higher than 4 at%, being about 
the same as for the first nitriding at this temperature. The data shows that the 
higher the temperature of the treatment, the smaller the amount of N that is taken 
up again after re-nitriding of a reduced sample. Also, the excess N does not 
vanish after reduction in a H2 atmosphere, but the residual amount of [N]ex 
decreases from more than 1 at% at T = 300 °C to ~ 0.5at.% at T = 600 °C. 

For the sake of comparison, Fig. 3.13 also displays the data for short 
(2h) and prolonged (20h) nitriding from Table 3.3, averaged for the given 
temperature. Note, that at T = 300 °C the points of 3 data sets cannot be 
distinguished. One can see that while the prolonged nitriding data follows the 
trend of the re-nitriding data, the data for short nitriding deviates significantly. 

3.4. Discussion 

We summarize the main observations relevant for the discussion as follows: 
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1. Streaking along {200} in the nitrided Ti- containing alloy starts at a lower 
temperature and occurs at shorter time (T-t), compared with the Cr-alloy, but 
the streaks are more diffuse (Figs. 3.1 and 3.2). 

2. With increasing time or temperature (up to 500 °C was applied) of nitriding, 
the width of the streaks in the Ti- containing alloy does not change 
drastically. Reduction at 600 °C makes the streaks more narrow and sharp 
(Fig. 3.2).  

3. After reduction at 700 °C and higher temperatures, the TiN precipitates grow 
large enough to produce moiré fringes in TEM, Fig. 3.4a. XRD lines of TiN 
can be observed after annealing at 1000 °C, Fig. 3.5. The lattice constant of 
the matrix approaches the value for pure α-Fe. 

4. The Ti-atom component in MS spectra disappears at low temperatures and 
time (T-t), while the Cr-atom component is still prominent, up to the 
relatively high temperature of 400 °C, compare Figs. 3.6 and 3.7. 

5. Sharp streaking in the Cr-containing alloy is observable after nitriding at 
temperatures up to 600 °C. It is also observed in the areas with small grains. 
Streaking follows the local grain orientation. 

6. The amount of N absorbed and the matrix expansion are much larger in the 
Ti- containing alloy than in the Cr-alloy, Tables 3.2 and 3.3, Fig. 3.11. 

7. The higher the temperature of the treatment, the smaller the amount of N 
that is taken up again after re-nitriding of a reduced sample. Some excess N 
is left in the Fe-Ni-Ti-N alloy after reduction in a H2 atmosphere at 
temperatures below 600 °C, Fig. 3.12. 

8. The intensity of the 2nd component in the MS spectra increases with an 
increase of excess N, Fig. 3.8. 

9. The XRD lines of nitrided Ti- and Cr-containing alloys can be approximated 
by two components, reflecting a strained and an unstrained state of the 
matrix. The variation of the dilation of the matrix with nitriding temperature 
for the Cr-alloy was weak, whereas in the Ti- containing alloy this dilation 
varies strongly with the nitriding temperature. In contrast to this, in the Cr-
containing alloy, the variation of the fraction of the dilated component of the 
matrix strongly depends on the temperature; at TαN = 600 °C the dilated 
component has almost vanished, see Figs. 3.11 and 3.12.  

3.4.1. Formation, shape and size of TiN and CrN precipitates 

The precipitate formation is determined by the change in the Gibbs free energies 
and by the mobility of the species. Here we discuss first the energetics of the 
formation of the TiN and CrN precipitates. The change in the Gibbs free energy 
upon formation of precipitates in a matrix includes, besides the chemical 
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contribution, ∆Gch, a strain term, ∆Gstr, an interface term, ∆Gi and a term ∆Gd 
accounting for the presence of defects in the matrix, which makes the formation 
of the precipitates easier, i.e. 
 

∆G =  (∆Gch  + ∆Gd) +∆Gstr + ∆Gi =  -∆Gdrive +∆Gstr + ∆Gi, (3) 
 

Both, ∆Gch and ∆Gd, are negative, while ∆Gstr and ∆Gi are positive. The 
chemical term is mainly determined by the enthalpy of MN formation; the 
entropy term being very small. The resulting Gibbs free energy is almost 
independent of temperature in the range of interest and it is much higher for TiN 
than for CrN, as can be seen from Table 3.4, where in 2nd and in 3rd columns 
these values are listed, as estimated from [Gol67] and obtained by [Som89], 
respectively. 

Estimates by Somers et al [Som89] for the strain energies, considering 
an isotropic defectless α-Fe matrix with spherical non-compressible precipitates, 
are given in the 4th column of Table 3.4. It is evident that the assumptions are too 
rough, because, for example, the formation of CrN precipitates in a crystal 
without defects would not be possible. More accurate estimates, which take into 
account the anisotropy of crystals, the compressibility of the precipitates and the 
coherency according to the theory of Eshelby [Esh57] and following researchers, 
see e.g. [Lee78], are to the best of our knowledge not available. Nevertheless, 
the data in Table 3.4 illustrates that the variation of the chemical term is much 
stronger than the variation of the strain energy term for these two alloys. 

By the additional negative term ∆Gd in Eq.(3) we account for all missing 
corrections which make the driving force ∆Gdrive = |∆Gch + ∆Gd| large enough to 
make precipitation favorable. The term ∆Gd is to a large extent determined by a 
reduction of the strain energy due to the presence of a dislocation network. 
Assuming that the dislocation density is not very different for Cr- and Ti-
containing foils, we can state that the driving energy for formation of TiN 
precipitates is much larger than that for CrN precipitates. This larger driving 
force can play an important role in the formation and evolution of the TiN 
precipitates and will affect the shape, coherency and stability of the precipitates. 
Also, if a part of the Ti atoms in a cluster will be substituted by Fe atoms, as in 
Fe-Ti-N GP-zones, thus reducing to some extent the ∆Gch term and, hence, 
∆Gdrive in Eq. (3), the cluster can still be stable. 

Observation 1 was analyzed in the Appendix, where we concluded that 
the TiN precipitates, formed during nitriding at 300 °C, are small particles 0.2-
0.3 nm thick and 1.5 nm wide, i.e., containing only ~30-50 Ti-sites, in 
accordance with [Pod81] who also estimated about 50 TiN molecules per 
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platelet. The CrN precipitates, formed at T=400-500 °C, are also platelets 0.2 to 
1.2 nm thick, depending on the treatment, but with larger lateral dimension. 

The fact that the precipitates are small implies that the spacing between 
them is also small. The distance between neighbouring TiN clusters, formed at 
300 °C, 21h, is U1/3 = (2V/[M])1/3 (aαFe / aMN) ≈ 2.5 nm (V ≈ 0.5 nm3, [M] = [Ti] 
= 0.02, aαFe ≈ 0.287 nm, aTiN = 0.424 nm). For the formation of the observed 
precipitates, diffusion of Ti over only 5 interatomic distances would be required. 
The mobility of Ti in pure, defect-free Fe is too low [Add66] (by 6 orders of 
magnitude) to explain the precipitation even over such small distances. Since Ti 
is oversized with respect to Fe atoms (Sec. 3.4), one may suppose that vacancies 
present in the defected material are trapped at Ti atoms. The mobility of such a 
vacancy-Ti complex would be sufficiently fast to explain the TiN precipitation at 
this low temperature. This also will be true, if the vacancy is filled with an 
interstitial atom like N. The size of the TiN precipitates does not change 
significantly after the treatments at 400 and 500 °C, compared with T = 300 °C 
(observation 2). This indicates that the high cohesion energy precludes Ti atoms 
or TiN molecules to dissolve from TiN clusters (observation 4)), thus hindering 
the ripening. At higher temperatures (600 °C and higher) the TiN precipitates 
start to grow and finally loose the coherency with the matrix, which leads to the 
moiré fringes in TEM and to the corresponding peak in XRD, Figs. 3.4a and 3.5. 

The Cr-containing alloy behaves differently. Since Cr atoms are 
undersized with respect to Fe atoms (Sec. 3.4), no binding of vacancy with Cr 
atom is to be expected. The precipitate formation is in consistency with the 
diffusivity of Cr atoms in pure, defect-free Fe. There was no sign of CrN 
formation at T = 300 °C, hence the diffusivity was too low at this temperature. 
At T = 400 °C, however, the CrN precipitates are already larger than the 
corresponding TiN precipitates, giving a lower limit of the diffusion coefficient 
D > 2 10-18cm2/s for Cr in the alloy. Using activation energy Q = 56 kcal/g-at 
and pre-exponential factor D0=7.6 cm2/s from [Add66] for Cr in pure Fe, one 
can estimate the diffusion coefficient D ≈ 4.5 10-21 and 5 10-18 cm2/s for T = 300 
°C and 400 °C, respectively, in agreement with the experimental observations. In 
contrast with TiN, at the periphery of a CrN precipitate, Cr and N atoms are in a 
dynamical equilibrium, permanently dissolving and precipitating again 
(observation 4)). A relatively weak driving force is required to dissociate a Cr 
atom (or a CrN molecule) from a small CrN precipitate, leading to a larger 
precipitate. 
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3.4.2. Location of the precipitates 

There is no evidence that TiN precipitates grow preferentially on grain 
boundaries at all regimes investigated. The reasons for this were discussed 
above. The situation is quite different for CrN precipitates. Preferential growth at 
grain boundaries (discontinuous precipitation) was reported in the literature 
[Mit80, Hek85, Mor72]. One could draw a similar conclusion from the 
observations reported in [Loq97]. Because we have evidence of strong streaking 
in a multicrystalline area of the Cr- containing sample after nitriding at 600 °C, 
1h, where the streaks follow the crystallite orientation, (observation 5), Fig. 3.1c, 
we can conclude that the growth at grain boundaries is not preferential in our 
case. As discussed by Nabarro [Nab40], the elastic strain energy promotes the 
formation of disk-like (2D) precipitates. In contrast, there is a tendency to form a 
3D precipitate at the grain boundary. There the coherency with the matrix and, 
hence, the elastic strain energy of a particle, is reduced, while the interface 
energy of the particle is increased. The shape of the particle is determined by the 
tendency to minimize ∆Gi in (3) [Por92]. Thus, there would be no streaking in 
the case of grain-boundary precipitates, contrary to our observation. The 
formation of CrN precipitates at the grain boundaries reported in [Som89, 
Mor72, Mit80, Hek85] is most probably connected with a low density and a low 
pinning energy, i.e. ∆Gd in Eq.(3), of the defects, for CrN in the bulk and/or a 
relatively large nitriding time. Indeed, in these works defects were only 
introduced during mechanical polishing. Sometimes their samples were annealed 
(850 °C, 18h [Mor72]). Evidently, in our case defects in the bulk of the 
crystallites serve as nucleation sites and pinning points for CrN precipitates, due 
to the contribution of ∆Gd in Eq.(4). Thus, a larger energy (temperature) is 
required to relocate the precipitate to the grain boundaries. Our result is 
consistent with the observation in [Ric83], where it was shown that cold working 
of the alloy prevents the formation of precipitates at the grain boundaries, what 
improves the mechanical properties of the nitrided Fe-Ti alloy. 

3.4.3. Matrix dilation and nitrogen uptake 

According to observation 6, Tables 3.2, 3.3 and Fig. 3.11 both the lattice dilation 
and the N content is larger in the nitrided Ti-containing alloy than in the Cr-
containing alloy. For example, the ratio ([N]/[Ti])max is usually more than 3 for 
nitrided samples, while ([N]/[Cr])max was at most 1.6. We relate both, the lattice 
dilation and the N content, with the size and shape of the precipitates when the 
misfit is taken up by elastically coherent interface between the precipitate and 
the matrix. 
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The lattice mismatch between the α-Fe matrix and a precipitate with the 
bulk TiN-structure (Tab. 3.1) is too large for coherency at the interface. On the 
other hand, without coherency there would be no expansion of the matrix and 
only a very small amount of excess N would be taken up. This conclusion is 
based on observations of a reduction of the dilation of the matrix and the 
corresponding N content with coarsening of the precipitates (observations 2, 3 
and 7). Coherency can be established if mixed (FeTi)N clusters are formed at 
low (300 °C) temperatures. The presence of Fe in the cluster reduces the 
mismatch and the elastic modulus, compared with pure TiN precipitates, making 
coherency more accessible. With an average distance between neighboring 
precipitates of about 3 nm and alignment of the platelets parallel to the cubic 
faces, the misfit-induced long-range strains in the matrix can easily overlap 
between the platelets, promoting the overall dilation. The large amount of the 
excess N observed for the nitrided Ti-containing alloy is then the result of, and 
not causing, the dilation. For platelets, which are wider by a factor of 10, the 
average distance between platelets becomes ≈ 14 nm. Evidently, in this case, the 
overlap is much less and the unstrained component is more pronounced. This 
situation is observed for the nitrided Cr-containing samples and for Ti-
containing samples nitrided and reduced at high temperatures (observation 9). 

Our MS data for the Ti-alloy presented in Fig. 3.8, observation 8, give 
evidence that most of the excess N after nitriding at 300 °C, 20h, RN= -5.0 is 
randomly distributed in the matrix. Indeed, assuming that each interstitial atom 
affects only the nearest 6 Fe atoms we calculate that about 24/(0.94(1-0.04)) = 
26.5 at% Fe atoms can contribute to the second component at a 4 at% excess N 
concentration, which is close to the observed 27.5 % for the intensity of the 2nd 
component in the MS spectrum for the corresponding sample. The contribution 
of Fe atoms neighboring with Ti and N atoms inside and on the periphery of the 
precipitates is insignificant, compared to the uncertainties in the intensity of the 
2nd component. Fig. 3.8 demonstrates also that the intensity of the 2nd component 
is less in the Ti-alloy nitrided at 400 °C, 20h, RN = -6.8, pointing to a decrease of 
Fe atoms with neighboring N atoms. This confirms the decrease of the excess 
nitrogen content, in correlation with a decrease of the overall dilation of the 
matrix, Fig. 3.11. Because, according to observation 2, the size of the Ti-N 
precipitates does not change significantly, we ascribe the effect to a 
rearrangement of the atoms in the GP-like cluster. It is hard to say how this 
rearrangement occurs, i.e. in one step to a stoichiometric TiN precipitate, or by a 
gradual loss of Fe, and possibly, excess N atoms from the precipitate. If the 
transition would be gradual, then the fraction of excess N remaining after 
reduction at temperatures up to °C could be explained as a N fraction bound to 
GP-like cluster. Note, that this rearrangement does not occur during the 
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reduction at 300 °C: after the reduction at this temperature, the amount of N is 
completely restored after re-nitriding, in contrast with the processing at 400 °C, 
Fig. 3.13. Note also that after 2h nitriding at 400 °C this rearrangement is far 
from complete. As can be seen in Figs. 3.11 and 3.13, in this case the amount of 
excess N is even slightly larger than after nitriding at 300 °C. 

As mentioned before, the excess N content is governed by the strain in 
the matrix caused by the coherency at interfaces with precipitates. Indeed the 
data points in Fig. 3.11 are lying much above a linear Vegard-type dependence 
of the lattice parameter on the excess N content, depicted by a solid line with 
(∆a/∆[N]) = 8.0×10-4 nm/at.%, as obtained by [Wri68, Wri87] for pure Fe. If the 
matrix were dilated homogeneously, a larger amount of N would be dissolved 
for a particular matrix dilation, if the relation mentioned above is assumed. The 
reason for this discrepancy is connected with a nonuniformity of the lattice 
dilation. Whereas, in Fig. 3.11, the lattice constant corresponding to the peak 
position in the XRD spectrum due to the strained component is plotted on the 
vertical scale, the average value of the excess N is depicted on the horizontal 
scale. Note that in Figs. 3.9 and 3.10 the peaks have a shoulder at the side of 
larger angles, i.e. smaller lattice constants. Thus, Fig. 3.11 actually indicates that 
the excess N is also distributed inhomogeneously. Evidently, a larger amount of 
N is dissolved in the vicinity of the precipitates where the strain is maximal. The 
same phenomena can be observed for the Cr-containing alloys. 

3.5. Conclusions 

Summarizing, the precipitate formation in low-temperature nitrided cold-rolled 
Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys was studied. Small (with dimensions of 2.5aTiN 

× 2.5aTiN × 0.5aTiN) coherent Ti(Fe)N clusters, probably of the GP-zone type, are 
formed during nitriding at T = 300 °C. The GP-like cluster may contain more N 
atoms than Ti atoms. The presence of these coherent clusters enhances the 
dilation of the matrix, which leads to an uptake in the Fe matrix of excess N to a 
concentration as high as 3.5-4 at%. The clusters grow to larger lateral 
dimensions during treatments at higher temperatures. In this process, the GP-like 
clusters loose Fe and N atoms to become stoichiometric TiN precipitates. The 
precipitates become semicoherent, the lattice becomes less dilated and the excess 
N content decreases.  

There is no evidence of precipitate formation in the Cr-alloy at T = 300 
°C, while at 400 °C and higher, precipitates form as thin (1-2 monolayers) and 
wide (more than 5aCrN) platelets, causing a smaller dilation and a much lower 
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excess N content. There is no indication that GP-like precipitates are formed in 
the Cr-contained alloy at any stage. 

Due to a high concentration of defects in cold-rolled foils there is no 
strong tendency for the formation of precipitates at grain boundaries. The 
precipitates are forming in the bulk of the grains even during nitriding at 500 °C. 

The strain of the matrix containing Ti-N-(Fe) clusters and precipitates is 
notably larger than the strain in the matrix containing Cr-N precipitates. The 
distribution of the matrix strain is not uniform. In the Ti-containing samples the 
whole matrix is strained, although not homogeneously. The magnitude of the 
dilation depends on the temperature of the nitriding or reduction. In contrast, not 
the magnitude of the strain, but the fraction of the strained matrix does vary 
significantly with the temperature of nitriding in the Cr-containing alloy, 
peaking at the lowest temperature of formation of the CrN precipitates.  

The N uptake is the result of the strain in the matrix due to the presence 
of the precipitates. Much more N is taken up in the Ti-containing alloy than in 
the Cr-containing alloy. Like the strain, also the excess N concentration is 
inhomogeneously distributed.  

Appendix. The origin of diffused streaking. 

In the theory of diffraction from small volumes, platelets are represented in 
reciprocal space by rods (instead of dots), oriented perpendicular to the plane of 
the platelet [Tho62, Hir77]. If the incident electron beam is approximately in the 
plane of thin platelets, then such reciprocal rods produce streaks in the 
diffraction pattern parallel to the rods. The amplitude of the diffracted electron 
beam is determined by the structural factor Fg, the parameter s, which is a 
deviation of the reciprocal vector from the reciprocal lattice point, and the 
thickness of the diffracted object h via: 

 
A ~ Fg [sin(πhs)/πs].      (A1) 
 

The s-parameter characterizes the length of the streaks in the DP for precipitates 
of a thickness of several interatomic spacing, and is inversely proportional to the 
thickness s~1/h. For a rectangular box with sizes, ha, hb, hc, we write in a similar 
way: 

A ~ (sin(πhasa)/(πsa))(sin(πhbsb)/(πsb))(sin(πhcsc)/(πsc)),  (A2) 
 
where sa, sb, sc are the deviations from the reciprocal lattice points along the 
directions a*, b*, c* of the reciprocal lattice. Thus, the width or diffusiness of the 
streaks can also be considered as a measure of the width of the precipitates, in 
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addition to thickness, determined from the length of the streak. With a width of 
the streaks of about 1/10 of |g200αFe| and a length of the streaks of about 
~|g200αFe|/2, we arrive at a width of the precipitate of about 1.5 nm and a 
thickness of ~ 0.2-0.3 nm. i.e. about 1-2 monolayers thick by about 10 
monolayers wide. Assuming that the extension in the third direction, i.e. parallel 
to the beam, is equal to the width, we obtain for the precipitates size about 
2.5aTiN × 2.5aTiN × 0.5aTiN, or about 30-50 Ti- atom sites.  

The structural factor Fg in (A1) is proportional to the atomic scattering 
amplitude f(θ) [Hir77]: 

 
Fg ∝ f(θ) = 2.38 10-10 (λ/sinθ)2 (Z-fx),    (A3) 

 
where θ is the scattering angle, λ is the wave length, Z is the charge of nuclei 
and fx is the atomic scattering factor for X-rays. From the tables of atomic 
scattering amplitudes (i.e., [Hir77]) one can conclude that the difference between 
the values for Ti, Cr and Fe is not large and cannot explain the weaker contrast 
of streaks in the case of nitrided Ti-containing alloy, as compared with Cr-
containing alloy, Figs. 3.1 and 3.2. Evidently, this weakness is due to the fact 
that the streaks in Ti-containing alloy are wider. 

 



 

 

Chapter 4 

On the formation of ultra-fine grained Fe-base alloys 
via phase transformations 

 
 

4.1. Introduction 

Several physical properties of materials are strongly affected by the grain size. 
For instance, in metallic systems the yield stress decreases with increasing grain 
size over a considerable range as described by the well-known Hall-Petch 
equation [Hum01]. The grain boundaries may act as obstacles for moving 
dislocations, leading to a pile-up of dislocations in front of the boundary. An 
analogous effect is the “strengthening” of a ferromagnetic material, i.e. the 
increase of the coercive field with decreasing grain size in the micrometer to tens 
of nanometer range. This reflects the reduction of the mobility of the magnetic 
domain walls by the interaction with the grain boundaries. 

When the dimensions of the grains become comparable with the 
characteristic length of the physical phenomenon involved, conventional scaling 
laws often break down and may even reverse [Arz98]. An example is Cu, where 
the upper limit of the classical Hall-Petch behavior is reported to be 50 nm 
[Cho89]. The latter is determined by the line tension of a lattice dislocation. In 
magnetism, a strong drop in the coercivity is obtained when the grain size 
becomes smaller than the exchange correlation length, e.g. 35 nm in Fe. This 
latter effect has led to the discovery of a new class of ultra-soft magnetic 
materials [Her90]. These findings strongly suggest that both functional and 
mechanical properties can be tailored by controlling the grain size of the 
material. 

Two different routes can lead to materials with grain sizes in the 1 to 
100 nm range: devitrification of amorphous phases or refinement of the structure 
of materials with micrometer-sized grains. The main drawback of devitrification 
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of amorphous films or ribbons is the fact that the quantity of materials obtained 
in the amorphous phase is relatively small. In contrast, for bulk materials, 
usually with a grain size in the micrometer-millimetre range, grain refinement 
can be obtained by thermomechanical procedures. By cold rolling and 
recrystallization materials with grain size of the order of 1 µm have been 
obtained [Ibr01]. In this method the relatively high temperature required for 
recrystallization hampers a further decrease of the average grain size below the 
micrometer range. 

Reduction of the size of the grains to the nanometer range can be 
obtained by modification of the microstructure via phase transitions at low 
temperatures. For example, for fcc austenitic alloys (32Ni, 26Ni-Cr-Ti) with the 
temperature of the martensitic transformation below room temperature, grain 
sizes of the order of 10-80 nm have been obtained during forward and reverse 
martensitic γ → α1 → γ transformations [Sag99]. 

For bcc materials (Fe based alloys) a possibility to keep the 
transformation temperature at relatively low values is to employ thermo-
chemical nitriding in an NH3/H2-gaseous mixture and by denitriding in a H2 
atmosphere. By a nitriding treatment, transitions between bcc and fcc or hcp 
structures can be obtained at temperatures as low as 300 ºC. We should note that 
in order to have an efficient averaging out of the magnetocrystalline anisotropy 
or effective obstacles for dislocation movement, the reduction of the grain size 
must involve also significant change in misorientation between the grains. The 
new smaller grains which are formed must be randomly oriented. 

In our previous studies [Mij01] it was shown that the transitions between 
bcc, fcc and hcp crystal structures occur at 300 ºC during nitriding of a thin 
epitaxial Fe layer. As the nitrogen content in the film increases, the sequence of 
various phases is: α-Fe (bcc) → α′-Fe8N, α′′-Fe16N2 (bct) → γ′-Fe4N (fcc) → ε-
FexN (2 ≤ x ≤ 4) (hcp). The bcc → fcc transition takes place via a bct 
intermediate phase. The {100} planes between the bcc and bct structures stay 
parallel and the tetragonal c axis is perpendicular to the plane of the layer; in 
other words the lattice of a thin layer expands perpendicular to the substrate as 
the nitrogen content increases. The bct → fcc transformation is governed by a 
Pitch type OR (orientation relationship) expressed as: [ 110 ]γ′ || [ 111 ]α′ and 
(011)γ′ || ( 211 )α′. This is equivalent with a rotation of 45º around the [001] 
direction and a slight tilt (6.2°) of the (100) planes of the γ′-phase around the 
[110] direction. If we neglect, to a first approximation, the 6.2° rotation, the bcc 
→ fcc transformation is then governed by a Bain OR expressed by [ 101 ]fcc || 
[100]bcc and (001)fcc || (001)bcc. For a material having a (100) texture, one <100> 
direction is perpendicular to the plane of the sample and two are in the plane of 
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the sample. Correspondingly, the γ′-phase can be formed as result of a rotation 
around an axis perpendicular to, or in the plane of the film. In the following such 
possibilities to realize a phase transition will be called “channels”. Depending on 
the orientation of the rotation axis with respect to the plane of the film the fcc 
phase can grow with the (100) or (110) planes parallel to the surface. In the back 
transformation (fcc → bcc) the new bcc structure can have (100), (110) or (221) 
planes parallel to the surface. To create new crystal orientations during cycling, 
the channel in the forward and backward reaction should be different. Due to the 
misfit between the α-, α′- and γ′-phases, strain will build up in the material 
during phase transformation. If this strain does not affect the channel for the 
transformation and all the possible ORs occur with about equal probabilities, 
grain refinement and grain reorientation can be obtained by repeated cycling of 
bcc ↔ fcc transitions [Mij01]. When the nitrogen concentration in the film 
increases further, the hcp structured ε-FexN phase is formed. If no significant 
diffusion of the lattice atoms takes place the fcc → hcp transition is governed by 
an OR expressed by: [010]hcp || [ 011 ]fcc and (001)hcp || (111)fcc. Then, in a 
reversible transformation of bcc ↔ hcp (via fcc), the large choice of the relative 
orientations of the “habit” planes leads to a stronger grain refinement and grain 
reorientation as compared to the bcc ↔ fcc case. We should also note that 
nitriding epitaxial Fe layers leads to the formation of textured γ′- and ε-phases. 
Due to the presence of the substrate the stress release during phase 
transformations in thin films takes place perpendicular to the plane of the layer 
leading to the formation of textured phases. 

In this paper we report on the manipulation of the microstructure of 
Fe94Ni4Ti2 and Fe93Ni4Cr3 alloys via phase transformations in the Fe-N system. 
In these systems TiN respectively CrN precipitates are formed during nitriding. 
The influence of these precipitates on the phase transformation is discussed. It 
will be shown that, under certain treatment conditions, cyclic phase 
transformation leads to a progressive multiplication of the number of different 
grain orientations and causes further grain refinement. 

4.2. Experimental procedures 

Fe+Ni(4at%)+Ti(2at%) and Fe+Ni(4at%)+Cr(3at%) alloys were produced by 
melting the constituents of high purity in an induction oven with cold walls. 
Slices (0.5mm thick) of bulk materials were cold-rolled in two perpendicular 
directions to 2-4 µm thick foils (≈ 99% reduction of the initial thickness). The 
foils were nitrided at a temperature within the range of 300ºC to 500 ºC in a  
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Fig. 4.1. The Lehrer diagram for the Fe-N system. 
 

convection oven [Mar00] in a NH3 + H2 mixture of 1 atm. A nitriding procedure 
is characterized by three parameters: temperature, time and nitriding potential RN 
= ln [p(NH3)/p(H2)3/2], where the pressures of ammonia, p(NH3), and hydrogen, 
p(H2), are in Pascals. If the temperature and the nitriding potential correspond to 
the α-region of the Fe-N Lehrer phase diagram [Mar00, Leh30] (Fig. 4.1) we call 
this process α-nitriding (αN). Alternatively, the nitriding process is called γ′-
nitriding (γ′N) and ε-nitriding (εN), when RN and T are in γ′- and ε -regions, 
respectively. After nitriding the samples can be reduced (rd) to α-Fe by 
annealing in pure H2 or by α-nitriding. 

The texture and phase composition of the samples were characterized by 
X-ray diffraction (XRD), using a Philips PW1710 spectrometer for θ-2θ (1D-
scans) and a Philips X’Pert MRD system for texture measurements (2D-scans). 
An accurate determination of phase ratios was obtained by transmission 
Mössbauer spectroscopy (MS) using a standard constant acceleration 
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Fig. 4.2. (a) XRD pattern, (b) pole figure of the {222} reflection and (c) pole figure of 
the {200} reflection for the Fe-Ni-Ti as-rolled material. 

 
spectrometer. For the transmission electron microscopy (TEM) study a 
conventional TEM (CTEM) JEM 200CX and a high resolution TEM (HRTEM) 
JEOL 4000 EX/II electron microscope were used operating at 200 kV and 400 
kV, respectively. A JEOL 2010F TEM, operated in Circular Scan (CS) mode, 
was used to perform orientation imaging. The grain size determination was done 
with several tilting experiments using an ACT: Automated Crystallography for  
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Fig. 4.3. DF image for the as-rolled Fe-Ni-Ti-sample in a {100}-spot, showing 
deformation band structure due to rolling. 

 
the TEM, from TSL/EDAX and a Gatan dual-view CCD camera (resolution 
1000x1000 pixels). More grains on top of each other may cause the ACT to 
measure an incorrect grain size and a different orientation distribution. 

Before inspection in TEM, the samples were thinned by two-beam ion 
milling until perforation. 

4.3. Results 

4.3.1. As-rolled material 

Light microscopy and XRD measurements showed that the bulk materials were 
composed of randomly oriented micrometer sized grains. Detailed Mössbauer 
analysis of the rolled foils [Che02b] shows that, prior to any thermal treatment, 
the Ti, Cr and Ni atoms are in random solid solution in the iron matrix. The 
presence of these substitutional atoms produces small lattice dilations, visible as 
a shift of the XRD lines. The normal XRD θ-2θ scans reveal a strong (100) 
texture in as-rolled films, as shown in Fig. 4.2a for a Fe-Ni-Ti-sample. 
Sometimes (222) or (211) diffraction lines are also present. Details of the texture 
in as-rolled Fe-Ni-Ti films are depicted in Figs. 4.2b and c, where 2D φ-ψ scans 
are shown.  
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Fig. 4.4. XRD spectra for Fe-Ni-Ti foils (a) as-rolled and γ′N, (b) as-rolled plus γ′N + rd, 
(c) αN + γ′N and (d) γ′N + αN + rd. 
 
Here ψ is the tilt of the sample normal out of the x-ray source-detector scattering 
plane (offset), and φ is the azimuthal angle of the sample rotation around its 
normal. In Fig. 4.2b, four peaks corresponding to {222} planes with a common 
[001] zone axis normal to the surface are visible. The central peak is the 
reflection from (222) planes parallel to the surface. Similarly, in Fig. 4.2c six 
{200} peaks belonging to a [111] zone axis and a central peak due to (002) 
planes parallel to the surface can be seen. From the position of the maxima in the 
intensity in Figs. 4.2b and c, we conclude that the majority of the grains in the 
as-rolled foils have the (001) plane parallel to the surface and the [110] axis in 
the rolling direction. A smaller fraction of the grains has the (111) plane parallel 
to the surface and have [112] or [121] axes in the rolling direction. Similar 
observations were made for as-rolled foils of Fe-Ni-Cr. 

In accordance with the XRD results the TEM diffraction patterns (DP) 
show the same preference of (100) planar texture (insert in Fig.3). The dark field 
(DF) contrast reveals large (around micrometer size) areas containing bright 
regions with a size of about 10-20 nm, as shown in Fig.3. These regions, which  
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Fig. 4.5. TEM image, showing lamellae structure for the Fe-Ni-Ti-sample after five 
α↔γ′ transitions. 

 
represent the strongly defected microstructure of the as-rolled foils, are 
coherently aligned over large areas, resulting in the overall (100) texture. 

4.3.2. α↔γ′ cycling 

The XRD spectra in Fig. 4.4a and b correspond to a rolled FeTiNi foil first γ′-
nitrided (400 ºC, 4h, RN = -4.5) and after a subsequent reduction treatment (400 
ºC, 4h, H2), respectively. In Fig. 4.4c and d the XRD spectra of an α-prenitrided 
(300 ºC, 20h, RN = -5) FeTiNi foil after the same γ′N and, respectively, rd 
treatment are presented. In both cases the intensity of the γ′-(200) reflection is 
much larger than the γ′-(220) reflection intensity indicating that the γ′-phase 
grows textured with the (100) planes nearly parallel to the sample surface. The 
rate of the α→γ′ transformation is reduced by the prenitridig treatment as is 
visible from a comparison of Figs. 4.4a and c. The distribution of the intensity 
around the γ′-(200) reflection is complicated but in MS spectra only components 
corresponding to γ′- or α- phases were found. Therefore we attribute this 
diffraction effects to a strongly distorted γ′-phase due to stresses built-up during 
phase transitions. From MS analysis the quantity of γ′ formed in the two cases 
were found to be 95% and 50%, respectively. These values are comparable with 
the estimation of the phase ratio from XRD spectra, indicating that the offset 
between the α and γ′ phases found for the epitaxial Fe films does not play an  
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Fig. 4.6. (a) XRD diffraction pattern for a Fe-Ni-Cr foil cycled four times α↔γ′; (b) the 
corresponding pole figure of the {222} reflections. 
 
important role in the rolled foils. Irrespective of the presence or absence of a 
pretreatment, the reduction of the foils containing γ′-phase leads practically to 
the same result, i.e. the reduced samples (Figs. 4.4b and d) have the same (100) 
texture. The distribution of the intensity of the α-(200) XRD reflection is similar  
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Fig. 4.7. (a) XRD patterns for Fe, Fe-Ni-Ti and Fe-Ni-Cr foils after εN; (b) the same 
foils after εN + rd. 
 
in both reduced samples but it is different with respect to either the as-rolled, or 
the prenitrided case (see Fig 4.2a). The extra broadening of these lines, as 
compared to the as-rolled situation, for example, can be attributed to an increase 
of the microstrain rather than to a reduction of the grain size. 

In Fig. 4.5 a dark field image is shown for a Fe-Ni-Ti-sample which was 
first α-nitrided (300 ºC, 20 h, RN = -5.0) and then 5 times cycled through α↔γ′-
phases (380 ºC, 4h, RN = -4.5 for γ′ and 380 ºC, 4h, RN = -7.5 for α). The image 
reveals a structure with long lamellae, with some of the lamellae longer than 1 
µm. The corresponding XRD spectrum (not shown here) confirms that, in spite 
of a final α-nitriding, γ′- was the predominating phase after cycling using equal 
time per step. This observation illustrates the fact that the rate of nitriding or 
reduction is decreasing with the number of cycles. 
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Fig. 8. XRD spectra for a Fe-Ni-Cr foil at different stages of α↔ε repeated cycles: (a) 
as-rolled material, (b) ε-nitrided (1h), (c)-(d) after one and respectively, five α↔ε cycles 
(1h/step), (e) after five cycles and ε-nitrided (1h/step), (f)-(g) after six and respectively, 
seven α↔ε cycles (2-3h/step). The bar diagrams indicates the peak positions as observed 
for: (I) α-Fe, (II) γ′-Fe4N and (III) ε-FexN 

 
Contrary to what was observed for α↔γ′ cycling of Fe-Ni-Ti-samples, for Fe-
Cr-Ni foils a relatively small reduction of the texture was observed after α↔γ′ 
transformations (Fig. 4.6). Fig. 4.6a shows that after 4×(α↔γ′) (380 ºC, 3h, RN= 
-4.5 for γ′ and 380 ºC, 3h, H2 for α) cycling a small quantity of new α-Fe grains 
are formed, oriented with the (110) planes parallel to the surface. In addition,  
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Fig. 4.9. A TEM BF image of the microstructure of the 5×(α↔ε) cycled Fe-Ni-Cr-
sample. 

 

 
 

Fig. 4.10. The grain map of the of the 5×(α↔ε) cycled Fe-Ni-Cr-sample 
 

from the 2D scans shown in Fig. 4.6b, it is evident that the in-plane orientation 
of crystallites with the [001] axis normal to the surface becomes distributed over 
a larger angular range than in the as-rolled foils (see, for comparison Fig. 4.2b). 
However, the overall texture does not change much, even after cycling several 
times between the α- and γ′-phases. The fraction of grains with orientation other 
than (100) parallel to the surface remains small. 

4.3.3. α↔ε cycling 

In Fig. 4.7a XRD spectra for Fe, Fe-Ni-Ti and Fe-Ni-Cr rolled foils after an ε-
nitriding treatment (400 ºC, 1h, NH3) are presented. After this treatment the Fe  
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Fig. 4.11. (a) XRD pattern after αN and (b) after αN + α↔ε at 500 ºC for a Fe-Ni-Ti 
sample. 
 
foil was completely transformed into the ε-phase. In the Fe-Ni-Cr sample the ε-
phase is predominant but γ′-(200) and (220) reflections are also visible. After 
nitriding the Fe-Ni-Ti sample is composed of a mixture of distorted γ′- and ε-
phases. The XRD spectra of the ε-nitrided samples after a subsequent reduction 
treatment (400 ºC, 1h, H2) are shown in Fig 4.7b. While the texture of the Fe-Ni-
Ti alloy was not changed, in the Fe and Fe-Ni-Cr samples grains with new 
orientations appear. The most significant reduction of the texture was obtained 
in the Cr containing sample. Texture measurements (not shown here) indicate 
that in this latter case the ε-phase grows textured but, after reduction, as 
expected, α grains with new orientations are formed. The strong broadening, 
visible in the spectrum corresponding to the Ti containing sample after 
reduction, is probably due to microstrain built-up during α↔γ′ and α↔ε 
transformations rather than to a reduction in the grain size. 
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By increasing the number of α↔ε cycles (ε - 400 ºC, 1h, NH3, α - 400 
ºC, 1h, H2) the weakening of the (100) texture in the Fe-Ni-Cr samples continues 
(Fig. 4.8). After the first cycle the (200) intensity decreases by a factor of 10. 
After the 7th cycle it has reduced with a factor of 15. The intensity of the new 
(110) and (211) reflections, appearing after the first α↔ε cycle (Fig. 4.8c), 
increases continuously with the number of transformations (see Fig. 4.8c,d) 
while the intensity of the (200) reflection decreases. After 5 cycles and an 
additional ε-nitriding treatment the sample was transformed into a mixture of α- 
and γ′- phases (Fig. 4.8e). In order to obtain a complete ε transformation it was 
necessary to increase the nitriding time from 1h to 2h. This illustrates the fact 
that similar to the α↔γ′ phase transitions the velocity of the α↔ε phase 
transitions decreases with increasing number of cycles. The time per step for the 
next cycles was progressively increased (up to 3h for the 7th cycle) in order to 
have a complete ε transformation. 

The TEM DF image presented in Fig. 4.9 shows the complex structure 
of the sample after 5 cycles. The new grains formed have a reduced density of 
defects as is suggested by a much weaker variation of the contrast inside the 
grains as compared to the as-rolled case. The grain refinement effect is evident 
from the grain map image presented in Fig. 4.10. The majority of the grains after 
5 cycles has an in-plane average size of the order of 100-200 nm. However, 
when the number of cycles was further increased the grain structure started to 
coarsen again. 

An important reduction of the texture was obtained for a Fe-Ni-Ti 
prenitrided sample after an α↔ε cycle at 500 ºC (Fig. 4.11), contrary to the 
lower temperature case. 

4.4. Discussion 

Kinetic effects 

In addition to the formation of precipitates α-nitriding leads to a certain 
structural recovery. This effect has been observed by us with TEM [Che02b] and 
it is also confirmed by Positron Annihilation (PA) measurements [Che01b]. 
Assuming that the kinetic barriers for the phase transitions are reduced by the 
presence of defects, the observed retardation in the α→γ′ transition after an α-
nitriding pre-treatment may be explained by such a partial recovery 
phenomenon. The formation of TiN precipitates may also influence the kinetics 
of the α→γ′ transformation. 
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When a new phase nucleates and grows coherently with the parent 
phase, the defects, which have not been annealed at that moment, will either 
partially annihilate or partially transform into new defects. New defects are 
created but in a smaller extent [Che01b]. The overall decrease of the rolling-
induced defects during nitriding and reduction results in a slowing down of the 
transformation velocity with every round of the cycling (Fig. 4.8). In this case 
the new phase grows, on average, more slowly after each step and a longer 
period is required in order to complete the transformation. 

α↔γ′ cycling of Fe-Ni-Ti 

The formation of the γ′-phase in γ′-nitrided Fe-Ni-Ti or Fe-Ni-Cr foils is a 
typical bcc → fcc transformation described, roughly, by the Bain OR. As argued 
in the introduction, the result after a bcc ↔ fcc reversible transformation with all 
possible channels should be the appearance of bcc grains with new orientations 
like with (110) or (221) planes parallel to the sample surface. Intermediate fcc 
grains should also be formed with the (100) or (110) planes parallel to the 
surface. In the case of the Ti containing material the γ′-phase was formed with a 
(100) predominant texture and in the reverse transformation the final α-phase 
does not show other orientations than the original (100). These effects are 
attributed to the TiN precipitates as it will be explained in the next section. 

Because the time used for the γ′-nitriding, 4h, is larger than the time 
required for formation of TiN precipitates (2h) and, because the rate determining 
the γ′-phase formation is given by the intake of nitrogen, it is expected that in the 
as-rolled and γ′-nitrided foil first the TiN precipitates are formed. In both cases 
the TiN precipitates are formed parallel with the {100} bcc matrix planes. They 
form a network that is stable against further ripening at temperatures below 500 
ºC. This network increases the strength of the material. In this way the stress 
relief in the plane of the foil by creation of dislocations becomes more difficult 
preventing the formation of the γ′-phase with (110) planes parallel to the surface. 
During the back transformation a similar argumentation holds. This explains 
why (110) bcc planes parallel to the surface are not formed, so that the material 
has practically the same texture as observed before cycling (Fig. 4.4b and d). 
The complicated distribution of the diffracted intensity on both sides of the γ′-
(200) reflection (Fig. 4.4a and c) can be explained by the presence of strain. In 
addition, the presence of the TiN precipitates in the γ′-phase can lead to a similar 
lattice dilation and excess nitrogen as observed in the α-nitrided bcc-phase 
[Che02b]. 
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α↔γ′ cycling of Fe-Ni-Cr 

The CrN precipitates are less stable than the TiN precipitates [Che02b]. At 400 
ºC, as the time of the applied treatment increases, the CrN precipitates form, 
dissolve and coarsen at grain boundaries. Therefore it is expected that as the 
number of cycles increases the phase transformations and the evolution of the 
precipitates take place simultaneously. Consequently, the CrN will influence less 
the phase transformations than the TiN precipitates. In the Fe-Ni-Cr material the 
γ′-phase forms with (100) and (110) planes parallel to the sample surface. If the 
three possible channels (one perpendicular and two in the plane of the foil) 
would be realized with equal probability, the intensity of the (220) and the (200) 
reflections would be about equal. The ratio of the two intensities in the γ′-
nitrided foil was 0.5, smaller than expected, indicating that the α→γ′ 
transformation takes place with a similar preference for a (100) textured γ′-
phase. Thus, even in a sample with less influence of precipitates the release of 
stress perpendicular to the surface is preferred. This explains why during the 
reduction treatment only a small fraction of α grains with other orientation than 
found initially are formed. In addition, after four α↔γ′ cycles, the (200) 
reflection in the Cr containing material broadens and the spread of the diffracted 
intensity in 2D-XRD scans increases in the φ direction (Fig. 4.6). At least two 
effects can lead to such broadening and spread: the increase of the strain in the 
material and/or the increase of the misalignment between the α- and γ′-phases. 
Both effects are results of the bcc ↔ fcc transformations. 

α↔ε cycling of Fe-Ni-Ti 

The α→ε transformation of pure Fe occurs at 300 ºC via the intermediate γ′-
phase [Mij01]. For Ti and Cr containing alloys ε-nitrided at 400 ºC, mixtures of 
ε- and γ′-phases were obtained. This is an indication that in the rolled foils the 
formation of the hcp ε-phase takes place via an fcc → hcp transformation. In 
such a transformation the {111} fcc planes become {0001} hcp planes but of 
course the stacking sequence is different. The correct stacking sequence can be 
obtained if shearing in the [ 211 ] direction takes place on every other (111) fcc 
plane. It is evident that such a transition requires atomic reshuffling. When TiN 
precipitates are present in the material they hinder this reshuffling of the Fe 
atoms, stabilizing in this way the γ′-phase. This effect is visible in Fig. 4.7a, 
where the Ti containing alloy consists of a mixture of ε- and γ′-phases, while the 
Fe or Fe-Ni-Cr materials are almost completely transformed under the same 
nitriding conditions. After reduction the Fe-Ni-Ti alloy presents the same initial 
{100} texture. This implies that the orientation of the TiN precipitates did not 
change during the α↔ε transitions and they act as anchors for the initial texture. 
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At 500 ºC the TiN precipitates formed are much bigger and the 
coherency is partially lost. At this temperature the diffusion of Ti and Fe atoms 
becomes significant and helps the strain relief required for phase transformations 
and probably leads to a change of the orientation of the precipitates. The 
anchoring effect of TiN precipitates is lost and, as argued in the introduction, 
during the complex α↔ε transitions grains with new orientations are formed 
(Fig. 4.11). 

α↔ε cycling of Fe-Ni-Cr 

For the Cr containing material, α↔ε cycled at 400 ºC, the ε-phase grows with a 
few crystalline orientations (Fig. 4.7), i. e. with the (101), (102), ( 012 ), (103) 
planes parallel to the surface. However, we tested with 2D XRD scans (not 
shown here) that the in-plane orientation of the ε crystallites is not random. In 
contrast to this observation, the new α grains formed in the back transition do 
not show a preferred in-plane orientation. This may be due to the large number 
of possible channels for the back transformation, in addition to strain effects. 
Furthermore, 2D-scans of foils after repeated phase transitions showed that only 
the grains that are transformed back into the initial state, i.e. those with the (100) 
planes parallel to the surface, present an in-plane preferred orientation. 
Increasing the number of cycles leads to a decrease of the intensity of the (200) 
reflection of the α-phase (Fig. 4.8). The conclusion is that in the Cr containing 
alloy, the α↔ε cycling produces a grain reorientation. The effect of one cycle on 
the texture reduction on the Fe-Ni-Cr foil was found to be more important than 
for the pure Fe (Fig. 4.7). This can be attributed to the change in orientation of 
the CrN precipitates during the time that the sample is at high temperature. This 
may increase the difference in channels that are active during formation and 
reduction of the ε phase. 

Light microscopy observations show that the average grain size in the 
as-rolled or α-nitrided material is in the micrometer range. A clear reduction of 
the grain size was obtained for the Fe-Ni-Cr material after five α↔ε cycles 
(Figs. 4.9 and 4.10). The repeated phase transformations have produced grains 
with smaller dimensions in both longitudinal and transversal directions. 
Increasing the number of cycles even further did not produce additional grain 
refinement. On the contrary, the structure became coarser after 15 cycles. It 
appears that the competition between the formation of new grains by phase 
transformation and grain growth due to annealing results in a minimum grain 
size of about 100 obtained after 5 cycles. 
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4.5. Conclusions 

In summary: phase transformations during gaseous nitriding in Fe-Ni-Ti and Fe-
Ni-Cr cold rolled foils were studied. Severe deformation caused by cold rolling 
leads to formation of a large density of nucleation sites for new phases (i.e. γ′ 
and ε) and reduced kinetic barriers for the phase transformation. We have found 
that the resulting fast growth of a new phase is retarded at every new cycle of 
α↔γ′ or α↔ε transformations. This effect is interpreted as an increase of the 
kinetic barrier for the phase transformation due to annihilation of rolled-induced 
defects during cycling. 

The α↔γ′ transformation do not produce significant grain reorientation 
in both Cr and Ti containing alloys. For the Cr containing alloy this is explained 
by the preferential way of releasing the stresses, perpendicular to the plane of the 
foils, during phase transformation. For the Ti containing alloy the similar effect 
is amplified by the presence of the stable network of TiN precipitates which 
strengthens the alloy and makes the accommodation of stresses in the plane of 
the foil even more difficult. Therefore, at low temperatures (≤ 400 ºC) the 
coherent TiN precipitates can be regarded as anchors of the initial texture, i.e. 
during an α↔γ′ martensitic phase transformation the formation of grains with 
new orientations is prevented. The same TiN precipitates retard the formation of 
the ε-phase in an α↔ε transformation at 400 ºC, stabilizing the γ′-phase and 
preventing the change of the texture. At 500 ºC, the diffusion of Ti and Fe atoms 
becomes significant and helps the relief of strain as required for phase 
transformations and leads probably to a reorientation of precipitates. 
Consequently, the diffusion diminishes the anchoring effect of precipitates 
leading to an important reduction of the texture. 

Grain refinement and grain reorientation take place after α↔ε 
transformations in Fe-Ni-Cr alloy at 400 ºC. The presence of the continuously 
transforming CrN precipitates helps reduction of texture, which was found to be 
more important in this material than in pure Fe. By increasing the number of 
cycles a progressive reduction of the texture was obtained. The starting material 
possesses grains in the micrometer range. After 5 cycles the grain size is of the 
order of 100 nm. A further increase of the number of cycles leads to grain 
coarsening. 

The materials obtained by cold rolling and repeated phase 
transformations did not show soft magnetic properties [Cra02b]. The new grains 
have random orientations but their average grain size is still larger than the 
critical size imposed by the random anisotropy model [Her90] and then the 
effective magnetocrystalline anisotropy is still large. The method can be 
successfully used for obtaining ultra-fine-grained structures in a surface layer of 
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a few micrometers. Such a surface layer can exhibit interesting mechanical 
properties like an increased hardness or improvement of the fracture resistance. 
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Chapter 5 

Controlling the structure in Fe-Zr-N films for ultra-
high frequency applications 

 
 

5.1. Introduction 

The increasing demand for small-size/light-weight communication products and 
the continuously increasing storage capacities and data rates in the magnetic 
recording industry have been motivating research on magnetic films for ultra-
high frequency (UHF) applications. Nowadays, the attention is focused on Fe-X-
N (X = Ta [Via96], Zr [Cha96], Al [Rog92]…) systems due to their high 
saturation magnetization, excellent magnetic softness and good corrosion 
resistance. The primary role of the alloying element X is to improve the thermal 
stability of binary Fe-N compounds, but its presence will also influence the 
magnetic properties. 

Ultra-soft magnetic behavior at GHz frequencies can be obtained in thin 
nanocrystalline Fe-X-N films when nanocrystals with a size smaller than the 
ferromagnetic exchange length are coupled by exchange interaction [Her95] and 
an overall uniaxial magnetic anisotropy is present. Such materials will have a 
well-controlled domain pattern with the magnetization, in the absence of an 
external magnetic field, oriented in most of the domains parallel or anti-parallel 
to the direction of the anisotropy axis. The hysteresis loop will be a rectangle in 
the easy direction (domain wall movement) and a straight line in the hard 
direction (spin rotation). When an external AC field is applied perpendicular to 
the easy axis, the magnetization oscillates with the field. The permeability in this 
case is given by the ratio between the saturation magnetization (MS) and the 
anisotropy field (HK). For thin films, where the eddy current losses can be 
neglected, this value can be maintained up to a frequency close to the 
ferromagnetic resonance (FMR) frequency fr ~ (MSHK)1/2 [Chi97]. In order to 
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push this limit into the GHz range, films with high MS and HK in excess of 20 Oe 
are desired. 

Nitrogen plays a crucial role in the process of fine-tuning the structural 
and magnetic properties of Fe-X-N materials. In the first place, it was 
demonstrated that incorporation of N in Fe films leads to lattice expansion and 
grain refinement [Rog92]. In the second place, N is the source of the induced 
uniaxial anisotropy in N containing films [Rie97]. Several phases can be formed 
in a Fe based alloy as a function of N content. N can be dissolved in octahedral 
interstices of the bcc α-Fe up to 11 at%. If the N-filled octahedra within a grain 
are randomly oriented in the three perpendicular <100> directions the grains are 
cubically dilated and the phase is called α-Fe. If the N-filled octahedra are 
preferentially oriented in one of the three crystallographic directions, the lattice 
becomes tetragonally distorted and the phase is called α′-FeN. At 11 at% N in Fe 
a stoichiometric tetragonal phase can be formed, the famous α″-Fe16N2 (bct) 
[Jac51]. The γ′-Fe4N phase contains 20 at% N and has a fcc structure. At higher 
concentrations of N a hexagonal phase ε-FexN (2 ≤ x ≤ 5.7) can be formed. The 
α, α′, γ′ and ε phases are magnetic with the saturation magnetization decreasing 
as the N content increases. The ε phase with x lower than 3 is paramagnetic at 
room temperature (RT). 

However, in the films made exclusively from Fe and N the optimum 
balance of soft magnetic properties for UHF applications was never obtained. 
Only when in the system an extra metallic element was introduced, usually with 
higher affinity to N than Fe, useful films were made. If one wants to keep a 
relatively high value for MS the extra alloying element must be present in a low 
concentration (a few at%). Usually, in the optimization process, the N content in 
the film is varied by changing the Ar/N2 ratio of the reactive sputtering gas while 
the deposition temperature is kept constant at room temperature (RT). With this 
procedure the lowest coercive field is obtained at 6-8 at% N in the films for 
almost any type of the alloying element X. At the same time the reported values 
for the uniaxial induced anisotropy vary wildly from almost zero to values as 
high as 90 Oe [Jin97a] for the same N content. It appears that small variations of 
the deposition conditions have a tremendous impact on the value of the induced 
anisotropy. The very low values of the induced anisotropy are attributed to 
anisotropic distribution of interstitial N [Rie97] while the very high values are 
related to additional structural effects like inclined columnar structure with 
respect to the plane of the film [Hos96, Jin97b]. The degradation of the soft 
magnetic properties at higher N concentrations is sometimes attributed to the 
formation of the γ′-Fe4N iron nitride phase. In contrast with this, other reports 
suggest that the reduction of the magnetocrystalline anisotropy required for 
ultra-soft magnetic properties appears in materials composed from a mixture of 
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α and γ′ phases because the two phases have magnetocrystalline anisotropy with 
opposite signs. 

The purpose of this article is to present a new method for obtaining soft 
magnetic materials with excellent UHF properties. This method enables a good 
control and reproducibility of the induced anisotropy. First, an experimental 
study of the effects of the different sputtering conditions on the composition and 
morphology of the film is presented. Next, an overview of a number of magnetic 
properties is reported. Finally, the relationship between the microstructure and 
magnetic properties of the films is discussed. 

5.2. Experimental 

Fe-Zr-N films with thicknesses between 50 and 1000 nm were deposited by DC 
magnetron reactive sputtering. Different temperatures were used in the range 
between -60 ºC and 200 ºC. The targets were pure (99.96%) Fe sheets covered 
with Zr wires. For the depositions at constant temperature of the substrate 
different growth rates and different Ar/N2 ratios were used in order to vary the N 
and Zr concentration in the samples. When the deposition temperature was 
varied the sputtering mixture contained 16 vol% N2. An 800 Oe magnetic field 
was applied in the plane of the substrate during deposition. The composition and 
thickness of the films were determined by Rutherford Backscattering (RBS) and 
Elastic Recoil Detection (ERD). The phases, lattice spacing and nitrogen content 
were determined by standard X-ray diffraction (XRD) measurements. Two-
dimensional (2-D) XRD measurements were performed for texture analysis. 
Quantitative phase determinations were obtained by Conversion Electron 
Mössbauer Spectroscopy (CEMS). Transmission electron microscopy (TEM) 
was used for structure analysis. Hysteresis loops were recorded using a vibrating 
sample magnetometer (VSM). The volume saturation magnetization was 
determined using Ferromagnetic Resonance (FMR). For RBS, ERD, CEMS, 
XRD, cross-section TEM and VSM measurements the films were deposited on 
Si and glass substrates. For plane-view TEM observations the films were grown 
on thin Si3N4 TEM-transparent windows or on dissolvable underlayers like 
polymers or Cu. 

5.3. Results 

Standard θ-2θ XRD scans were systematically performed for phase and 
microstructure analysis. The as-deposited films are nanocrystalline and present a  
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Fig. 5.1. Planar view BF (above), SAD pattern (inset) and DF (below – using the (110) 
reflection) images of a 50 nm Fe90Zr2N8 film deposited at 200 °C showing an average 
grain size of 25 nm. 
 

 
Fig. 5.2. Cross-section DF image of a 200 nm Fe90Zr2N8 film deposited at 200 °C 
showing the columnar structure. 
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Fig. 5.3. Comparison between XRD line broadening and TEM direct observation of the 
average grain size. The continuous line represents the Scherrer relation. The composition 
of the films (in the order of decreasing grain size) is Fe92Zr2N6, Fe91Zr1N8and Fe82Zr1N17. 
 
strong (110) texture for N concentrations lower than 15 at%. The average grain 
size in the samples was estimated from the width of the diffraction peak using 
the Scherrer relation [Cul56, Che92]. In this estimation we ignored other sources 
of line broadening like inhomogeneous stress fields. For several films, we have 
determined the in-plane average grain size using TEM observations. In Fig. 5.1 
plane-view bright field (BF) and dark field (DF) images of the same area of a 50 
nm thick film are shown. The BF image (above) has a complex contrast, typical 
for nanocrystalline materials with grain sizes smaller than the film thickness and 
with defects present inside the grains. In the DF image (below) two types of 
crystallites are visible. Large crystallites with sizes of the order of 20 nm and 
small crystallites with about 5 nm average grain size. The irregular boundaries of 
both type of crystallites suggest the existence of transition regions between the 
grains composed of distorted material. The selected area diffraction (SAD) 
pattern presented in the inset shows that there is no in-plane preferred orientation 
of the crystallites. A typical structure in cross section of the Fe-Zr-N films is 
presented in Fig. 5.2. Here it is visible that the nanocrystallites are grouped in 
columns oriented parallel to the deposition direction. The size of the grains in 
the transversal direction is comparable with the size determined from in-plane  
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Fig. 5.4. Correlation between the N content determined by ERD/RBS and the lattice 
dilation determined by XRD. 
 
observations. Here we assume that the nanocrystalline grains have an almost 
cubic shape and that the estimate of the grain size in the transversal direction is 
representative for the average size of the grain. 

There is a clear correlation between the average grain size and the 
broadening of the diffraction line (Fig. 5.3). The relationship is similar to that 
given by the Scherrer relation. Therefore, we will use in this article the value for 
the average grain size determined from XRD measurements as an estimate of the 
“degree of nanocrystallinity” of the films. 

The presence of interstitial N and substitutional Zr in the bcc Fe lattice 
gives rise to a dilation of the lattice. This dilation is visible as a shift of the XRD 
lines. For all the films presented in this chapter, we did not find any evidence of 
zirconium nitride phases. Due to the high affinity between Zr and N, ZrN pairs 
are probably formed [Sal76]. However, due to the relatively low temperature (< 
250 ºC) at which the films were produced the ZrN pairs did not form ZrN 
clusters. Therefore, we assume that in all the films the distribution of Zr in Fe is 
similar to that found in a substitutional solid solution. We have determined 
experimentally the effect of the addition of Zr in solid solution in the Fe matrix  
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Fig. 5.5. XRD patterns for sputtered Fe-Zr-N films with different concentrations of 
nitrogen: (a) 0 at%, (b) 10 at%, (c) 16 at% and (d) 24 at%. The films were obtained 
varying the Ar/N2 ratio at constant temperature of the substrate (RT). The Zr content is 3 
at % for all these films. 

 
on the lattice parameter of the Fe-Zr alloy in the range of small concentrations (< 
4 at%). The lattice parameter of the Fe-Zr alloy increases linearly with Zr 
content from 0.2864 nm to 0.2888 nm at 4 at% Zr. We have used these 
determinations in order to separate the effects of N and Zr on the lattice dilation 
in the α-bcc Fe-Zr-N films. For these films, the proportionality between the total 
N content and the lattice dilation is evident (Fig. 5.4). The proportionality 
coefficient, practically equal to that found in Fe-N alloys [Fer83], suggests that 
the majority of the N is in solid solution in the bcc phase. Consequently, we use 
the lattice parameter determined from XRD as a measure for the interstitial N 
content in the bcc phase. 
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Fig. 5.6. The corresponding Mössbauer spectra of the samples of Fig. 5.5. 

Deposition at room temperature 

The route for optimization of the structure of the Fe-X-N films used in most 
published articles is to keep the substrate temperature constant at RT and to vary 
the Ar/N2 ratio in the sputtering mixture or the growth rate of the film. As a 
result, films with different N concentration can be obtained. When pure Ar is 
used as sputtering gas, no nitrogen is present in the film (Fig. 5.5a) and the 
diffraction line is narrow, pointing to an average grain size of 100 nm. At 10 at% 
nitrogen in the film (Fig. 5.5b) the line broadening indicates an average grain 
size of the order of 15 nm. Diffuse scattering at the high-angle side of the 
diffraction line suggests that part of the material forms an amorphous 
intergranular phase. As the nitrogen content in the films is further increased, 
films containing a mixture of α-Fe and γ′-Fe4N are formed (Fig. 5.5c). The γ′ 
grains are of the order of 20 nm. At about 24 at% N, the films become 
practically amorphous (Fig. 5.5d). 
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Fig. 5.7. Variation of average grain size and coercive field as a function of nitrogen 
content for films deposited at constant temperature (RT) of the substrate and varying the 
Ar/N2 ratio or the growth rate. The data have been obtained for films with thickness 
between 50 and 1000 nm. For samples thicker than 200 nm in the range of the N content 
between 6 and 12 at% the effect of the perpendicular anisotropy is visible (are indicated 
by the dotted circle). The Fe/Zr ratio for these samples is 98/2. 

 
Information about the phase ratio and distribution of interstitial N atoms 

can be extracted from Mössbauer spectra (Fig. 5.6). Additional atoms, other than 
Fe, in the fist two coordination shells of the absorbing Fe atoms will produce 
modifications of the hyperfine parameters of the well know pure Fe sextet. Non 
magnetic elements like Zr of N reduce the hyperfine field and modify the isomer 
shift of the Fe atoms situated in their vicinity. The result is the appearance of 
other sextets with hyperfine parameters characteristic for the type of the impurity 
atom. For diluted solutions (a few at%) the relative area of these sub-spectra can 
be correlated with the quantity of the impurity atoms present in the Fe matrix 
[Vin73]. The two sextets visible in Fig. 5.6a can be attributed to (1) the pure Fe 
sextet and (2) Fe atoms with one of two Zr atoms as nearest neighbor (nn) or 
next-nn (nnn). The relative area of the sextet labeled (2) can be explained by the 
effect of 4 at% Zr in random solid solution in Fe. Since the same value for Zr  
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Fig. 5.8. XRD patterns of Fe-Zr-N films deposited at different substrate temperature: (a) 
200 ºC, (b) 100 ºC, (c) 20 ºC and (d) -60 ºC. The composition of these films it is given 
by (Fe98Zr2)1-xNx where x = 0.07 (a), 0.1 (b), 0.14 (c) and 0.17 (d). 
 
concentration was found from RBS measurements the MS result proves that in 
the as-deposited films Zr is monoatomically dispersed. In the spectrum of a Fe-
Zr-N sample presented in Fig. 5.6(b) three types of features can be observed. 
The spectrum (1) corresponds to the pure Fe sextet. The spectrum (2) can be 
attributed to Fe atoms with one of two Zr or N atoms as nn or nnn [Gav00]. The 
spectrum (3) indicates that about 5 % of the Fe atoms form a non-magnetic 
amorphous phase. The spectrum presented in Fig. 5.6(c) indicates that the 
sample is formed from a mixture of α and γ′-Fe4N phases in a 50/50 ratio. Apart 
from the pure Fe sextet (1) (α phase) the three γ′ sextets are visible (2) [Sch98]. 
Also in this sample a small amorphous fraction is present (3). The broad lines of 
the spectrum in Fig. 5.6(d) suggest a high structural disorder, typical for a quasi-
amorphous material. 
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Fig. 5.9. Mössbauer spectra of the samples (a) (above) and (d) (below) of Fig. 5.8. The 
average grain size in these films are 20 nm (above) respectively 2 nm (below).  
 

The variation of the average grain size, determined from XRD 
measurements, is presented as a function of the total nitrogen content in Fig. 5.7. 
The easy axis coercivity is presented in the same figure. As the N content in the 
film increases from 0 to 4 at% there is a significant reduction of the average 
grain size. Adding more N in the films has little influence on the size of the bcc 
grains. For the samples containing a mixture of α and γ′ phases only the size of 
the bcc grains is indicated. The fcc grains have a larger size of about 20 nm. 
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Fig. 5.10. The influence of the deposition temperature on: (a) the relative variation of the 
corrected lattices parameter and the N concentration and (b) the broadening of the X-ray 
diffraction line and the corresponding average grain size. Since log (FWHM) = –log 
(grain size) the dependence on temperature of the grain size as well as of the FWHM can 
be represented on one graph. The dotted lines connect the samples with the same Zr 
content. 
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Fig. 5.11. Dependence of the coercive field on the average grain size. The dotted line 
represents the power law fit. 

 
The sample containing no N is isotropic from the magnetic point of view with a 
coercive field above 20 Oe. In the composition range corresponding to the strong 
decrease of the average grain size the easy axis coercivity also decreases. The 
minimum of the coercivity, 1 Oe, is at 4.5 at% N. This sample has a well-defined 
anisotropy direction. The magnitude of the induced anisotropy field is 7 Oe. For 
higher N content and film thickness below 100 nm the coercivity increases to 
values above 5 Oe and the anisotropy axis is still well defined for N 
concentrations up to about 8 at% N. Above this value of the N concentration, the 
hard axis coercivity increases, preventing the determination of the anisotropy 
field. The sample with the smallest grain size deposited at room temperature has 
a large value of the coercivity in both easy and hard directions. 
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Fig. 5.12. Variation of the induced uniaxial anisotropy as a function of interstitial N. 
 
The morphology of the films does not change if the film thickness 

increases but the magnetic properties change with increasing film thickness. This 
is due to the columnar structure, which affects the magnetic properties. For films 
with N concentration in the 5 to 11 at % range and thickness above 200 nm a 
perpendicular component of the anisotropy appears [Cra02a]. These samples 
present the so-called magnetic “stripe domain” structure. The effect of the 
perpendicular anisotropy is responsible for the corresponding high coercivities 
(area surrounded by the dotted circle in Fig. 5.7). 

Variable temperature 

The influence of the deposition temperature on the XRD patterns, at constant 
Ar/N2 ratio and constant sputtering rate is presented in Fig. 5.8. As the 
deposition temperature decreases, the bcc (110) diffraction line broadens and 
shifts to lower 2θ values. These two effects are univocally correlated with the 
reduction of the average grain size and the increase of the N content in the films 
as given in Fig. 5.3 and 5.4. 
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Fig. 5.13. Variation of the N concentration with 1/T. 
 
The Mössbauer spectra for the extreme deposition temperatures, 200 ºC 

(20 nm) and -60 ºC (2 nm), are presented in Fig. 5.9. Only magnetic sextets are 
visible in these spectra indicating that the large majority of the Fe atoms are 
situated in magnetic environments, or, in other words, the non-magnetic fraction 
in these samples in practically negligible. No fcc (γ′) or hcp (ε) phases are 
present in these films. The lines of the sample with very small grains (2nm) are 
broad indicating the existence of structural disorder. 

The results of the XRD measurements for different temperatures and 
two Zr concentrations are presented in Fig. 5.10. Increasing the Zr content in the 
films leads to an increase of the N uptake and to a reduction of the grain size. 

The variation of the coercivity as a function of average grain size is 
presented in Fig. 5.11. The dotted line represents a power law fit of the data. On 
a double logarithmic scale, the fit is a straight line with the slope equal to the 
exponent, which in this case is practically equal to 1. 

The induced uniaxial anisotropy increases linearly with the interstitial 
nitrogen content in the sputtered Fe-Zr-N films as suggested by Fig. 5.12. Due to 
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the high affinity between Zr and N, Zr-N pairs are formed in the sputtered films 
[Sal76]. In Fig. 5.12 one can observe a systematically lower value of the induced 
anisotropy for films containing 2.5 at% Zr as compared to films containing 1 
at% Zr for the same amount of total N content. This suggests that Zr atoms trap 
useful N atoms and annihilate their contribution to the induced anisotropy. 

For the thinnest samples (< 100 nm) deposited at low temperatures we 
have measured the thickness using X-ray reflectivity. From RBS and ERD we 
have estimated the mass of the samples. From these two types of measurements, 
we have found that the average density is smaller by about 15 % than the density 
calculated using Bragg’s rule. We attribute this effect to a certain porosity of the 
fine-grained samples. This effect introduces systematic deviations between the 
values of the MS values determined by VSM and FMR. The 4πMS determined 
from FMR decreases with decreasing grain size from 21 kG at 20 nm to 17 kG at 
2 nm. 

5.4. Discussion 

N uptake 

Several factors influence the N incorporation during reactive sputtering of Fe-X-
N films: the ratio of the atomic fluxes of N and Fe arriving at the surface 
[Jon90], the growth rate [Bai00], the presence of the alloying element X [Via96] 
and, without exhausting the list, the temperature during deposition [Che02]. 

The sputtered film grows as a result of the arrival at the surface of Fe 
and N fluxes. The average kinetic energy of the Fe atoms sputtered by 1 keV 
incident Ar atoms is about 30 eV (estimated using the SRIM 2000 code). 
Consequently, the film growth can be described as a low energy implantation 
rather than a “soft landing” process. The kinetic energy of the N2 molecules at 
RT is about 40 meV and their implantation is practically negligible.  

The N uptake is the result of sticking of N2 molecules at the surface of 
the growing film and dissociation and burying of these molecules by the 
collisions with the arriving Fe atoms. The concentration of N in the film is 
controlled by the back-diffusion process and the rate of desorption of N during 
the film growth. The back diffusion takes place because the equilibrium 
solubility of N in the Fe matrix is very small compared to the N concentration at 
the surface of the growing film. The diffusion coefficient of the N atoms in Fe is 
strongly influenced by the temperature [Rie97] and by the presence of the 
alloying element X [Sal76]. In the Fe-Zr-N films deposited at different substrate 
temperatures, the quantity of Zr is constant. Therefore, we ascribe the variation 



Structure and composition of sputtered layers 99

of the N content in the film to the temperature dependence of the diffusion 
coefficient. This correlation is also suggested by the exponential variation of the 
N concentration with the inverse of the absolute temperature (Fig. 5.13), similar 
to that of the diffusion coefficient. The highly reactive atomic N plays a minor 
role in the growing process because the flux of atomic/ionic N arriving at the 
surface is small compared to the N2 flux. 

The reduction of the deposition temperature below RT has a remarkable 
effect on the uptake of N in Fe. The samples produced at low temperature 
present an unusually large concentration of N in α-Fe (up to 18 at%), well above 
the 11.7 at%, corresponding to the α″ phase. At the same time these samples do 
not contain γ′ or ε iron nitride compounds. The composition of the sample is 
stable at RT for periods of time larger than 1 year and at 50 ºC for more than 1h. 
This high N uptake is probably related to the nanocrystalline structure of the 
samples and to the presence of Zr. Further investigations are required to clarify 
this aspect. 

Grain size effects 

The mean grain size in the sputter-deposited Fe-Zr-N nanocrystalline films is 
influenced by a complex interplay of a number of factors. The most important 
growth parameters influencing the grain size are the substrate temperature and 
the ion bombardment rate and energy [Ban02]. Lower substrate temperatures 
result in a decreased adatom mobility as well as a reduced migration of the grain 
boundary. At the same time, the condensation process is improved because the 
low temperature reduces the probability of re-evaporation or sputtering. The 
decrease of the diffusion of the atomic species as a result of the low temperature 
leads to an increased structural disorder. 

Numerous experimental examples in the literature indicate that the 
presence of certain gases in the environment in which the film grows can 
significantly influence the nucleation and growth process. This complicated 
mechanism is not completely explained. The sputtering gases bombard the 
surface of the growing films and at the same time, if these gases are reactive 
(e.g. N, O) an important gas uptake takes place. The presence of gases in the 
growing film also contributes to an increase of the structural disorder.  

Both factors, low temperature and presence of gases, produce structural 
disorder that leads to an increase of the number of nucleation sites [Kal01] 
resulting in shorter grain growth intervals. This phenomenon prevents further 
grain coarsening. 
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Phase formation and magnetic properties 

When the N content in the sputtered Fe-Zr-N films deposited at RT increases 
above 11 at%, the γ′-Fe4N compound starts to be formed. In epitaxial Fe-N films 
this effect is explained by the fact that above this concentration the tetragonal 
lattice distortion transforms in an energetically more stable fcc lattice [Mij01]. 
The γ′-fcc grains which are formed have sizes lager than the α-bcc grains. When 
large grains are formed the number of the grains inside the magnetic coupling 
volume decreases and consequently the local magnetocrystalline energy 
increases. This effect explains the increase of the coercive field observed in Fig. 
5.7. 

In materials with grains smaller than the ferromagnetic exchange length, 
the magnetocrystalline anisotropy is efficiently averaged out, resulting in very 
low values for the coercive field. In such materials it was demonstrated 
theoretically and experimentally that the coercive field is proportional to Dα, 
where D is the average grain size [Her95]. In materials where grain size 
variations can be obtained without the modification of the composition α = 6. 
When an additional uniaxial anisotropy larger than the residual 
magnetocrystalline anisotropy is present α = 3 [Suz98]. In the Fe-Zr-N films 
deposited at different temperatures α ≈ 1 (Fig. 5.11). The approximately linear 
dependence of the coercive field reflects a more complicated situation where 
variations of both residual magnetocrystalline anisotropy and of the induced 
uniaxial anisotropy as a function of composition should be taken in account. 

There is a clear linear dependence between the induced anisotropy and 
N content in the Fe-Zr-N films deposited at different sputtering temperatures. 
This important effect will be the subject of the next chapter. According to the 
high frequency measurements [Cra02] the nanocrystalline Fe-Zr-N films with an 
induced anisotropy as high as 25 Oe present a high value of the permeability up 
to 1.8 GHz. 

We have also found that the reduction of the deposition temperature 
below RT has the same remarkable effect on the structure and soft magnetic 
properties of a Fe-Co-Ta-N alloy. A Fe58.3Co25Ta1.7N15 film produced -10 ºC 
presented a saturation induction of 17 kG, an anisotropy field of 48 Oe and a 
FMR frequency of 2.5 GHz. More details about this material are given in 
Chapter 7. 

5.5. Conclusions 

We have found that the temperature of the substrate during deposition is a 
crucial parameter for obtaining materials with high permeability in the GHz 
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range. Reduction of the deposition temperature leads to a high N uptake and to 
the suppression of the formation of iron-nitride phases such as cubic γ′-Fe4N. 
The temperature offers a possibility to control the film composition and thereby 
the magnitude of the induced uniaxial anisotropy. The films containing 18 at% N 
have an ultra-fine grain structure, low coercivity, saturation induction of 17 kG 
and an induced anisotropy as high as 25 Oe. 
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Chapter 6 

The induced uniaxial anisotropy in nitrogen 
containing soft magnetic iron alloys 

 
 

6.1. Introduction 

Films with vanishing magnetocrystalline anisotropy show very low values of the 
coercive field [Her96]. If one wants to use such films in applications at ultra-
high frequencies (UHF), in addition a well-defined uniaxial anisotropy must be 
present. If these two conditions are fulfilled the magnetization of the film 
perpendicular to the easy axis takes place by spin rotation. When an external AC 
field is applied perpendicular to the easy axis the magnetization oscillates with 
the field. The relative permeability in this case is given by the ratio between the 
saturation magnetization (MS) and the anisotropy field (HK). For thin films, 
where the eddy current losses can be neglected, this value can be maintained up 
to the ferromagnetic resonance (FMR) frequency which is proportional to 
(MSHK)1/2. In order to push this limit into the GHz range, films with saturation 
induction larger than 15 kG and a uniaxial anisotropy field in the range 10-50 Oe 
are desired. Extremely low values of the magnetocrystalline anisotropy can be 
obtained in materials composed of nanocrystalline grains coupled by magnetic 
exchange interaction [Her95]. 

Uniaxial anisotropy was observed in Fe-based materials containing 
interstitial atoms (like N or C) produced by sputtering under the influence of a 
magnetic field [Wan90]. Such a method is fully compatible with thin film 
technology. Anisotropic films can be obtained in the as-deposited state. No high-
temperature treatment is required. Moreover, it turns out that this type of 
anisotropy can be tuned to meet the requirements of the specific UHF 
application [Che02a, Che02c]. 
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In this chapter we discuss the microscopic origin and the structural 
effects of the uniaxial induced magnetic anisotropy in the Fe-Zr-N system. 

6.2. Experimental 

Fe–Zr–N films with a thickness between 50 and 200 nm were grown in a 
nanocrystalline structural state on Si wafers by dc magnetron reactive sputtering. 
Fe sheets, partially covered with Zr wires, were used as targets, giving a ratio 
Fe/Zr in the films of 99/1 or 97.5/2.5. The nitriding was controlled by varying 
the substrate temperature during deposition and/or the Ar/N2 gas mixture (7 or 
18 vol% N2). The combinations of target composition and sputtering mixture 
used are indicated in the legend of the figures. An 800 Oe magnetic field was 
applied in the plane of the samples during production. The thickness and 
composition of the films were measured by Rutherford back-scattering 
spectrometry (RBS) and elastic recoil detection (ERD). The phases, lattice 
spacing and nitrogen content were determined by standard X-ray diffraction 
(XRD). Nitrogen atoms randomly dissolved in the octahedral interstices of the α-
Fe phase produce lattice expansion. This expansion is proportional to the N 
content [Fer83]. Consequently, the N content can be estimated from the value of 
the lattice parameter of planes parallel to the surface of the sample. Two-
dimensional (2-D) XRD measurements were used for texture characterization. 
Transmission electron microscopy (TEM) was used for structure analysis. 
Hysteresis loops were recorded using a vibrating sample magnetometer (VSM). 
For samples with well-defined uniaxial anisotropy the anisotropy field was 
considered to be equal to the saturation field in the hard axis direction (Fig. 6.1). 
In the other cases, like in Fig. 6.2, the anisotropy field was obtained using the 
distribution function of the anisotropy determined by the method described in 
[Bar89]. 

6.3. Induced uniaxial magnetic anisotropy 

The Fe-Z-N films deposited in the presence of a magnetic field present a clear 
magnetic anisotropy (Fig. 6.1 and 6.2). There is an unambiguous difference in 
the magnetization behavior of the films when the magnetizing external field 
during the measurement is applied parallel (//) and respectively perpendicular 
(⊥) to a certain direction of the sample. The sample is easily magnetized i.e. low 
values of the field are required for the magnetization when the field is parallel to 
this direction. The direction is called easy axis and it is established during the 
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Fig. 6.1. Magnetic hysteresis cycles for a Fe91Zr2N7 film with 20 nm average grain size 
deposited at 200 °C. 
 

 
Fig. 6.2. Magnetic hysteresis cycles for a Fe83Zr2N15 film with 2 nm average grain size 
deposited at -50 °C. 
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Fig. 6.3. Magnetic hysteresis cycles for the sample in Fig. 6.2 after perpendicular 
magnetic annealing for 1h at 200 °C in pure H2 under a uniaxial magnetic field of 1 kOe. 
Here the new easy axis is rotated with 90º with respect to the initial direction. 

 
synthesis of the sample as being parallel to the applied magnetic field. In most 
cases the uniaxial induced anisotropy is well defined and has the same 
magnitude in any point of the sample. This gives as hysteresis loop in the hard 
axis direction a straight line (Fig. 6.1). Sometimes the samples present a 
distribution of the anisotropy (in magnitude and/or direction) and the hard axis 
loop is curved Fig. 6.2). Such an undesired effect can be remedied by 
perpendicular magnetic annealing at low temperature (< 250 ºC) as seen in Fig. 
6.3. By perpendicular magnetic annealing means annealing with the magnetic 
field perpendicular to the initial direction of the easy axis. In this way, the easy 
axis is rotated with 90° with respect to the initial direction. The fact that changes 
in the direction of the induced anisotropy take place at such low temperatures 
suggests that N atoms are responsible for this effect. At this temperatures the 
mobility of Fe and Zr atoms is practically negligible and only the interstitial N 
atoms can diffuse in the lattice. 

If the samples are produced in pure Ar, no N is present in the material 
and the films are isotropic. This observation also supports the assumption that 
the anisotropy is caused by N atoms. When the N content is varied the 
anisotropy field (HK) increases linearly with the N concentration [Che02c] (Fig.  
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Fig. 6.4. Variation of the induced uniaxial anisotropy as a function of interstitial N. 

 
6.4). Due to the high affinity between Zr and N, Zr-N pairs are formed in the 
sputtered films [Sal76]. In Fig. 6.4 one can observe a systematically lower value 
of the induced anisotropy for films containing 2.5 at% Zr as compared to films 
containing 1 at% Zr for the same amount of total N content. This suggests that 
Zr atoms trap useful N atoms and annihilate their contribution to the induced 
anisotropy. The conclusion is then that in Fe-Zr-N materials the free N is the 
main source of induced uniaxial anisotropy. There must exist different 
arrangements of these atoms, which results in different directions of the uniaxial 
anisotropy. 

6.4. The microscopic origin of the induced anisotropy 

The nitrogen atoms occupy interstitial octahedral positions in the bcc Fe matrix 
(Fig. 6.5). In such a position the N atom is coordinated by six Fe atoms. Four Fe  
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Fig. 6.5. Schematic representation two unit cells of the bcc Fe lattice with a N-filled 
octahedron in the [001] direction. 
 
atoms are situated in a {100} plane at a distance a/√2 from the center of the 
octahedron and two Fe atoms at a distance a/2 on an <001> axis perpendicular to 
the {100} plane, the octahedron axis.  

It has been known for a long time that the tetragonal symmetry of the N-
containing octahedron is the microscopic source of uniaxial magnetic anisotropy 
[Née51], [Vri59]. The easy axis direction is parallel to the axis of the 
octahedron. Experimental studies [Née51, Koh97] show that the anisotropy 
energy per N atom (E) is practically independent of the N concentration in Fe. 
The reported values for E are 0.37 meV/atom (for an Fe-N alloy with less than 1 
at% N) and 0.48 meV/atom (for an epitaxial Fe-N material with 10 at% N). 

Within a grain, the N atoms can occupy octahedral interstices oriented in 
one of the three <100> crystallographic directions. The occupancy probability is 
given by a Boltzmann distribution. It is considered that an equal distribution 
over the three directions is obtained at temperatures higher than 400 °C [Rie97]. 
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Below this temperature and in the absence of an external field an anisotropic 
distribution of N atoms is frozen. The N atoms occupy planes perpendicular to 
the direction of the induced anisotropy [Rie97]. In a polycrystalline layer, the 
induced magnetic anisotropy is obtained by adding the contributions from each 
individual grain. With E << kT (which is the case for our samples) the magnetic 
anisotropy energy KU can be written as: 

 

Tk
ENKU

2δ
=  

 
where δ is a constant depending the texture of the layer, N is the nitrogen 
concentration in atoms/m3, E is the anisotropy energy per N atom, k and T are 
the Boltzmann constant and the absolute temperature respectively. 

The anisotropy field HK can be written as: 
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where MS is the saturation magnetization. Taking into account that to first 
approximation MS and E are practically independent of the N concentration, this 
formula explains the approximately linear variation of the HK with N (Fig. 6.4). 
Then, HK can be written as: 

 
NHK ζ≈  

 
where ζ is a proportionality coefficient. 

There must be a relation between the direction of the anisotropy in the 
grains and the overall direction of the anisotropy. If this would not be the case 
the overall induced anisotropy would be practically zero. Our assumption is that 
the local direction of the anisotropy is in the <100> direction that makes the 
smallest angle with the overall direction of the anisotropy. For a material with 
(001) texture, the crystallites are oriented with the [001] axis perpendicular to 
the plane of the sample and with the [100] and [010] axes in the plane. In this 
case, the anisotropy direction in a crystallite will always be confined within an 
angle of 90° centered on the overall direction of the anisotropy and δ ≈ 0.15. 
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Fig. 6.6. Schematic representation of the possible grain orientations of a (110) textured 
material. The in-plane [001] direction can make any angle α with the HK direction as 
indicated by the dashed circle. The [100] and [010] directions are at 45º with respect to 
the surface and make an angle β with the HK direction. 

 
For a layer with (110) texture, the crystallites are oriented with the [001] 

axis in the plane of the film and the [100] and [010] directions at 45º with 
respect to the surface [Fig. 6.6]. For a grain having the [001] direction at an 
angle α with respect to the HK the angle between [100] or [010] and HK is given 
by: 

 







 −+= απβ

2
tan21tan 2  

 
Therefore, if α < 59.47º the local direction of the induced anisotropy is along 
[001]. If 59.47º < α < 90º the local anisotropy direction will be along one of the 
[010] or [100] directions. Using this integration limits one can calculate that δ ≈ 
0.08. 

From Fig. 6.4 we have determined that ζ ≈ 2 Oe/at% N and then the 
anisotropy energy per N atom in these films is E = 40 meV/atom. Such a value 
for E, remarkable close to that found in epitaxial martensite, suggests that in the 
Fe-Zr-N films all N atoms within a grain contribute to the induced anisotropy. In 
each grain, the N filled octahedra are oriented in the same crystallographic 
direction, the one closest to the direction of the induced anisotropy. 
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6.5. Structural effects 

The solubility limit of N in Fe is 0.24 at% at room temperature (RT). When N is 
present in Fe in a concentration above this value the compound is called 
martensite. At about 11 at% a stoichiometric compound with the bct structure is 
formed with the formula Fe16N2 and it is called α″ [Jac54]. The 11 at% is 
practically the concentration limit at which the lattice is still bct. Above this 
limit a more profound structure transformation takes place and the Fe atoms 
rearrange in a fcc structure with an N atom in the center of the unit cell. The 
stoichiometric phase is called γ′ and has the formula Fe4N.  

As can be concluded from the previous paragraph the presence of N 
interstitial atoms in Fe has a strong influence on the crystalline structure of the 
matrix. In material composed from large micrometer sized grains at an N 
concentration lower than 2.7 at% the extra volume required for the 
accommodation of N interstitial atoms is obtained by an overall lattice dilation 
[Bel67]. Above this value of the N content, the extra volume is obtained by 
tetragonal lattice dilation. Both structural effects are large, a few percent of 
volume increase at 10 at% N, and can be easily observed in XRD as shifts and/or 
splittings of the XRD lines [Fer83]. The 2.7 at% boundary between the cubically 
dilated and tetragonally distorted structures can be shifted to lower values if one 
uses annealing under uniaxial stress fields as reported in [Fer83], or annealing in 
a magnetic field. In the same time, it is expected that the limit can be shifted to 
higher values if additional energy terms for the structure of the films must be 
taken into consideration [Zen48] like for instance the influence of the surface 
anisotropy. 

The magnetic measurements of the sputtered films predict an almost 
complete distribution of interstitial N atoms on one out of the three possible 
orientations of the octahedral sites. We have used XRD in order to investigate 
the influence of these particular N distributions on the structure of Fe-Zr-N 
films. 

For several samples with grain size larger than 10 nm and N 
concentrations in the 5 to 8 at% range, we have performed texture 
measurements. All these samples present the same (110) texture as illustrated in 
Fig. 6.7. The intensity at ψ = 60º appears to be due to {110} planes (like (101), 
(110) or ( 011 )) at 60º with the (011) plane parallel to the surface of the sample 
(Fig. 6.8). Psi scans for in-plane orientations parallel and perpendicular to the 
magnetic anisotropy direction are identical (Fig. 6.9). Also they are not 
influenced by changes of the direction of the induced anisotropy obtained by 
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Fig. 6.7. Pole figure of the {110} reflection for a FeZrN film with 20 nm average grain 
size. 
 
 

 
 

Fig. 6.8. The geometry of the XRD experiments. N represents the normal to the surface 
of the sample and N60 represents the normal to (110) planes inclined at 60°. In the figure 
the structure is represented with the inclined planes in the diffraction position. 
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Fig. 6.9. Psi scan of the {110} reflection for two different in-plane orientations of the 
sample from Fig. 6.7. 
 

 
 
Fig. 6.10. XRD scans for (110) planes parallel to the surface of the sample (ψ = φ = 0º) 
and for (110) planes with different φ orientation and inclined at ψ = 60º with respect to 
the surface. 
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 magnetic annealing. We have measured θ-2θ scans for (110) planes parallel to 
the surface of the sample (ψ = φ = 0º) and for (110) planes with different φ 
orientation and inclined at ψ = 60º with respect to the surface (Fig. 6.10). The 
small shift (< 0.1°) and the extra broadening detected in the case of the inclined 
planes are instrumental effects. The conclusion of these measurements is that the 
interplanar distance between the crystallographic planes parallel to, and inclined 
from, the surface is the same. The grains in the sputtered films are overall dilated 
at concentrations of N as high as 8 at%. 

At higher N content, the strong broadening of the diffraction lines due to 
the reduced size of the grains (~2 nm) prevents such detailed observations. 
However, in these materials normal θ-2θ measurements and SAD patterns 
measured with TEM demonstrate that the films are (110) textured and present a 
bcc structure. This information combined with the values of the induced uniaxial 
anisotropy measured in these samples suggests that the conclusions for the 
samples with grain sizes larger than 10 nm can be extrapolated to samples with a 
finer structure. This remarkable material contains N in an unusual large 
concentration in the Fe bcc phase, up to 18 at%, and has high values of the 
induced anisotropy (28 Oe). At the same time, the saturation magnetization has a 
relatively high value, 16 kG [Cra02], and consequently a ferromagnetic 
resonance frequency at 1.8 GHz. 

Due to the small size of the grains in nanocrystalline alloys the driving 
force for the cubic to tetragonal transition must be too small to produce the 
phase transformation. The surface energy term, which in nanocrystalline 
materials is much more important than in large-grained materials, contributes to 
this effect (Fig. 6.11). Thus, in nanocrystalline materials preferred distributions 
of N atoms can be realized without producing a tetragonal lattice distortion. The 
extra space required for accommodation of interstitial N atoms is realized by an 
overall lattice dilation. 

In this way it is also explained why redirection of the induced uniaxial 
anisotropy can be easily obtained at relatively low temperatures (< 200 ºC). At 
these low temperatures only the N atoms are mobile. If the induced magnetic 
anisotropy were caused by, or accompanied by, a large tetragonal distortion, 
then large strains in the film should be present. It is not to be expected that a 
redirection of a significant tetragonal distortion could take place at this low 
temperature. 
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Fig. 6.11. Schematic representation of structural and magnetic aspects in a 
nanocrystalline material.  

 

6.6. Conclusions 

It has been shown that induced uniaxial magnetic anisotropy can be obtained in 
Fe-Zr-N films by deposition in the presence of a magnetic field or by magnetic 
annealing. The induced anisotropy originates from particular arrangements of 
the majority of the interstitial N atoms. The N atoms are distributed in {001} 
planes perpendicular to an orientation that is nearest to the induced anisotropy 
direction. Zr–N pairs do not contribute significantly to the induced anisotropy. It 
was experimentally demonstrated that such arrangements are realized without 
producing a tetragonal distortion of the bcc Fe lattice at values of the N content 
as high as 8 at%. These conclusions can be extrapolated to higher N 
concentrations where the structural observations are prevented by the 
experimental effects due to the ultra-fine grain structure. 
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Chapter 7 

The influence of stress on the soft magnetic 
properties of sputtered films 

 
 

7.1. Introduction 

A ferromagnetic film can be used as magnetic flux amplifier in ultra-high 
frequency applications if it has a simple magnetic domain structure, with the 
magnetization in all points of the film oriented into the same direction [Rie97]. 
Often the magnetic domain structure in thin films is far from such a simple 
situation. Due to magnetoelastic anisotropy created by stresses complicated 
magnetic domain structures can appear with a negative influence on the soft 
magnetic behavior of the film. Therefore, determination of the saturation 
magnetostriction and the characterization of the state of stress of the films are 
very important in the process of optimizing the performance of such films in 
devices. 

For continuous thin films (thinner than about 200 nm) of soft magnetic 
alloys the shape anisotropy dominates and the magnetization is practically 
always oriented in the plane of the film. Such a film can have an almost ideal 
domain structure if the magnetocrystalline anisotropy is negligible and an in-
plane uniaxial magnetic anisotropy is present. This situation is realized in 
nanocrystalline films with induced anisotropy as described in Chapters 5 and 6 
in this thesis. When the films are thicker than 200 nm, a perpendicular 
anisotropy can appear leading to remarkable stripe domain structures [Cra02]. 

The presence of interstitial atoms in the lattice produces strain and 
consequently stress. Therefore, the induced uniaxial anisotropy by interstitial 
atoms is another phenomenon that might be influenced by the magnetoelastic 
phenomenon. 
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The aim of this chapter is to determine the magnitude of the 
magnetostriction and stress in sputtered Fe-Zr-N and Fe-Co-Ta-N films and to 
study the influence of the magnetoelastic phenomenon on their magnetic 
properties. 

7.2. Experimental 

Fe-Zr-N and Fe-Co-Ta-N films with a thickness between 50 and 1000 nm were 
deposited by DC magnetron reactive sputtering. Different substrate temperatures 
were used in the range between -60 °C and 200 °C. The targets were pure 
(99.96%) Fe sheets covered with Zr wires or alloys of Fe70Co30 covered with Ta 
chips. For the depositions at room temperature (RT) of the substrate a number of 
growth rates and Ar/N2 ratios were used. When the deposition temperature was 
varied the sputtering mixture contained 7 and 16 vol% N2, respectively. An 800 
Oe magnetic field was applied in the plane of the substrate during deposition. 
The composition and thickness of the films were determined by Rutherford 
Backscattering (RBS) and Elastic Recoil Detection (ERD). The phases, lattice 
spacing and nitrogen content were determined by standard X-ray diffraction 
(XRD) measurements. Nitrogen atoms, randomly dissolved in the octahedral 
interstices of the α-Fe phase, produce lattice expansion. This expansion is 
proportional to the N content [Fer83]. Consequently, the N content can be 
estimated from the value of the lattice parameter of planes parallel to the surface 
of the sample. Hysteresis loops were recorded using a vibrating sample 
magnetometer (VSM). For samples with well-defined uniaxial anisotropy the 
anisotropy field was considered to be equal to the saturation field in the hard 
axis direction. In the other cases the anisotropy field was obtained using the 
distribution function of the anisotropy determined by the method described in 
[Bar89]. The magnetostriction and stresses were determined using the curvature-
measuring device described in Chapter 2. 

7.3. Magnetostriction and stress 

The values of the saturation magnetostriction as a function of the N content for 
films with different compositions are presented in Fig. 7.1. The Zr containing 
films have a magnetostriction which is positive for N concentrations higher than 
5 at%. A positive magnetostriction means that the length of the specimen in the 
magnetized state is larger than that corresponding to the demagnetized state. At a 
N-content of 15 at% the magnetostriction in these films is of the order of 2×10-5 
and varies little with the Zr content. 
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Fig. 7.1. Dependence of the saturation magnetostriction on the N content for  
(Fe1-XZrX)1-YNY and ((Fe-Co)1-XTaX)1-YNY films. X is given in the legend. Y is given by 
the abscissa. 

 
At 7 at% N the Ta containing films have a negative magnetostriction. 

The magnetostriction of these films becomes positive and practically equal to 
that of the Zr containing films at N contents of the order of 15 at%. 

Stress measurements show that all sputtered films are under a state of 
compressive biaxial stress with a magnitude in the 300 to 600 MPa range. There 
is no systematic correspondence between the magnitude of the stress and the 
deposition parameters. 

7.4. Stripe domains and induced anisotropy 

7.4.1. Perpendicular anisotropy 

When the thickness of the sputtered films with a high N content surpasses 200 
nm degradation of the soft magnetic behavior occurs, leading to a complete 
disappearance of the soft magnetic properties. For such films, the typical shape  
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Fig. 7.2. Hysteresis curve of a 400 nm thick Fe-Zr-N film showing perpendicular 
anisotropy. The coercive field is 60 Oe and the film saturates at 400 Oe. 
 
of the hysteresis loop (Fig. 7.2) indicates the formation of so-called stripe 
domains. This particular magnetic domain structure, described in detail in 
[Cra02], is typical for films with perpendicular anisotropy. 

Perpendicular magnetic anisotropy in sputtered films might be caused by 
microshape anisotropy, magnetocrystalline anisotropy and/or magnetoelastic 
anisotropy [Wan99]. The microshape anisotropy appears as a result of columnar 
structure of the film when the columns are separated by a nonmagnetic phase or 
voids. For nanocrystalline films with random oriented grains usually the 
magnetocrystalline anisotropy is averaged out [Her90]. However, for films with 
a specific crystallographic texture a net magnetocrystalline anisotropy may 
remain. Generally speaking any of the three mechanisms may be dominant, 
depending on the particular process, and needs to be carefully identified. The 
aim of this section is to estimate the magnetoelastic contribution to the 
perpendicular magnetic anisotropy and to compare this contribution with the 
effective perpendicular anisotropy extracted from hysteresis loops like that 
presented in Fig.7.2. 

Via the magnetoelastic coupling stresses produce magnetoelastic 
anisotropy in thin films [Chi97]. The stress and the stress-induced magnetic 
anisotropy have the same direction. The sign of the induced anisotropy depends 
on the sign of the magnetostriction and on whether the stress is tensile or 
compressive. As an example, if a film is under uniaxial compressive stress and 
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the magnetostriction is positive the in-plane anisotropy is reduced. If this 
reduction is sufficiently large, magnetic anisotropy in a plane perpendicular to 
the direction of the stress is promoted. Following the same reasoning one can 
easily predict that the effect of in-plane biaxial stresses and positive 
magnetostriction is a perpendicular anisotropy. 

The magnetoelastic anisotropy energy constant K can be calculated 
using the formula: 

λσ
2
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−=K  

 
where, σ is usually taken to be the largest component of the biaxial stress and λ 
is the saturation magnetostriction. Using 2×10-5 for the saturation 
magnetostriction (Fig. 7.1) it can be estimated that in the films the magnitude of 
the stress-induced perpendicular anisotropy is in the range from 9 to 18 kJ/m3. 

The magnitude of the perpendicular anisotropy that governs the 
magnetic domain structure in the films can be estimated from hysteresis loops 
like the one presented in Fig. 7.2. The perpendicular anisotropy constant (K⊥) is 
given by the formula [Sai64]: 
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where HS is the saturation field, MS is the saturation magnetization, tC is the 
critical film thickness and t is the film thickness. For the magnetic film presented 
in Fig. 7.2. one obtains with HS = 400 Oe (≈ 32 kA/m), MS = 17 kG (1.7 T), tC = 
200 nm and t = 400 nm a value for K⊥ = 73 kJ/m3. This value is larger than the 
contribution given by the magnetoelastic effect, indicating that in this film the 
other two contributions to the perpendicular anisotropy are dominant. 

7.4.2. In-plane anisotropy 

For films with a thickness smaller than 200 nm, deposition at low 
temperature (below RT) leads to films with excellent soft magnetic properties 
(Chapter 5). Both Fe-Zr-N and Fe-Co-Ta-N films obtained in this fashion are 
nanocrystalline and present a very low value for the coercive field (<1 Oe). At 
the same time, these films have high values of the induced in-plane anisotropy 
(HK), 26 Oe and, respectively, 48 Oe (Fig. 7.3 and 7.4). 
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Fig. 7.3. Easy axis and hard axis hysteresis loops for a Fe81Zr2N17 film with the highest 
value of the induced anisotropy (HK = 26 Oe). This is the material reported in Table 1.2. 

 
 

Fig. 7.4. Easy axis and hard axis hysteresis loops for a Fe58.3Co25Ta1.7N15 film with the 
highest value of the induced anisotropy (HK = 48 Oe). This is the material reported in 
Table 1.2. 
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Fig. 7.5. Schematic representation of a N-filled octahedral interstice in Fe. 
 
As demonstrated in Chapter 6, the induced uniaxial anisotropy in Fe-Zr-

N films originates from an anisotropic distribution of interstitial N atoms in the 
octahedral interstices of the Fe lattice. For the Fe-Co-Ta-N system the same 
observation holds. Two arguments support this statement. First, if the film 
contains no N, Fe-Co-Ta films do not present detectable induced anisotropy. 
This is somewhat surprising, since in films containing two atomic species (e.g. 
Fe-Ni) deposition under the influence of a magnetic field can create induced 
uniaxial magnetic anisotropy [Chi97]. Second, in the N-containing films the 
induced anisotropy can be reoriented in the plane of the films by thermo-
magnetic treatments at relatively low temperature of 200 °C. After such a 
treatment, the magnitude of the induced anisotropy is preserved. As already 
stated in Chapter 6 this fact can only be explained by a reorientation of N atoms 
in the lattice. Other reconstructions of the lattice are not expected to occur at 
such low temperature. 

The microscopic source of the induced anisotropy is the N-filled 
interstitial octahedron (Fig. 7.5). The films presented in Fig. 7.3 and 7.4 have 
practically the same values of the N content and the same saturation 
magnetization, but the anisotropy field is almost double in the Fe-Co-Ta-N film 
as compared to the Fe-Zr-N film. We have seen in Chapter 6 that in materials 
containing Fe, the anisotropy energy per N atom is practically independent of the 
N concentration and it is of the order of 40 meV/atom. In order to explain the 
magnitude of the effect in the Fe-Co-Ta-N material this quantity should be 
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almost two times larger. The question is if this effect can be explained by 
differences in the magnitude of the magnetoelastic interaction. 

The octahedral site is formed by six Fe atoms. Four atoms are situated in 
a {100} plane at a distance a/√2 from the center of the octahedron and two Fe 
atoms at a distance a/2 on an <100> axis perpendicular to the {100} plane, the 
octahedron axis (Fig. 7.5). These octahedral interstitial sites have a tetragonal 
symmetry and their shape and volume depend on the N content dissolved in the 
lattice [Fer83]. As demonstrated in Chapter 6 in nanocrystalline materials the 
extra space required for accommodation of the N atoms is obtained by an overall 
lattice dilation. Consequently, the shape of the octahedron remains the same but 
the volume increases with increasing the N content. The associated changes in 
strain suggest that the anisotropy might be related with the phenomenon of 
magnetoelasticity. 

From XRD measurements we found that the dilation of the lattice in the 
two materials differs by less than 10% for the same N content. The strain 
produced by the presence of N in the lattice is almost the same the two systems. 
From Fig. 7.1 one can see that the magnetostriction of the two samples is 
practically equal. Therefore, the magnetoelastic energy in the two alloys cannot 
be very different. 

From the values of the composition of the Fe-Co-Ta-N material it can be 
easily estimated that for each octahedral interstitial site one or two atoms 
forming the octahedron is Co while, in the Fe-Zr-N material the octahedrons are 
formed almost exclusively by Fe atoms. A difference in hybridization of the 
orbitals in the Fe-Co-N compound compared to the Fe-N compound may offer 
an alternative explanation for the difference of the in-plane anisotropy between 
the two materials. 

7.5. Conclusions 

Magnetostriction and stress are two important phenomena which influence the 
magnetic domain structure of sputtered films. For thick films (> 200 nm) the 
perpendicular component of the anisotropy it is influenced by the magnetoelastic 
effect. The compressive stress in the as-deposited films and the positive 
magnetostriction produce perpendicular anisotropy. The magnitude of this effect 
is smaller than the value obtained from the magnetic parameters indicating that 
in these films other sources of perpendicular anisotropy like columnar structure 
or texture play an important role. For thin films (< 200 nm) with in-plane 
orientation of the magnetization we have found a surprising difference between 
the magnitude of the induced uniaxial anisotropy in Fe-Zr-N and Fe-Co-Ta-N 
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materials. This effect is not due to a difference in the magnitude of the 
magnetostriction or the strain. A possible explanation for the effect is a 
difference in the electronic configurations in the two materials.  
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Chapter 8 

Summary and outlook 
 

 
During the last 15 years thin films of nanocrystalline materials have found 
various industrial applications due to their unique magnetic properties related to 
their microstructure. The objectives of the research presented in this thesis are 
the synthesis and the understanding of the correlation of the structure and 
magnetic properties of new materials for high frequency (HF) applications. In 
Chapter 1 the most important magnetic and structural requirements for a soft 
magnetic material are discussed. Here is also given a number of examples and an 
up to date review of the properties and applications of nanocrystalline magnetic 
materials. 

Two preparation methods were used in this study for production of 
nanostuctured materials: grain refinement of cold rolled iron alloys by phase 
transformation in the presence of nitrogen and reactive sputtering of 
nanocrystalline materials. The properties of these materials were investigated 
using a large variety of characterization techniques. An extensive description of 
the experimental methodology is presented in Chapter 2. Specific for the work 
presented in this thesis is the use of materials with iron (Fe) and nitrogen (N) as 
the main constituents. 

The reduction of the size of the grains to the nanometer range can be 
obtained by modification of the microstructure by repeated phase transitions at 
low temperatures. For bcc materials (Fe based alloys) a possibility to keep the 
transformation temperature at relatively low values is to use thermo-chemical 
nitriding in an NH3/H2-gaseous mixture and by denitriding in a H2 atmosphere. 
By a nitriding and reduction treatments, transitions between bcc (α-Fe) and fcc 
(γ’-Fe4N) or hcp (ε-FexN, 2 < x < 4) structures can be obtained at temperatures 
as low as 300 ºC. 

Two alloys were used for the grain refinement study: Fe + Ni(4at%) + 
Ti(2at%) and Fe + Ni(4at%) + Cr(3at%). During nitriding Ti and Cr form TiN 
and CrN precipitates, respectively. These precipitates can act as nucleation 
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centers for the Fe nitrides to be formed in the following steps or, when formed at 
grain boundaries, they can inhibit the grain growth. The Ni has a role in 
improving the mechanical properties of the Fe nitride phases. 

An extended study of precipitate formation, based on Transmission 
Electron Microscopy (TEM) and X-ray Diffraction (XRD) methods, is presented 
in Chapter 3. It is shown that after α-nitriding (NH3/H2 = 1/3) at temperatures T 
≥ 300 ºC of a FeNiTi alloy and at T ≥ 400 ºC of a FeNiCr alloy, thin (Ti/Cr)N 
precipitates are formed with a thickness of the order of one lattice parameter. 
These platelets are coherent with the {100} matrix planes. Due to the misfit 
between the precipitates and the matrix lattices, a dilation of the matrix occurs 
and nitrogen is absorbed in excess of the amount corresponding to the formation 
of stoichiometric TiN and CrN precipitates. Below 500 ºC the TiN precipitates 
form a fine dispersion, stable against ripening at these temperatures. The 
precipitates grow in size when the sample is heated to temperatures of 500 ºC or 
higher. The CrN precipitates start to be formed at 400 ºC. As the time or the 
temperature of the treatment increases, the small coherent CrN precipitates are 
dissolved and large precipitates are formed at the grain boundaries. In Chapter 4 
it is discussed how these precipitates influence the phase transformations. 

The grain refinement effect is studied in Chapter 4. Here it is shown that 
grain refinement and grain reorientation take place after α↔ε transformations in 
the FeNiCr alloy at 400 ºC. The presence of the continuously transforming CrN 
precipitates promotes the texture reduction. By increasing the number of cycles, 
a progressive grain refinement and reduction of the texture were obtained. The 
α↔γ’ transformation does not produce significant grain reorientation in both Cr 
and Ti containing alloys. 

At low temperatures (≤ 400 ºC) the coherent TiN precipitates can be 
regarded as anchors of the initial texture, i.e. during an α↔γ’ phase 
transformation the formation of grains with new orientations is prevented. The 
same TiN precipitates retard the formation of the ε-phase in a α↔ε 
transformation at 400 ºC, stabilizing the γ’-phase and preventing the change of 
the texture. 

At 500 ºC, the diffusion of Ti and Fe atoms becomes significant and 
helps the strain relief in the material. The strain relief is required for phase 
transformations and leads probably to a reorientation of precipitates. 
Consequently, the diffusion diminishes the anchoring effect of precipitates 
leading to an important reduction of the texture. 

The materials obtained by cold rolling and repeated phase 
transformations did not show the desired soft magnetic properties due to the fact 
that the average grain size obtained was the order of 100 nm, which is still larger 
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Fig. 8.1. Fe bcc lattice with an N filled octahedron (left). The N atom produces an 
asymmetry in the z direction. The tetragonal stress created by the uniaxial anisotropy is 
accommodated in a nanocrystalline material by a cubic expansion. 

 
than the limit imposed by the random anisotropy model. The method can be 
successfully used for obtaining ultra-fine-grain structures in a surface layer of a 
few micrometers. Such a surface layer can exhibit interesting mechanical 
properties like increased yield strength, or improvement of the fracture 
resistance. 

The second part of this thesis is dedicated to the study of the 
nanostructure and magnetic properties of sputtered Fe-Zr-N and Fe-Co-Ta-N 
thin films. In Chapter 5 a method is described for fine tuning the structural and 
magnetic properties of sputtered films. 

Fe-Zr-N films were obtained in an as-deposited nanocrystalline state by 
sputtering Fe-rich alloys in a reactive atmosphere (Ar + N2). The desired 
anisotropy was created by a bias magnetic field applied during deposition. The N 
content and the gain size were controlled by varying the Ar/N2 ratio and/or the 
substrate temperature. In order to improve the magnetic properties, the samples 
were heated (up to 250 ºC) in a magnetic field in a number of cases. 

TEM observations and XRD line broadening confirmed the 
nanocrystalline nature of the films. Cross-section TEM pictures showed that the 
films present a columnar structure normal to the plane of the film (parallel to the 
deposition direction). Films thinner than 200 nm show excellent soft magnetic 
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properties. The coercive field in the easy axis direction and the anisotropy field 
were determined as a function of the N concentration (Chapter 5). 

The origin of the induced anisotropy is studied in Chapter 6. Nitrogen is 
the key component of the Fe-M-N thin films for obtaining excellent soft 
magnetic properties. In order to preserve relatively high values of the saturation 
magnetization MS the films should be composed mainly of an Fe-rich bcc phase 
with N dissolved interstitially. We have found a linear increase of the induced 
uniaxial anisotropy with the interstitial nitrogen content in the sputtered Fe-Zr-N 
films. The induced uniaxial magnetic anisotropy in N-containing materials 
appears as a result of the uniaxial symmetry of the N-filled octahedra (Fig. 8.1). 
In each grain N atoms occupy octahedra oriented in the same crystallographic 
<100> direction. The preferred direction is the one that makes the smallest angle 
with the applied external field during deposition. The anisotropy energy of the 
film is obtained by adding the contributions of all the grains (see Fig. 8.1). The 
magnitude of the macroscopic induced anisotropy suggests that in each grain all 
N atoms contribute to the induced anisotropy. Such a preferred distribution of 
the occupancy of the interstitial octahedra usually produces a tetragonal 
distortion of the grains in polycrystalline materials. Due to the small size of the 
grains in nanocrystalline alloys the driving force for the cubic to tetragonal 
transition is too small to produce the phase transformation. Thus, in 
nanocrystalline materials preferred distributions of N atoms can be realized 
without producing a tetragonal distortion. As a result of the dissolution of N the 
lattice is uniformly dilated. Therefore, redirection of the induced anisotropy can 
be easily obtained at relatively low temperatures (< 200 ºC). The proportionality 
between the N content and the induced uniaxial magnetic anisotropy offers a 
modality of fine-tuning the soft magnetic properties of nanocrystalline Fe-Zr-N 
films. The films with an induced anisotropy in excess of 25 Oe present a 
constant value of the permeability up to 1.8 GHz. 

The optimum deposition temperature for the Fe-Co-Ta-N films was 
found to be -10 ºC. Films produced at this temperature present a saturation 
induction of 17 kG, an anisotropy field of 48 Oe and a FMR frequency of 2.5 
GHz. 

A film can be used as a magnetic flux amplifier in ultra-high frequency 
applications if it has a simple magnetic domain structure, with the magnetization 
in any point of the film oriented in the same direction. Often the magnetic 
domain structure in thin films is far from such a simple situation. Due to 
magnetoelastic anisotropy, microshape anisotropy and/or magnetocrystalline 
anisotropy complicated magnetic domain structures can appear with a negative 
influence on the soft magnetic behavior of the film. Therefore, determination of 
magnetostriction and stress is very important in the process of optimizing the 
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performance of such devices. The magnetostriction and stresses were determined 
using the curvature-measuring device described in Chapter 2. The 
magnetostriction of the Fe-Zr-N and Fe-Co-Ta-N films is positive and has 
practically the same value in the two materials when the nitrogen content is of 
the order of 15 at%. Stress measurements show that all sputtered films are under 
a state of compressive biaxial stress with a magnitude in the 300 to 600 MPa 
range. We found no systematic correspondence between the magnitude of the 
stress and the deposition parameters. The magnitude of the magnetoelastic 
anisotropy energy estimated from magnetostriction and stress measurements 
indicates that the perpendicular anisotropy visible in magnetic measurements 
cannot be entirely due to the stress state of the film. The perpendicular 
anisotropy can be augmented by the columnar structure found in the films if 
these columns have a reduced magnetic coupling. Such a reduction of the 
coupling can be caused by inter-columnar voids or inter-columnar material with 
different magnetic properties. 

To conclude one can say that we have developed materials with 
excellent properties for applications of the future. The phase transformation 
technique based on a new and original method for microstructure refinement can 
contribute to the development of new coating layers with very attractive 
properties. The sputtered layers have the potential to contribute to an important 
reduction of the linear dimensions of a coil in an integrated circuit while such a 
coil can function over the frequency range used by mobile communications (≤ 2 
GHz). The synthesis of these layers is based also on an original procedure. For 
the first time the deposition temperature was used to control the structure and 
properties of films for ultra-high frequency applications. The films, which 
present the highest value for the uniaxial magnetic anisotropy, have at the same 
time a remarkable nanostructure and composition. They are composed from 
nanocrystalline bcc iron grains containing an unusual large concentration of the 
nitrogen atoms dissolved in the octahedral interstices of the lattice (up to 17 
at%). The theoretical achievements of this thesis consist in the explanation of the 
origin of the induced uniaxial magnetic anisotropy by interstitial nitrogen atoms 
over the whole range of nitrogen concentration (up to 17 at%) and the 
explanation of the effect of the induced anisotropy on the nanocrystalline grains. 

The important application of the soft magnetic films as materials for 
ultra-high frequency devices requires some further considerations. The best 
films resulted from the work described in this thesis have a limited value of the 
induced uniaxial anisotropy and consequently, an upper limit for the frequency 
range. As described in Chapter 6 and 7 this limit has an intrinsic character, i.e. it 
has the maximum value that can be obtained in the film when the source of the 
induced anisotropy is the particular distribution of interstitial nitrogen atoms. 
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Therefore, if higher operation frequencies are required for other types of 
applications, other sources of anisotropy may be used. An immediate solution 
can be found in the films with perpendicular anisotropy. It is easy to see that in 
such films the perpendicular anisotropy can play the role of the uniaxial 
anisotropy required for the high-frequency permeability. The magnitude of this 
anisotropy can be as large as 400 Oe or more and for a saturation magnetization 
of 18 kG the value of the ferromagnetic resonance frequency would be pushed 
above 7.5 GHz. However, such films are expected to have closure domains at 
the surface. The fraction of the layer with closure domains will not have a proper 
high-frequency response. This fact has consequences for the response of the 
layer as a whole.  

Recently it was demonstrated that very high uniaxial anisotropy can be 
obtained in films with inclined columnar structure [Mun02]. In such films 
anisotropy values as high as 600 Oe were reported. The deposition on tilted 
substrates would offer another solution for producing films with the desired 
high-frequency characteristics. If such a material is made with a saturation 
magnetization of 20 kG, the high frequency limit would be about 10 GHz. Such 
a material has not been prepared yet. 
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Samenvatting 
 

 
Gedurende de afgelopen 15 jaar hebben dunne films van magnetische, 
nanokristallijne metaallegeringen steeds meer toepassing gevonden op 
verscheiden industriële terreinen. Dit is te danken aan hun unieke magnetische 
eigenschappen die kunnen worden verklaard uit hun microstructuur. 
Tegenwoordig gaat de aandacht sterk uit naar Fe-M-N (M= Ta, Zr, Al, Ti…) 
systemen vanwege hun hoge verzadigingsmagnetisatie, uitstekende magnetische 
zachtheid plus een redelijke corrosieweerstand. Deze materialen kunnen met 
succes worden ingezet om conventionele zacht-magnetische materialen te 
vervangen bij toepassingen in het MHz frequentiebereik en ze kunnen de basis 
vormen voor uitbreiding van het frequentiebereik naar het GHz gebied. Zachte 
magnetische materialen worden toegepast in schrijfkoppen voor magnetische 
recording van bijvoorbeeld data en als zachte onderlagen in media voor 
magnetische recording, als magnetische kernen in GHz inductoren en microstrip 
toepassingen, als absorberend materiaal voor microgolven. Een andere voorziene 
toepassing is materiaal voor kernen van inductoren, zo als die bijvoorbeeld 
worden gebruikt in mobiele telefonen. Op dit moment werken “mobiles” bij een 
frequentie van 900 MHz en 1.9 GHz. In al deze toepassingen worden de 
magnetische lagen gebruikt om de magnetische flux te geleiden. In Hoofdstuk 1 
wordt een “up-to-date” overzicht van de eigenschappen en de toepassingen van 
stikstof bevattende zacht-magnetische materialen gepresenteerd. 

De doelstellingen van het onderzoek dat ten grondslag ligt aan dit 
proefschrift zijn de synthese, alsmede het begrijpen van de correlatie tussen de 
structuur en de magnetische eigenschappen, van nieuwe materialen voor 
hoogfrequent (HF) toepassingen. Voor dat doel zijn twee productiemethoden en 
een groot aantal analysetechnieken gebruikt. Deze worden uitvoerig in 
hoofdstuk 2 besproken. 

De belangrijkste eisen voor zacht magnetisch materiaal zijn een laag 
coërcitief veld (HC) en een hoge magnetische permeabiliteit (µr) voor het gehele 
frequentie-interval van belang voor de beoogde toepassing. Daarnaast moet het 
materiaal een redelijk hoge specifieke elektrische weerstand hebben om 
wervelstromen te verminderen, een zeer kleine magnetostrictie en ook geschikte 
mechanische eigenschappen. 

Om een lage coerciviteit te krijgen moet het filmmateriaal polikristallijn 
zijn met een kristallietgrootte van minder dan 35 nm. De korrels moeten 
gekoppeld zijn via de magnetische “exchange” interactie en de aanwezigheid 
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van een goed gedefinieerde uni-axiale anisotropierichting in het vlak van de laag 
is een vereiste. Als al deze eisen gerealiseerd zijn, zal de ferromagnetische film 
een goed gedefinieerd domein patroon hebben met de magnetisatie, in 
afwezigheid van een extern magnetisch veld, in het grootste deel van de 
domeinen parallel of anti-parallel aan de richting van de anisotropie-as. De 
hysteresislus zal rechthoekig zijn in de gemakkelijke richting (domein grens 
beweging) en een rechte schuine lijn in de harde richting (spin rotatie). Wanneer 
een extern HF magneetveld wordt aangelegd loodrecht op de gemakkelijke 
richting, oscilleert de magnetisatie met het veld. In dit geval wordt de 
permeabiliteit gegeven door de verhouding tussen de verzadigingsmagnetisatie 
(MS) en het anisotropie veld (HK). Voor dunne films, waar de wervelstroom 
verliezen verwaarloosd kunnen worden, kan deze waarde gehandhaafd worden 
tot aan de ferromagnetische resonantie (FMR) frequentie die evenredig is met 
(MSHK)1/2. Om deze grens tot in het GHz gebied te leggen zijn films met een 
verzadigingsinductie µ0MS groter dan 15 kG en een éénassig anisotropieveld van 
10-50 Oe gewenst. 

In dit onderzoek zijn twee bereidingmethoden gebruikt voor de 
productie van nanogestructureerde materialen: verkleining van de korrelgrootte 
van koud gewalst Fe gedurende fasetransformatie in de aanwezigheid van N en 
als opgedampte kristallijne materialen verkregen door sputteren. Kenmerkend 
voor het werk dat in dit proefschrift wordt gepresenteerd is de toepassing van 
materialen met ijzer (Fe) en stikstof (N) als de voornaamste ingrediënten. 

De vermindering van de afmeting van de korrels tot in het nanometer 
bereik kan worden verkregen door de verandering van de microstructuur bij 
herhaalde fasedoorgangen bij lage temperaturen (300-400 ºC). Voor Fe en 
verdunde Fe legeringen bestaat de mogelijkheid om de transformatie-
temperatuur betrekkelijk laag te houden door toepassing van thermochemisch 
nitreren in een NH3/H2 gasmengsel en door reductie in een H2 atmosfeer. Bij een 
nitreer en/of reductie behandeling kunnen overgangen tussen bcc (α-Fe) en fcc 
(γ’-Fe4N) of hcp (ε-FexN, 2 < x < 4) structuren worden verkregen vanaf 300 ºC. 

Twee legeringen werden gebruikt voor de eerste deel van het onderzoek: 
Fe + Ni(4at%) + Ti(2at%) en Fe + Ni(4at%) + Cr(3at%). Tijdens het nitreren 
vormen Ti en Cr kleine precipitaten van TiN en respectievelijk CrN. Deze 
precipitaten kunnen zich gedragen als nucleatie centra voor de Fe nitrides die in 
de volgende stappen gevormd worden. Als ze bij de korrelgrenzen worden 
gevormd kunnen ze de korrelgroei belemmeren. Het Ni speelt een rol bij de 
verbetering van de mechanische eigenschappen van de Fe nitride fases. 

Een uitgebreide studie van het precipitatieproces, gebaseerd op 
Transmissie Elektronen Microscopie (TEM) en X-ray Diffractie (XRD) 
methoden, wordt gepresenteerd in Hoofdstuk 3. Wij vonden in dit werk dat na α-
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nitreren (NH3/H2 = 1/3) bij temperaturen T ≥ 300 ºC van een FeNiTi legering, en 
bij T ≥ 400 ºC van een FeNiCr legering, dunne (Ti/Cr)N precipitaten worden 
gevormd met een dikte in de orde van één roosterparameter. Deze plaatjes zijn 
coherent met de {100} vlakken van het Fe. Ten gevolge van de misfit tussen de 
precipitaten en het rooster van het Fe treedt een expansie van het Fe rooster op 
en wordt meer N geabsorbeerd dan corresponderend met de hoeveelheid nodig 
voor het vormen van TiN of CrN. Beneden 500 ºC vormen de TiN precipitaten 
een fijne dispersie. Bij deze temperaturen neemt de grootte van de gevormde 
precipitaten niet verder toe. De precipitaten worden groter als ze bij of boven 
500 ºC worden gevormd. De CrN precipitaten worden gevormd bij temperaturen 
hoger dan 400 ºC. Als de tijd of de temperatuur van de behandeling toeneemt 
lossen de kleine coherente CrN precipitaten op en worden grotere precipitaten 
gevormd aan de korrelgrenzen. In Hoofdstuk 4 wordt besproken hoe deze 
precipitaten de vorming/reductie van de Fe nitrides beïnvloeden. 

De verfijning van de korrelgrootte is bestudeerd in Hoofdstuk 4. Hier 
wordt aangetoond dat korrelverfijning en korrelheroriëntatie plaatsvinden na 
α↔ε transformaties in FeNiCr legeringen bij 400 ºC. De aanwezigheid van de 
voortdurend veranderende CrN precipitaten bevordert de textuur vermindering. 
Door het toepassen van meerdere fase-overgangs-cycli werden een sterke 
korrelverfijning en vermindering van de textuur verkregen. De α↔γ’ 
transformatie produceert geen noemenswaardige heroriëntatie van de korrels in 
zowel Cr als Ti bevattende legeringen. 

De coherente TiN precipitaten kunnen bij lage temperaturen (≤ 400 ºC) 
beschouwd worden als ankers van de initiële textuur. Bijvoorbeeld tijdens een 
α↔γ’ fasetransformatie wordt de vorming van korrels met een nieuwe oriëntatie 
verhinderd. Dezelfde TiN precipitaten vertragen de vorming van de ε-fase in een 
α↔ε transformatie bij 400 ºC; de γ’-fase wordt gestabiliseerd en veranderingen 
van de structuur wordt tegengaan. 

Bij 500 ºC wordt de diffusie van Ti en Fe atomen aanzienlijk. Dit draagt 
bij tot het verminderen van de spanningen in het materiaal. Een dergelijke 
vermindering is nodig voor de fasetransformaties. Door de diffusie treedt 
waarschijnlijk een heroriëntatie van de precipitaten op. Dus de diffusie 
vermindert het ankereffect van de precipitaten. Dit leidt tot een belangrijke 
vermindering van de textuur. 

De materialen verkregen door herhaalde fasetransformatie toonden niet 
de gewenste zachte magnetische eigenschappen ten gevolge van het feit dat de 
gemiddelde verkregen korrelgrootte in de orde van 100 nm was, en dus groter 
dan de 35 nm limiet voorspeld door het random anisotropie model. De methode 
kan echter met succes gebruikt worden voor het verkrijgen van ultrafijne 
korrelstructuren in een oppervlaktelaag van enkele micrometers in Fe 
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legeringen. Zo’n oppervlaktelaag kan interessante mechanische eigenschappen 
vertonen zoals een verhoogde sterkte of een verbeterde weerstand tegen 
scheurvorming. 

 

Fig. 1. Schematische tekening van het sputterapparaat. 
 
Het tweede deel van dit proefschrift is gewijd aan de studie van de 

nanostructuur en magnetische eigenschappen van dunne lagen van gesputterd 
Fe-Zr-N en Fe-Co-Ta-N. In Hoofdstuk 5 is een methode beschreven voor het 
optimaliseren van de structurele en magnetische eigenschappen van de 
gesputterde lagen. De oorsprong van de magnetische anisotropie in de Fe-Zr-N 
en Fe-Co-Ta-N lagen is beschreven in Hoofdstuk 6. 

Lagen van Fe-Zr-N werden verkregen in een nanokristallijne toestand 
door het sputteren van een Fe-rijke legering in een reactive atmosfeer (Ar + N2). 
De gewenste anisotropie werd verkregen door het aanleggen van een 
magneetveld in een bepaalde richting tijdens de groei (Fig. 1). Het gehalte aan N 
en de korrelgrootte konden worden gecontroleerd door de Ar/N2 verhouding 
en/of de temperatuur van het substraat. Om de magnetische eigenschappen van 
de lagen verder te verbeteren werden soms de lagen verhit (tot 200 ºC) in een 
magnetisch veld. 

Het nanokristallijne karakter van de lagen werd bevestigd door TEM 
observaties en XRD lijnverbreding. Beelden van dwarsdoorsneden tonen dat de 
films een kolomstructuur hebben, met de kolommen loodrecht op het oppervlak 
van de film (parallel aan de depositie richting). Positron annihilatie metingen 
tonen het bestaan aan van kleine holle ruimtes tussen de kolommen. Deze 
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ruimtes en het materiaal tussen de korrels verkleinen de magnetische koppeling 
tussen de korrels en veroorzaken een loodrechte anisotropie. De invloed van de 
loodrechte anisotropie wordt belangrijk voor lagen met een dikte groter dan 200 
nm, resulterend in de transformatie van het zachte magnetisch gedrag in een 
“stripe domain” gedrag. De films die dunner zijn dan 200 nm vertonen 
uitstekende magnetische eigenschappen. Als functie van het N gehalte, werden 
de verzadigingsmagnetisatie, het coërcitief veld en het anisotropie veld gemeten 
(Hoofdstuk 5). 

De oorsprong van de geïnduceerde anisotropie is in Hoofdstuk 6 
bestudeerd. Stikstof is cruciaal voor het verkrijgen van de gewenste zachte 
magnetische eigenschappen in dunne Fe-M-N films. Om de in verhouding hoge 
waarde van de verzadigingsmagnetisatie te behouden moeten de films 
voornamelijk bestaan uit Fe in de bcc fase, met daarin opgelost atomair N. We 
vonden een lineaire relatie tussen de induceerde uni-axiale anisotropie en het 
gehalte aan opgelost N in de gesputterde Fe-Zr-N lagen. 

De geïnduceerde uni-axiale magnetische anisotropie in materialen die N 
bevatten komt voort uit de uni-axiale symmetrie van de met N gevulde octaëders 
(Fig. 2). In iedere korrel bezetten N atomen octaëders die georiënteerd zijn in 
dezelfde <100> richting. De voorkeursrichtings die welke de kleinste hoek 
maakt met het aangelegde externe magneetveld gedurende de depositie. The 
anisotropie-energie van de film wordt verkregen door de bijdragen van alle 
korrels op te tellen (Fig. 2). De grootte van het macroscopisch geïnduceerde 
anisotropieveld doet vermoeden dat in iedere korrel alle N atomen bijdragen aan 
de geïnduceerde anisotropie. Een dergelijke voorkeursverdeling van de bezetting 
van de interstitiele octaëders veroorzaakt gewoonlijk in polykristallijne 
materialen een tetragonale roostervervorming in de korrels. Vanwege de kleine 
afmetingen van de korrels in nano-kristallijne legeringen is de drijvende kracht 
voor deze overgang van een kubisch naar een tetragonaal rooster te klein om de 
overgang tot stand te brengen. Dus kunnen in nano-kristallijne materialen de 
voorkeursposities door N atomen worden ingenomen zonder dat er tetragonale 
vervorming optreedt. Dit is de reden dat een heroriëntatie van de magnetische 
anisotropie al bij relatief lage temperaturen (<200 ºC) kan worden gerealiseerd. 

De evenredigheid tussen het N gehalte en de geïnduceerde uniaxiale 
magnetische anisotropie biedt een mogelijkheid voor fijneafstemming van de 
zachte magnetische eigenschappen van Fe-Zr-N lagen. Lagen met een 
geïnduceerde anisotropie groter dan 25 Oe geven een constante waarde van de 
permeabiliteit tot 1.8 GHz. De optimale depositietemperatuur voor de Fe-Co-Ta-
N films was -10 oC. Films die bij deze temperatuur geproduceerd worden 
vertonen een verzadigingsinductie van 18 kG, een anisotropieveld van 48 Oe en 
een FMR frequentie van 2.5 GHz. 
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Fig. 2. Fe bcc rooster met een N atoom in een octaëder (links). Het N atoom veroorzaakt 
een asymmetrie in de z richting. Deze anisotropie leidt in het geval van het 
nanokristallijne Fe niet tot een uitzetting van het rooster in de z richting, zoals wel het 
geval is bij gewoon polkristallijn materiaal. 

 
Om de zeer goede eigenschappen van de verkregen lagen beter te 

begrijpen werd de invloed van de restspanning in de films onderzoekt. Deze 
invloed is klein als de magnetostrictie laag is. De afhankelijkheid van de 
magnetostrictie van de samenstelling wordt in Hoofdstuk 7 behandeld. Een 
kwantitatieve bepaling van de magnetostrictie werd uitgevoerd met een zeer 
gevoelig meetapparaat gebaseerd op een hefboomprincipe, zoals ook wordt 
toegepast in scanningmicroscopie. De geproduceerde films vertoonden een 
betrekkelijk kleine magnetostrictie en een compressieve spanning. De 
combinatie van deze eigenschappen leidt tot een magnetische anisotropie 
loodrecht op de laag. Het blijkt dat de loodrechte anisotropie, die we voor enkele 
lagen hebben gemeten, voornamelijk door deze spanning kun worden verklaard. 
Zoals als opgemerkt draagt de kolomstructuur ook bij deze anisotropie. Dit alles 
betekent dat de geproduceerde lagen dunner dan 200 nm moeten zijn. Voor 
dikkere lagen zijn de gunstige hoogfrequent eigenschappen verloren door een 
verandering in de magnetische domeinstructuur ten gevolge van de loodrechte 
anisotropie. Waneer dikke lagen zijn gewenst dan moeten deze worden 
werkregen door stapels van magnetische, en niet-magnetische lagen. 
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Concluderend kan worden gesteld dat we materialen hebben ontwikkeld 
met uitstekende eigenschappen voor toekomstige toepassingen. De relatie tussen 
de structuur en de magnetische eigenschappen kan goed worden begrepen met 
de gepresenteerde modellen. De hier ontwikkelde techniek voor het reduceren 
van de korrelgrootte via faseovergangen kan van belang zijn voor de 
ontwikkeling van nieuwe coatinglagen met zeer aantrekkelijke eigenschappen. 
De gesputterde lagen hebben de potentie om bij te dragen aan het terugbrengen 
van de afmetingen van spoeltjes in “integrated circuits” met een factor honderd 
(tot in het micrometerbereik) terwijl een dergelijk spoeltje kan functioneren in 
een zeer breed frequentiebereik. Ook zijn de ontwikkelde lagen wan belang voor 
de reeds genoemde schrijfkoppen en als zachte onderlaag in recording media die 
zelf een hogere coërciviteit hebben. 
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